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sSummary

The ageing response of wrought single phase aluminium bronze alloys
containing additions of cobalt up to 1% is assessed for use as a
bolting material by mechanical tests, microstructural examination, and
constant strain rate stress corrosion trials. The dependence of
mechanical properties on cobalt concentration, degree of ageing and
level of cold work is established. The presence of a precipitation
hardening mechanism is identified. The hardening phase in the final
stages of the precipitation sequence is shown to be a compound based
on CoAl having an orientation with respect to the matrix of [Toi] m|'
[iil] ppts (111) ml (Ilo)p t+ A susceptibility to stress corrosion
cracking is established for the alloy system. Two basic mechanisms
are identified 1) A strain-generated active path mechanism for
solutions of pH=12 and 2) a pre-existing active path mechanism for a
sea water environment. The susceptibility to stress corrosion cracking
in seawater is shown to depend on the metallurgical condition of the
alloy.
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INTRODUCTTON

1.1 Material Requirements for Fasteners in a Marim
Environment :

The particular material properties required for fasteners have

(1)

been summarised as adequate proof stress (= 400 N/mm2) and
ductility (= 15%), good general corrosion performance, galvanic

compatibility with the materials to Be joined and immunity to

stress corrosion cracking.

Copper has been traditionally used for marine applications in
the wrought form since the mid-eighteenth century when it was
employed to sheath ships bottoms to reduce marine fouling (2)
and the ravages of wood borers. However, with advances in
marine engineering concepts there have been increased require-
ments for higher strength levels, which have invited the
development of alloys having improved specific properties for
particular design requirements. The tendency has been for these
alloys to be based on copper because of the inherent advantages
of bio-fouling deterrance and corrosion resistance. A summary
of the mechanical properties and corrosion performance of some
of the wrought alloys currently available for selection is given
in Table 1. However, the mechanical properties tested are only
useful as a guide, since these values for cold drawn products
are influenced both by the degree of cold work and bar stock
size. Also the corrosion data presented are an average for the
generic type and not specifically related to the particular

composition quoted.

Reference to Table 1 indicates that commercially pure copper
although generally regarded as having good corrosion behaviour

is restricted to applications involving slow water speed because

11
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TABLE | = MECEANICAL PROPERTIES OF WROUGHT COPPER ALIOY

PROOF STRESS CORROSION SEF CREVICE IMPINGEMENT SELECTIV
ALLOY NORTNAL COMPOITION | SPECIFICATION | 5o 0.1% n.m’nmw rorevtiaL | corRosiow | corncsio | mmsistasce | CORC | Pt
N2 = SCE UTEAR MUTEAR M/3EC CORROSIC
Phosthorus Deoxldised Copper Cu 99.9, P0.02 BS2870, C106 238 L6 58 - 210 038 0.025 1.8 NO )
339 3160 15+
Admiralty Brass cu7i, 8ai, BS2871, CZ111 | 3™ 154 &0 - 210 .050 0.05 341 TES N
Zn Rem 585+ 51 10
HT Brass Cu 66, Fe 1, Hn 1, | BS28B7L, C2116 | 72 62 15 - 280 .18 3.8 2.6 YiS i
Al 445, Zn Rem
Phosphor 3ronze sn 5, P0.03, BS2870, PB102 | 33 123 66 - 200 05 0,05 - NO NO
Cu Rem B82674, PB102 570 508= 1
7% Alueinium Bronze Cu9i, Al 7, Bg2871, CA102 | 508 239 30 - 200 05 0,05 b3 N F
Fe 2 :
9% Alusinium Bronze Al 9.2, Fe 2, BE2872, CA103 | 554 amn 2 - 220 .06 0.08 Leb TES 13
CuRem BS26874L, CA103 | 655 385 16
Al 81 Bronze Al 6.5, 81 2, ASTM B12Y 554 21 38 - 190 <06 0.08 24 NO o)
Fe 0,8, Cu Rem Alloy 11a 655+ 370 25
Complex Aluminium Bronze Al 9.5,N1 5, Fe 5, | BS28B72, CA104 | 654 o2 15 - 190 06 0.51 La3 N x©
Mn 0.5, Cu Rem gTe 50 e
90/ 10 Cupro Nickel Hi 10, Fe 1.5, Bg2BM, CN102 | 323 108 45 - 200 «04 0.04 3.7 N0 | o)
Mn 0.8, Ce Rem L16s 362e 16+
79/30 Cupro Nickel N1 31, Mn 1, Pe 0.8, Bg2871, CN107 | 310 131 16 - 180 0,025 0,025 16 o »
Cu Rem KT 2k 17
Complex Cupro Kickel N1 13.5, Mn 3.5, Commercial 76 430 2 - 190 0,025 0.025 3.2 TES = 4
Al 1,0, Fe 0,7, Specification
Cu Rem e} Hard or as Relled | |




of low impingement resistance. Copper is also limited in use
as an engineering material by inadequate mechanical properties

even when cold drawn.

The brasses have improved tensile properties compared to copper
and have been used as a fastener material. However, they are
not now considered suitable for shipboard applications because
of their poor corrosion performance.' The single phase alloy
(BS 2871, CZ1lll) is susceptible to dezincification,(a} and
although additions of arsenic have been shown to be beneficial

(4,5)

in this respect, concentrations of this element in excess
of 0.03 wt % increase the susceptibility of the alloy to stress
corrosion. The high tensile brass (BS 2874 CZ116) with an a+ 8
duplex structure gives a further order of improvement in

mechanical properties and is more readily hot worked, but there

is increased tendency for dezincification of the beta phase.(a}

The tin bronze alloys, an example being BS 2874, PB102, have good
corrosion resistance and comparable mechanical properties in the
cold worked state to high tensile brass. Their hot workability
is, however, poor, (7) a particular disadvantage in the manufac-
ture of bolts where hot-heading is often used in the production
cyclé to decrease the amount of machining required for larger
bolts where cold heading is limited by press capacity. However,
since the tin bronzes are mainly strengthened by cold work, hot-
heading would not be desirable because of the accompanying

reduction in mechanical properties.

Alloys based on the copper-nickel system encompass a wide range
of mechanical properties dependent on composition. A critical
iron addition, related to the nickel content, is made to the

(8)

binary alloys to improve impingement resistance . The general

i3



corrosion resistance of these alloys (BS 2871, CN102 & CN1O7) is
considered good, however, if the iron level exceeds Lhe maximum
specified and is precipitated from solid solution, then pitting
corrosion can occur (2 . For higher strength applications, such
as that required for fasteners, additional components are added
to the basic binary system to give precipitation hardening or
spinodal decomposition. Unfortunateiy the major strengthening
additions have been shown to seriously affect hot ductility and
thereby limit hot working operations. Also because of the higher
strength levels these alloys have a lower tolerance to trace

impurities (lOJ.

Because of these limitations in the other alloys currently
available, the aluminium bronzes best meet the needs for a
fastener material in marine applications. This alloy type has
currently replaced brass for naval use, having generally an

improved corrosion resistance with the capacity for hot working.

The corrosion performance of the different alloys has been
discussed in general terms, however, this is not a readily
quantifiable parameter such as mechanical strength. 1In general
the properties of sea water are relatively constant, but water
velocity, stagnation, surface shielding, or alternating periods
of wetting and drying can lead to localised changes in the
environment. Therefore although materials may be listed
according to their resistance to general corrosion by immersion
in clean flowing sea water, these localised environmental effects
can significantly alter a materials performance from that
judged by such immersion trials. Therefore material selection
should be dependent on the particular environmental conditions

envisaged, which tend to be difficult to identify, to obviate

14



the unexpected deterioration of alloys under specific conditions.
A further factor for consideration is galvanic coupling, which
may have either an adverse or beneficial effect on Lh? corrosion
performance stated, a factor which should also be taken into

account when materials selection is being undertaken.

Taking account of these observations .relating to corrosion
behaviour and the additional requirement for improved mechanical
properties, this study concentrates on those factors which
influence the stress corrosion cracking and strengthening of

alloys within the Cu-Al alloy system.

1.2 Theoretical Considerations

2L Strengthening Mechanisms

One of the fundamental properties changed on alloying
copper is the modulus of elasticity (ll). Nickel additions
increase its value whilst Al, Zn, Mn, Si, Ge, In, Mg, As
give rise to a reduction which increases in magnitude in
the order of listing. However, although the modulus is a

(12)

direct function of the atomic bond strength, hardness

and other strength properties are only improved at
temperatures above 0.5 T (13). At room temperature the
order of strengthening additions is In, Mg, As, Mn, Si, Ge,
Al, Ni, Zn and is determined by the type of the solid

solution and the dislocation structure.

In general the effect of alloying on the dislocation
structure may be considered in terms of stacking fault

energy and thereby the equilibrium separation of partial

dislocations. Additions of 7.5 atomic % aluminium to
(14)

copper have been shown to decrease the stacking fault

energy from 700 joules/ln2 to 220 joulus/n12. Since the

31



stacking sequence between extended Shockley partials
represents an intrinsic fault, and may be considered as a
region of hexagonal close packing, the stdckinqlfqult
energy would be expected to decrease in systems where
alloying ultimately results in the formation of hexagonal
electron compounds. A low value of stacking fault energy
is associated with a high rate-of work hardening since

the equilibrium separation of dislocation partials is
increased, which makes cross slip and the formation of jogs
~ more difficult, and increases the size of barriers such as
the sessile Lomar-Cotteral lock. The lowering of the
stacking fault energy of copper by additions of aluminium
has been shown to raise the transition from a low to a

high temperature deformation mechanism from 0.45 T, to

0.68 T,. Also associated with the alloying is the increase
by a factor of 3-4 times of the density of dislocations
which corresponds to an increase in stress of 2-3 times to

achieve an equivalent level of strain.

In addition to the change in dislocation structure,
hardening may also result from alloying by interaction
between solute atoms and dislocations. Two basic types can
occur, 1) locking of stationary dislocations characterised
by the presence of a pronounced yield point and 2) dis-
location friction in which solute atoms interact with
moving dislocations and effectively shift the stress/strain
curve to higher values of stress. Some of the mechanisms

proposed to give a pronounced yield point are:-

ll'
A% Chemical Locking >

Intrinsic stacking faults in face centred cubic crystals

are considered as regions of hexagonal close packing in

18



which there may be a difference in solubility of the
solute. If the solute segregates to the fault this

may result in an increase in the width of the fault
making dislocation interactions more difficult. The
segregation also necessitates an additional force to
unpin dislocations. This force is dependent on the
solute concentration but independent of the temperature

below that at which solute atom mobility is significant.

b. Elastic Locking {38}

Strengthening can also result from the localised

elastic distortion associated with dislocations
providing energetically favourable sites for solute atoms.
This results from relief of the strain energy associated
with defects such as dislocations, by suitable arrange-
ments of solute atoms in the lattice, which is dependent
on the relative size ratio of the solvent-solute atoms.
The elastic interaction energy is greater for edge
dislocations which have a hydrostatic component to their
stress field associated with the dilation of the matrix.
Since solute atoms do not interact strongly with screw

dislocations cross slip may still be possible.

The stress required to free the dislocation from the
atmosphere of solute atoms is dependent on the misfit
parameter and independent of temperature except in the
special instance where interstitial atoms condense

along dislocation cores.

(17)

Ca Stress Induced Order Locking

The directionality of forces exerted by a dislocation

may result in local ordering of the lattice.

17



Strengthening is therefore achieved since dislocation
motion will necessarily disorder the lattice. The
effect is related quadratically to concentration of

solute, and is independent of temperature.

d. Electrostatic Locking k581

It is also proposed that the, dislocation core has an
effective negative charge which can interact with solute
atoms of valency differing from the solvent. However,
the interaction energy associated with this mechanism is
egtimated as low and only approximately one fifth of

that associated with elastic locking.

The mechanisms that are reported to give a shift in the stress-

strain curve are:-

(19)

a. Mean Internal Stress Theory

If solute atoms give rise to a misfit with the matrix a
stress field will be generated around those atoms which
will offer resistance to moving dislocations. The effect
is, however, dependent on the concentration and
associated degree of dispersion and when the distance
between neighbouring stress centres is less than the
minimum curvature of the dislocation, long range forces
will cancel out and the degree of strengthening will be

diminished.

It has been further suggested (20 that dislocation

motion is not only retarded by a factor dependent on the
misfit but that there is an additive force governed by
the difference in elastic modulus between the solute and

solvent. In such instances the frictional stress is

18



dependent on the square root of the concentration.

(21)

D Local Order Friction

A non-ideal solid solution may either favour short range
ordering or clustering. 1In both instances the movement
of dislocations will break these preferred bonds.  This
frictional stress is independent of temperature and
shows a quadratic dependence on concentration for dilute

alloys.

Strengthening can also be realised by annealing cold-
worked substitutional solid solutions below the recry-

stallisation temperature. This effect termed anneal

(22) (23)

hardening has been observed in Cu/Zn and Cu/Al

alloys. It has also been shown (ad) that a greater
strengthening effect is obtained for the yield stress
than the 0.2% proof stress. Hardening by this mechanism
has been reported as proceeding by two distinct stages
both for isochronal and isothermal annealing {25). The
first stage occurring either at lower temperature or
shorter annealing times was found to be unstable at room
temperature (26]. The elastic modulus was also observed
to increase following such a treatment indicating that
processes other than dislocation recovery and recrystal-
lisation contribute to the hardening process.
Differential thermal analysis of a primary Cu/Al solid
solution (27) has identified four effects upon heating
cold-rolled specimens 1) a weak exothermic peak below
lOOOC, 2) a large exothermic peak at 2500C, 3) an
endothermic peak at 325°C and 4) an exothermic peak

above 350°C. These results were respectively attributed

to 1) ordering by vacancy diffusion, 2) local ordering
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and recovery, 3) disordering and 4) recrystallisation.

Structural information on anneal hardening has been
obtained from changes observed in the short range order
(28) 1
parameter . From this information it has been
concluded that regions of high short range order are
associlated with lattice defects whereas the defect free
lattice has a lower short range order. This ordering
effect has been observed by transmission microscopy

studies (29}.

It is proposed (36} that the processes that could lead

to clustering and short range ordering effects associated

with defects and thereby hardening are:-

1) Vacancy annihilation, although the contribution of
this process appears to be small.

2)  Solute clustering at dislocations. This process
can lead to large dislocation locking forces (30} and is
therefore an important mechanism of anneal hardening.
However the process is subject to reversion (32) which
lessens its stability.

3) Local ordering at dislocations.

4) Local ordering in defect-free regions.

It is considered that the major strengthening on anneal
hardening is obtained by local ordering at dislocations
although ordering of the defect-free lattice will give

a contributory superimposed effect.

More recently (33) it has been shown that hardening does

not occur in single crystals and that therefore anneal

hardening cannot be fully explained in terms of short
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range ordering only. In fact it has been demonstrated
that hardening occurs predominantly at a layer = 100~
150 ym in thickness from grain boundaries. In
conclusion it is suggested that segregation of solute
atoms to edge dislocations piled up at grain boundaries

plays a major role in the mechanism of hardening.

Increased hardening from the solid solution can also

be achieved by a precipitation mechanism.

The basic requirement for such a system is decreasing
solid solubility with decreasing temperature, so that
on quenching from the single phase field a super-
saturated solid solution may be obtained. Subsequent
ageing will result in precipitation of a second phase,
the form of which is dictated by free energy terms.
Metastable coherent precipitates or zones are usually
formed initially because the critical size for stability
of the equilibrium phase is improbably large. These
phases are orientated with respect to the matrix to
minimise the strain energy term dictated by the
anisotropy of elastic modulus in each phase. Since the
strain energy term increases with particle size,
precipitation may go through stages of being partially
coherent or incoherent before the equilibrium phase is

formed.

The yield strength of an age-hardened alloy is governed
by the interaction of dislocations with precipitates and
is dependent on the size, shape and distribution of the
precipitate as well as the degree of misfit or coherency.

Although coherent precipitates give rise to an internal
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stress field the degree of strengthening is dependent

on the flexibility of the dislocation line (14).

An
underaged alloy has small finely dispersed

precipitates and the dislocation line will be unable

to lie in the low-enerqgy trough of the stress field.

In this case the long range stress tends to cancel out.
In contrast an over-aged alioy contains coarse, widely
spaced precipitates and the dislocation line is able

to bend and lie in the low-energy trough areas. There-
fore in order for yielding to occur the dislocation

must be moved from this low energy configuration across

regions of high energy.

Although coherency strains make a contribution to the
yield strength, the major effect arises from the direct
interaction of dislocations with the second phase. It
has been proposed that yielding can occur by a mechanism
in which dislocations by-pass the second phase by

bowing (35). It has also been suggested that particles

{36}, although

can be by-passed by cross slip
calculations indicate that this mechanism can only occur
when the inter-particle spacing is approximately ten
times the particle diameter (37). In contrast it is
further suggested that the yield point is dependent on

the stress required to shear the precipitates (38).

As an alloy ages a more stable and coarser precipitate
is formed and the nature of the stress-strain curve
changes. Alloys containing zones or coherent
precipitates have a large critical resolved shear stress
and a low rate of work hardening similar to that of the

pure metal. Over-aged alloys show the opposite behaviour



i.e a low critical shear stress and a high rate of work
hardening. It is assumed that in the initial ageing
stages precipitates are sheared, giving rise to an
increase in yield stress only, but as they grow, shearing
becomes more difficult and a by-pass mechanism operates.
The stress required to bow round over-aged particles is
less than that to shear coherent precipitates, and there-~
fore the yield stress is lower. However as plastic
deformation progresses it is proposed that arrays of
residual dislocation loops are formed about the
precipitates which gives rise to a back stress and thus

produces hardening (39).

The strength of a precipitation hardening system can be
improved by employing a solution treatment, cold work,
ageing routine since the presence of cold work and
solute atoms have a synergestic effect on the yield
point. Two basic mechanisms are observed, termed strain
ageing and strain age hardening, and their effects can
be demonstrated by tensile tests. If a specimen is
loaded beyond its yield point, unloaded, then allowed
to rest before retesting, a new yield point will be
observed at a higher value of stress. However, apart
from the new yield point, the remaining plastic portion
of the curve is an extrapolation from the original
stress-strain plot. This behaviour 1s termed strain
ageing, and is related to the migration of solute atoms
to unpinned dislocations, relocking them and giving an

accompanying new yield point.

If, however, the tensile specimen is thermally aged prior

to retesting, a new yield point is formed as previously
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described together with displacement of the stress-—
strain curve to higher values of stress. This behaviour
is termed strain age hardening and is associated with

(40}- n

the growth of precipitation on dislocations
this instance the unpinned dislocations are more
severely locked by the precipitates and new dislocations

have to be generated. Such an action will result in a

new yield point and increased strengthening.

a2 Stress Corrosion Mechanism

A cgaracteristic feature of stress corrosion cracking is
failure with little attendant macroscopic plastic
deformation. This factor is highlighted by alloys normally
regarded as ductile, which may fail in an apparently brittle
manner when subjected to specific environments. The
propensity of a material to brittle failure is determined
by the fracture mechanics concept of a critical stress
intensity factor K;,. Because of the effective embrittle-
ment associated with stress corrosion cracking, unified
equations containing mechanical and electrochemical para-
meters have been developed (41, (42). In general the
susceptib;lity to stress corrosion cracking is enhanced by
increasing the anodic overpotential. This effectively
raises the energy of the metal lattice adjacent to the
crack resulting in an energy release as metal ions pass
into solution. Factors which lower the plastic work term
such as an increase in yield stress and work hardening

rate or those which give embrittlement due to the environ-
ment will also increase the susceptibility to stress

corrosion cracking.
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(43)

It has been proposed that a spectrum of slress
corrosion processes exists in which the cmphasis shifts
from stress being the important factor with corresion
playing a minor role, to one in which corrosion plays a

major role and stress 1is of 1lower significance.
For convenience this spectrum has been divided into three

types of mechanisms:- these being:-

a) pre-existing active paths
b) strain generated active paths
c) adsorption of specific elements at sub-critically

stressed sites.

In those instances where corrosion plays a predominant

part in the stress corrosion mechanism, the localisation

of corrosion, necessary to achieve a narrow crack front, has
been proposed as being related to the presence of a pre-

existing active path (44).

It is suggested that precipitation or segregation which may
form preferentially at grain boundary sites may cause
preferential attack of either the segregated phase or
adjacent matrix. Such forms of stress corrosion are
normally encountered in materials which show selective
attack in the unstressed condition. A schematic represen-
tation of this form of stress corrosion and a higher
magnification micrograph showing intergranular attack are

illustrated in Figs 1 and 2.

Alloys which have no pre-existing active paths may by
disruption of a protective surface film, show a further
mode of stress corrosion cracking termed strain-generated

45 .
active path ( }}. A schematic representation of two such



mechanisms is given in Fig 3, namely film rupture and slip

step dissolution. It is claimed that the rate of cracking

from such mechanisms is dependent upon the rate of £ilm
(46) :

growth « Transgranular cracking is favoured by planar

slip and will only occur if the slip step excecds the film

thickness. This is facilitated in f.c.c metals by a low
stacking fault energy, making cross slip difficult and
thereby facilitating the formation of planar arrays of
dislocations. The dependence of transgranular stress
corrosion on stacking fault energy has been demonstrated
for copper alloys and austenitic stainless steel (47).
Materials having a low fracture toughness may show a faster
rate of stress corrosion crack propagation, if the crack
formed in the protective film propagates into the under-
lying metal to some degree before being arrested by plastic
deformation. The strain-generated active path does not
always lead to transgranular failure. Situations which
result in dislocation networks hindering planar slip, such
as extensive deformation, result in a concentration of
plastic strain at grain boundaries giving film rupture

which can result in intergranular failure (48).

As indicated previously, factors which decrease the plastic
work term such as localised embrittlement or reduction in
surface energy, increase the susceptibility to stress
corrosion cracking. Diagramatic representations of some

of these mechanisms are given in Fig 4, where it is
postulated that hydrogen may diffuse in advance of the crack
to form a brittle hydride or to give decchesion or
nucleation of cracks. 1In these instances the environment is

not usually considered specific as long as it 1s a source of



PRE—EXISTING ACTIVE PATH MECHANISMS

Anodic phase Cathodic phase

FIG 1 Schematic representation of pre—exsung actve path atack

FIG 2 Intergranular stress comosion in 9% Al 2% Fe Auminum Bronze 10 BS 2874, CA 103 =400
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hydrogen. However, the prescnce of such ions as arsenic

in solution which have a low cxchange current dengity for
the hydrogen evolution reaction, 'poisons' the fulmutinu
of bubbles on the metal surfacc and therefore facilitates
adsorption. Hydrogen embrittlement may be considered as a

separate form of stress corrosion cracking since cathodic
polarisation will increase its susceptibility whereas such

a treatment results in a decrease in susceptibility in

other modes of stress corrosion.

: 49
The lowering of surface energy has been proposed Al as

the important facfor in all forms of stress corrosion
cracking, however, this model does not adequately account
for the cracking observed in ductile metals where the
critical stress intensity factor is more dependent on the

local plastic work than surface energy.

The electrochemistry within the crack is also of importance
in determining stress corrosion behaviour. It has been

shown (30)

that geometries such as cracks which restrict
the access of the electrolyte result in a lowering of the
~ pH vaiue in these regions in comparison to the bulk solution.
The acidification can be considered to be due to hydrolysis

of the anodically formed metallic ions by a reaction such

as:-

2+ 3+ +
Fe + 2Fe + 4H,0 = Fej0, + 8H

Concomitant with this reaction if the bulk solution contains

oxygen, (a situation which is often necessary for passivation
of the bulk sample), the cathode reaction may result in an
increase in pH by the reaction:-

0, (dissolved) + 21,0 + 4, = = 40H™

3



(@) Film rupture model (b) Slip step dissolution model
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FIG 3 Schemauc representation of strain-generated actve path stress corrosion
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FIG 4 Schemauc representation of (a) crack up adsorpuion, (b) hydrogen adsorption,

(c) hydrogen decohesion, (d) brtle hydnde formation
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To maintain electroneutrality, the spacial separation of

the anode from the cathode results in transfer of anions,
which can result in the formation of hydruuhlnrfu acid
within the crack in neutral electrolytes containing chloride
anions. The effect of decreasing oxygen content, pH and

increasing chloride content on the formation of a crack is
illustrated in Fig 5 and 6. Curve 1 in Fig 5 represents
the anodic polarisation plot of the surface of a passive
alloy. The conditions pertaining to the formation of a pit
are represented by curves 2 and 3, showing partial
passivation associated with increasing chloride ion con-
centration, decreasing oxygen content and falling pH. Curve
4 relates to dissolution at an emergent slip step. The
intersection of these curves with the cathodic polarisation
plot determines the current density at each location. For
cracking to occur the difference in current density between
curve 3 and 4 must be large otherwise broad general

fissuring will result.

The rate of crack propagation and the anodic current density

are related by (51):-

where i anodic current density
V = rate crack propagation
2F = charge to oxidise one Mole

e = density

M = atomic weight.

If experimentally measured figures for anodic dissolution
2 2 52 5
of 10A/cm”™ and 100 A/cm” for aluminium $952 and iron (331

respectively are substituted, then the maximum rate of crack
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cathodic

log cd.

FIG 5 Showing effect on anodic polarisauon plot with decreasing oxygen content, pH, and increasing chionde content.

FIG 6 Schemauc representaton of crack formauon relaung to condiions identfied in Fig 5
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propagation determined by such clectrochemical means will
be of the corder of 10_j cm/s.  Gince the alloys normal 1y
associated with stress corrosion cracking have qﬂud general
corrosion resistance and associated low anodic current
density, crack propagation by electrochemical means must be
assoclated with change in electrochemical behaviour between
the low corrosion associated with the bulk sample and the
crack tip. The rate of anodic dissolution and associated
current density of an alloy can be changed across a potential/
_pH range by the formation of surface films. The thermo-
dynamic stability of phases in equilibrium as a function of
pH and potential are illustrated in Pourbaix diagrams, as

(54)

shown in Fig 7 and 8, for the system Cu-H,0 and Cu-sea

water (357 respectively. Figure 7 shows that at pl 8
metallic copper is stable in the presence of hydrogen. More
positive potentials give rise to the stability of Cu,0, Cuo
and finally Cu,05 hydrate. The presence of chloride ions
in sea water gives a modification to the basic diagram as
shown in Fig 8. Four variations to this diagram have been
obtained by considering the different solid phases that may
be present. 1In essence, however, it is concluded that at
pH 8 the precipitation of a protective film of cupric
compounds requires a very low (= 1(::"6 g.ion/l) total con-
centration of CuII in solution while the concentration of

CuI in solution required for the formation of the protective

-4
Cu,0 is greater than 10 g.ion/1.

Thermodynamics determine the probability of a metal being

immune, corroding or being passivated by film formation.

i i nt . .

I'he potential of the reaction M & M +ne is referred to a

standard electrode such as the standard Hydrogen Electrode
., : .

(SHE) , at which the reaction is H, & 20 +2e. Such Standard

14
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Electrode pPotentials are defined for unil concentration

of products and reactants, where this does not apply the
modified potential can be calculated from the Nernst
g
Equation:~ (36)
(&)
E =E + RT In (ox)
2F (red)
where E® = Standard Electrode Potential

R = Gas Constant

F = Faraday Constant

T = Absolute Temperature
Z = no electrons in reaction
(ox) = concentration of oxidised species

(red) concentration of reduced species.

The electrode potential of the system is given by the

alge braic difference in the cathode and anode half cell
reactions. For a reaction to proceed spontaneocusly the
free energy change must be given by -AG = ZFE. The
boundaries of the Pourbaix diagram are determined by an
arbitrary figure of 10—6g. ion/1, such that corrosion is
said to be occurring when there is in excess of 10_6 g.ion/

+
l of M in solution.

Although potential/pH diagrams form a useful base for
understanding film formation, the thermodynamic data
needed for their construction is limited for alloys in
complex electrolytes. Further, the kinetics of reactions

are not considered, whereas differing insoluble phases

formed will influence the electrochemical reaction. The
electronic or ionic conduction and the adherence of the
film are important considerations which will influence
the rate of redaction.
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The influence of kinetics can be considered by the mixed

potential theory (57} which assumes thalt the kinetics of
the various partial reactions can be lreated separately
and that no net current flows from an electrode which is in
equilibrium. Egquilibrium for a reversible cell is regarded

as a dynamic situation in which reactants and products jump
back and forth but give no net’accumulation. This

equilibrium exchange is termed the exchange current density.

The simplest class of corrosion reactions are those in
which the partial processes involve ionization and may be
described as being under activation control. 1In contrast
to the reversible system there is a net chemical reaction
at the corrosion potential although there is no net current
flow. Figure 9 shows a system whereby the electrons
generated during oxidation of the metal reduce hydrogen
ions. Each component of corrosion has its own reversible
potential and polarisation parameters. The corrosion
potential of the reaction is determined by the point at
which the total rate of oxidation equals the total rate of
reduction. The observed applied-current potential curve
(solid line) shows a departure from the semi-logarithmic
form nearlthe corrosion potential which illustrates that
the applied current is the difference between the anodic

and cathodic rates of reaction.

Charge transfer at a finite rate involves an activation

overpotential na, given by na = E _Ecorr where EA = applied

A
potential, Ecorr = corrosion potential. This overpotential
is related to the rate of charge transfer by the Tafel
equation: -

na = A+ B logi

ib
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where a and b are the Tafel constants and i the current

density. The Tafel cunstqnts are dependent on the
equilibrium exchange current density (i“) such that the
smaller the magnitude of i the greater is 1y and the
lower is the rate of the process for any given potential.

From these considerations it can be seen that the
corrosion potential is not determined by the difference
between the reversible partial reactions but by the

kinetic parameter of the exchange current density.

Since the reaction forms products, concentration gradients
will tend to form which can result in a transport or
diffusion overpotential (nT). More important, however, in
terms of stress corrosion is the resistance overpotential
(ng) . In addition to the term dependent on the conducti-
vity of the solution, any insulating film deposited on the
anode site will increase ni and lead to passivation. The
formation of insoluble products as indicated by Pourbaix
diagrams can result in a modification of the anodic polari-
sation curve as shown schematically in Fig 10, which
dependent on the intersection with the cathodic polarisation
curve can result in passivation as depicted in Fig 11. As
shown, thé position of the point of intersection of the
anodic polarisation curve of the metal (solid line) and the
cathodic polarisation curve of the environment/dashed line)
determines the corrosion potential and corrosion current

density, and indicates whether the system will actively

corrode or be in a stable or metastable passive state (58).
Incomplete passivation will result, however, in rapid
corrosion of local active arcas. 1In such situations grain
boundaries and sites of emergent dislocations are often
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preferential sites and pitting or stress corrosion may

result (59) .

The majority of the research into the mechanism of stress
corrosion of copper alloys has been undertaken on brass.

It has been demonstrated that solutions of aqueous ammonia
containing Cu(NH3)n2f gives rige to cracking in these
alloys (60). It has been reported S that a certain
level of copper tetramine in solution is necessary for
stress corrosion cracking in that it promotes the formation
of éopper oxide preferentially in fissures, where the
solution is most readily deprived of ammonia. Depending on
the composition of this complex copper ammonia solutijion,
tarnishing of the metal surface may or may not occur giving
intergranular or transgranular crack modes respectively (62[

The susceptibility to failure in both types of sclution is

increased with increasing concentration of the complex

(63) (64)

copper ion and increased solute content of the alloy .

The mechanism of stress corrosion in tarnishing environments
has been reported V639 (&0) as repeated rupture of this film
which has been shown to be Cuj;0. The basic feature of this
mechanism is oxidation of the metal at the crack tip
followed by fracture of this film when it has reached a
critical thickness (67). This model predicts that the
fracture surface should be covered by the tarnish £ilm.
However, instances have been reported to the contrary‘sa}{ﬁg)
where this surface remains the normal metallic yellow colour
of the alloy. Although it has been demonstrated by electron
diffraction that this surface is still covered with a Cuj0

film the hypothesis of rupture of a relatively thick

tarnish does not apply. As a result of this evidence it
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69) (7
has been proposed (631 470) that dezincification at the

crack tip, causing structural weakening plays a major

part in the mechanism of stress corrosion.

(71)

It has been shown that for non-tarnishing solutions
the dislocation structure determines the mode of cracking
in both Cu/Zn and Cu/Al alloys. Planar dislocation

arrays lend themselves to transgranular failure whilst
cellular configurations are associated with intergranular
failure. It has been proposed that embrittlement in the

- brass alloys can result from pinning of dislocations by
vacancies introduced into the lattice during dezincifi-
cation (72). Unalloyed copper is not regarded as
susceptible to stress corrosion cracking and it is of note
that cold work results in a cellular dislocation network.
However, additions of zinc, aluminium, germanium or
silicon lower the stacking fault energy YEL resulting in a
planar distribution of dislocations on working. Further,
it has been shown that in general (74){?5), transgranular
stress corrosion of primary solid solutions of copper is
associated with such dislocation networks. Electro-
‘polishing of low stacking fault energy alloys gives
preferential attack in the regions of the slip planes.
This phenomeénon has been tentatively associated with the
segregation of solute atoms to stacking faults (76). However,
it is recognised that this should lead to a larger number
of preferred sites than that observed. It has been found
that there is a rapid increase in short range order on

77
ageing disordered Cu/Al alloys at room temperature ( ).

(47)

Based on this fact it is suggested that the formation

and déstruction of chemically active sites by respective
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slip and reordering is a dynamic process, and that short
range order must be destroyed by several dislocations
moving on the same slip plancs in order to pro:.iulcu
chemically active sites. Such a proposal explains the lack
of transgranular cracking in unstressed alloys and pure

metals.

Aluminium Bronzes

DI Alloy Systems

The aluminium bronzes are a group of copper alloys containing

" aluminium as the principle alloying addition, the properties

of which depend on both composition and microstructure.

78
Reference to the binary phase diagram g depicted in Fig 12,

shows that under equilibrium conditions up to 9% aluminium
can be accommodated in the terminal alpha solid solution.
The commercial single phase alloy (BS2871, CAl02), however,
also contains up to 3% iron to give grain refinement. Under
equilibrium conditions, the solubility of iron in this type
of alloy below 550°C is less than 1%, but the precipitation
reaction of 6 iron begins when the temperature drops below

1000°¢ (?9).

\8os that the addition of 1-2% cobalt to

It has been shown
the 93/7 aluminium bronze also confers precipitation
hardening characteristics. Ageing the solution-treated
material at 400°C, gives an incubation period of 10 hours,
during which there is no change in hardness, followed by an
abrupt increase to a maximum value. The incubation period
is decreased by prior cold work and higher ageing

temperatures. Optical microscopy showed that precipitates

were present along grain boundaries at peak ageing times
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and on preferred lattice planes following over-ageing. The
maximum solubility limit of cobalt in this alloy following

solution treatment was found to be 2%.

8
Concurrent investigations Ot have confirmed the age

hardening of alpha~based Cu-Al alloys containing 0.5% Ni by
1-2% Co. A further addition of trace quantities of silicon
or phosphorus (<0.1%) was shown to give the ageing response
in a shorter time period and increase the maximum hardness

obtained, without changing the precipitation mechanism.

Further investigations (&8 of a similar alloy system (Cu,

7% Al, 1.5% Co, 0.01% P) have shown an activation energy

of 153.7 kd/mole for isothermal ageing to peak hardness at
temperatures above 350°C. This is similar to the activation
energy for the diffusion of aluminium in copper. X-ray
diffraction studies showed an initial increase in lattice
parameter during the primary stages of hardening followed by
a reduction during rapid hardening and over-aging. These
results are attributed to an initial decrease in cobalt
concentration of the matrix during the primary stages,
followed by a decline in the aluminium content coincident
with r;pid hardening. Extraction replica techniques gave no
evidence of precipitation on prolonged ageing at 4500C, but
samples aged at BOOOC contained rectangular precipitates with
a cubic Pm3m symmetry and a lattice parameter of 5.778. 1t
is concluded that hardening of this alloy is due to the
initial formation of GP zones rich in cobalt and aluminium.
These coarsen during the terminal stage of hardening into

a metastable precipitate before finally losing coherency and

reverting to a stable phase.
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The effects of cold work on the alloy have also been
(83) : ; : < :
investigated » showing that cold rolling of solution
treated material (up to 50% deformation) results in an
almost linear increase in hardness. It is also demon-
strated that by increasing the degree of reduction, the
incubation period on subsequent isothermal ageing is

decreased, and the rate of hardening and maximum hardness

obtained increased.

Differential thermal analysis of cold-rolled solution-
treated material revealed two exothermic peaks, one at
200—350°C, the second at 470-550°C which correlated well
with hardness peaks observed from isochronal ageing plots.
In comparison, DTA of cold-rolled over-aged samples only
showed one exothermic peak at 150—35000. A correlation
was found between the degree of reduction and size of
exothermic peak, showing that the greater the degree of
reduction the larger the exothermic peak observed. Over-
aged samples with zero reduction show no change in hardness
on isochronal ageing to 600°C, with higher temperatures
resulting in softening. However, the cold-rolled, over-
aged material shows initial softening at 150°Cr followed
by hardening to a maximum at 350°C, and finally softening
at higher temperatures. It is suggested that a reduction
in short range order and an increase in stacking fault
density occurs as a result of the cold work and that during
annealing there is recovery of short range order and a
migration of solute atoms to areas of stacking fault.
Precipitation hardening, which occurs at higher ageing
temperatures, is reported as being independent of the strain
ageing, although cold work does promote precipitation. It

is suggested that atmospheres of solute atoms formed during
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strain ageing may act as nucleation sites for the

formation of GP zones and the precipitation of a metastable
phase.

(84) o !
Investigations on a system containing Cu, 2% Co,

3.6% Al, have shown that ageing between 400-600°C proceeds
in two stages. The first stage is the formation of a
coherent precipitate. Althougg no diffraction evidence
for this was observed, magnetic susceptibility studies
indicated the formation of a variant of cobalt having a

. face-centered cubic lattic similar to the copper based
matrix. The second stage of hardening is attributed to
solution of the coherent phase with simultaneous
precipitation of a stable incoherent Co/Al intermetallic
with cubic Pm3m symmetry. However, alloys containing 7% Al,
2% Co were shown both by electron microscopy and magnetic
susceptibility to age in one stage by the formation of

incoherent CoAl precipitates.

Binary alloys containing more than about B% aluminium are
no longer single phase and in general exhibit a duplex
alpha-beta structure. However, as shown in Fig 12 the
.body—centred cubic beta phase is metastable and will
decompose eutectoidally during slow cooling or annealing
below 565°C to form o and Yoo The Yy phase is an inter-
metallic compound of approximate composition Cu9A14 and

has a D83 crystal structure {85}.

Silicon additions to these alloys stabilise the beta phase

and decrease the aluminium content of the terminal alpha
i ‘ (86) ; i B e

solid solution . At moderate rates of cooling a CuSi

A3 type phase is precipitated, but because the a + Yy

(o]
eutectold transition is depressed to approximately 400 C



this reaction does not usually take place in alloys cooled
at normal rates, and the a/f structure persists to room

temperature.

A further important group of alloys is the complex aluminium
bronzes, containing additions of nickel, iron and manganese.
Manganese has equivalent effects to aluminium in that it
(B7) : T
stabilises the beta phase . Nickel is rarely added to
binary alloys to the exclusion of other elements, but it

(86 that at addition levels below 2% this

has been shown
. element remains essentially in solid solution, further

additions promoting the formation of a NiAl precipitate.

(e of a complex aluminium

A pseudoquaternary phase diagram
bronze (BS2872, CAl04) is shown in Fig 13. This indicates
that the alloy has an equilibrium alpha-kappa structure. It
is considered that the kappa phase is a non-stoichiometric
(Ni,Fe)Al compound related to the NiAl precipitate formed in
the ternary Cu-Al-Ni alloy. The § phase observed at higher
aluminium levels is isostructural with the binary Yo phase.
However, the phase diagram relates to equilibrium conditions
which may not be readily obtained. It has been suggested
(301:481) that in practical situations the alloy completes
solidification as a single phase beta alloy, and as it cools
there is growth of alpha at the beta grain boundaries and
along specific crystallographic planes, to form a
Widmanstatten structure. Further cooling results in
precipitation of various phases designated kappa. Initially
a phase of rounded or rosette form, rich in iron, is
precipitated from the beta, followed at lower temperatures
by a lamellar form of kappa produced by a eutectoid reaction.

Finally there is precipitation of a fine kappa phase within
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the primary alpha. The different morphologies of kappa

have been numerically designated KI' KII' KIIL and KIV{92).
The identification and microprobe analysis of three of
these phases is as follows:—‘gBJ

KI a large rosette phase, formed from the melt, of

composition 6% Al, 8% Ni, 6-% Fe, 13% Cu.

K a transformation structure of f + a + Kk having

i 6

either the lamellar or globular form of composition
18-20% Al, 23-34% Ni, 26-43% Fe, 13-20% Cu.

.KIV a fine inter alpha precipitate not quantitatively

analysed but considered iron rich.

More recent work (241 has shown the following phase trans-

formation to occur at a cooling rate of 0.13°C/3.

B+a+ B 925%

B+ a + Ke 820-830°C

0
B -
B o+ KII + KIII 775-750 C

(o]
+
. e Y KIV 700-675C

Analysis of the phases by SEM and STEM techniques indicated

that the globular KII and KIV were of similar composition

and related to Fe3A1. However, although the K__ and KI

II II

phases were precipitated from the matrix at the same
temperature there was a significant difference in the Ni-Fe

ratio. The average composition obtained was:

Al Mn Fe Ni Cu

KI 1844 1.680:3 34%5 24+5 23t4

K 22%+4 1.6+0.4 22+5 2815 26t4
LEE

Fast cooling can result in the retention of the beta phase

at room temperature, giving a complex martensitic structure.
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9
This phase is reported (992 as being distorted hexagonal

96
close packed and more recently 126} as a mixture of face

centred cubic and hexagonal close packed.

The KI phase has been shown by neutron diffraction studies
(97)
to have a body centred cubic {b2J type of structure
with a lattice parameter of 2.97%. The crystal structure

of the remaining kappa phases have not been determined.

1.3 2 Corrosion Performance

The single phase alloy is considered to have good general
corrosion resistance (ref Table 1), and although stress
corrosion failures have been reported,(gB] additions of
0.5% tin or silver have been shown to be beneficial in
conferring immunity to intergranular failure. It is
suggested that this mode of cracking is related to
segregation of atoms at grain boundaries, and to a lesser
extent within the crystal lattice. Such concentrations
allow selective corrosion to occur. It is considered that
aluminium segregates in this manner in the alpha aluminium
bronze alloy, but that the additions of tin or silver,
because of their atomic diameter, accumulate preferentially

in these sites, and by their more noble nature inhibit

intergranular corrosion.

The duplex alpha-beta aluminium bronze is considered to
have better corrosion resistance than high tensile brass.

(99)

However, corrosion trials (twelve months immersion in
Langstone Harbour) have shown that the Yo phase which may
form in this alloy is susceptible to selective attack. The
anodic nature of this phase has been confirmed by open

1
circuit equilibrium potential measurements in seawater (300)
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Potentials of -240 mV (SCE) were obtained for the alpha

and beta phases and -500 mV (SCE) for the Y, phase. A

more significant indication of the corrosion pnﬂ-nrmam:&
was obtained from polarisation studies. These showed a
significantly higher current density on polarising the

Y,y phase to the alpha phase compared with that obtained on
polarising the beta phase to the alpha phase. These results
are in agreement with the preferential corrosion rates of
0.05 mm/year and 4 mm/year for the beta and Y, phase
respectively. As shown in Fig 14 (101), a continuous
network of Y, can lead to an effective disintegration of the

structure, with concomitant loss of mechanical strength, for

little observable weight loss.

Although iron additions, present in the commercial alloy
(BS2874, CAlLO3) as a grain refining agent, modify the binary

equilibrium diagram ‘1©2

, additions up to 3% have no
effect on the susceptibility to selective phase corrosion.
However, it has been demonstrated that an improvement in
corrosion performance of the basic 90% Cu - 10% Al alloy can
be achieved by control of composition (103). In particular,
restriction of the aluminium content to 9.0% produces the

) in an isolated form on slow cooling. This will prevent
the continuous selective network of corrosion, although
pitting attack may still occur. Additions of manganese to
inhibit the eutectoid reaction, however, result in increased
rates of corrosion of retained beta phase compared with the
manganese-free alloy. This is particularly so under
deaerated crevice conditions when *fairly rapid beta

! (104)
corrosion can occur .
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X 200

Fig.1l4. Showing selective corrosion of Yo phase in duplex
aluminium bronze (BS CAl03). £

12
Fig.15. ShOWim_] stress corrosion cracking in a duplex aluminium
bronze bolt (BS2874, CAl03).
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Additions of silicon to the binary alloy also retard the
Bo=huiny e Yo transformation, and the beta and CuSi precipitate
formed have good resistance to selective attack. However ,
commercial alloys usually contain approximately 1% Fe (ASTM-
Bl24, 1lla) and the beta phase can decompose to give iron-
silicon compounds. The morphology and type of compoﬁnd
formed is dependent on cooling rate, but air cooling from
BSOOC.can give stringers of Fe Si; and an associated risk

of selective path corrosion (1041.

As an alternative method of stabilising the beta phase, fast
cooling may be adopted to prevent the eutectoid reaction in
small section components such as fasteners. Such a
procedure unfortunately has the disadvantage of increasing
the internal stress which may decrease the resistance of

the alloy to stress corrosion. An example of such a failure

in a bolt is shown in Fig 15 (105).

In contrast with the Yo phase formed in the duplex alloy
from decomposition of the beta, the lamellar kappa (KIII)
in the complex alloy (BS2872 CAl04) is considered to be
cathodic to the alpha phase within the eutectoid. A micro-
section, from a corrosion coupon, subjected to a six month
immersion in Langstone Harbour, confirming this effect in

(106)
the cast version of the alloy is shown in Fig 16 v
However, following certain heat treatments, such as that
obtained in the HAZ of weldments, sensitisation of the

(107)
kappa III phase to sea water corrosion can occur. It
has been shown that kappa TII exists as a non-stoichiometrie
compound. Therefore it is suggested that heat treatments

such as rapid cooling from the alpha plus beta region, give

kappa transformation products of composition and corrosion
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Fig.lﬁ.

Showing cathodic
nature of K phase
in complex aluminium
bronze BS1400,AB2

Filg.li.

Showing sensitisatio
and selective attack
of K phase in comple
aluminium bronze.

Fig.18.

Showing selective
attack of K phase
and partial transfer-
mation of B.




performance differing to those in the parent material.

This selective form of attack can be eliminated by heat
treating above 675°C to homogenise the alpha-kappa micro-
structure, but the cooling rate must be controlled, since

it has been shown that rapid air cooling of small specimens,
from above BOOOC, can also sensitise the microstructure

(Fig 17 and lB)(lO7).

The wrought complex alloy is generally accepted to be free
from stress corrosion cracking in sea water,{loe)(logj
- however, two separate instances have been recorded where
fasteners have failed in this mode.tllO} It was noted

that in both cases the fracture surfaces were covered with
a blue-black adherent deposit which was tentatively
identified by X-ray diffraction as a modified form of Cuzo.
Sections of the failed samples showing classic branched
transgranular cracking are given in Figs 19 and 20. It is
of interest that the general microstructure differs,
reflecting a variation in chemical composition, although
both comply with the British Standard specification. It is
therefore considered that the failures may be attributed to
‘environmental rather than metallurgical conditions. The
senaitivit& of this alloy to stress corrosion cracking in
sea water has also been demonstrated by laboratory trials
(111)

, using a constant strain rate test {10"6/5) within

the potential range =75 to -200 mV (SCE).

IS g Mechanical Properties

The factors determining the mechanical properties of the

(112
binary aluminium bronze alloys have been summarised as }:-

1. the tensile strength is proportional to the aluminium

content, whilst the elongation reaches a maximum of 75%

§3



x 500

Fig.19. Showing stress corrosion crack in complex aluminium bronze
bolt to BS2872, CAlo4.
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Fig.20. Showing stress corrosion crack in complex aluminium bronze
bolt to BS2872, cAlod.
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at 7% aluminium prior to decreasing at higher levels.
2. increasing tensile strength and lower ductility is
associated with the formation of the beta phase.

3. breakdown of the metastable beta to the a + Yo
eutectoid lowers both the elongation and tensile

strength.

Although the iron addition to the single phase alloy does
confer dispersion hardening, the ageing response is limited

3
LA and is offset by a reduction in the dislocation

-denéity (1141. Therefore these alloys which have lower
intrinsic strength than the duplex aluminium bronzes, are

normally further strengthened by cold work.

Although the iron addition has a use in the cast alloy as a
grain refining agent, its inclusion has been queried (115)
in the wrought version, where grain size control may be
achieved by hot and cold working. Further, it has been
shown necessary for the iron to be held in solution for good
corrosion resistance. This leads to a loss in ductility and
restricts the amount of cold work that may be applied. 1In
fact it has been shown that higher strength levels combined
with greater ductility can be attained by cold working the
iron-free alloy. The range of properties that can be
achieved, depending on the degree of deformation are

(115)

illustrated in Fig 21 The alpha alloy can be softened

from the cold drawn condition on annealing above 4OOOC as

shown in Fig 22 {112).

The heat treatment cooling rate is
not critical for alloys containing less than 7% aluminium,

though some beta may be retained, on fast cocoling of the

richer alloys.
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The mechanical properties of the duplex alloys have a
greater dependence on heat treatment conditions, and in
particular the BS 2872 CAl03 type alloy must be fast cooled
from above 565°C to prevent the formation of the brittle and
corrosion susceptible YZ phase. 1In contrast, a heat treat-
ment of 675 * 15°C for six hours followed by air cooling
may be used to prevent the sensSitisation of the complex
alloy (BS 2872, CAl04) to selective attack (116}. However,
since this treatment results in precipitation of finely
dispersed kappa IV within the alpha matrix, and a concomitant
reduction in ductility, the composition must be controlled
within closer tolerances than permitted in the BS
specification if an elongation value of 15% is to be
attained in the cast alloy. This heat treatment is not,
however, universally applied. 1In particular it has been

(117) that hot headed bolts manufactured from the

suggested
complex alloy should be heat treated for 2 hours at 800°C
followed by air cooling. This proposal has been based on a
series of tests which show that bolts in the 'as manufactured'

condition fail a wedge test complying to BS 3692 and that

the 800°C heat treatment optimises the mechanical properties.

Increased tensile strength may be achieved in the complex
alloy by quenching from 950°C followed by tempering at 650°C

1
(E16) However, it has been shown (119) that such

for 4 hours.
a treatment gives low values of impact energy and a
reduction of the iron and nickel content to 3% and 4%

respectively is required to maintain ductility.

1.4 Summary

From this appraisal of the copper based alloys currently available

for the manufacture of bolts and fittings, it may be seen that
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none completely meet the requirements for high strength

applications in a sea water environment.

Brass had been used as a fastener material but is not now con-
sidered suitable for naval applications because of its poor
corrosion resistance, and has been replaced by aluminium bronze.
However, the binary alloy BS2872 CAl03, is also limited in its
use by a susceptibility to selective phase attack and stress
corrosion cracking. The complex aluminium bronze, BS2872 CAl04,
is generally considered to most nearly meet the criteria for
mechanical properties and corrosion performance but a lack of
ductility, as measured by a wedge test, in bolts made from this
alloy is a detrimental feature of behaviour. To optimise the
mechanical properties of fasteners an 800°C air cool heat treat-
ment has been proposed. However, it has been demonstrated that
the microstructure can be sensitised to selective attack
following such a treatment. Furthermore the alloy can no longer
be regarded as immune to stress corrosion cracking since

instances of failure by this mode have been observed.

Alpha single phase aluminium bronze alloys can be regarded as
having improved general corrosion resistance when compared to
the duplex and complex alloys, and although the single phase
alloys are generally regarded as having a greater sensitivity to
stress corrosion cracking, it has been proposed that minor
additions of tin or silver confer immunity. The major dis-
advantage associated with the use of these alloys for fasteners
is reduced strength in the annealed condition compared with the
complex alloy. This can be rectified by the use of cold work to
achieve a comparable strength level but has the attendant
disadvantages of 1) increasing susceptibility to stress corrosion

cracking and 2) precluding the use of hot forming due to the
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associated softening and reversal of the strengthening achieved

by cold work.

To overcome these limitations a proprietary single phase alloy
having a nominal 93/7 Cu/Al composition, with additions of 0.5% Co,
0.25% Sn is to be considered as an alternative for Naval usc. The

alloy is reported as being strengthened by ageing from the cold-
worked, solution-treated condition and therefore the limitations
applying to the non-hardenable single phase alloy no longer apply.
Since grain refinement is achieved during rolling or forging it is
claimed by the manufacturers that the need for an iron addition as
a grain refining agent is superfluous, resulting in improved
ductility. General corrosion resistance of this alloy is expected
to be good, being essentially single phase. It has been proposed
that the tin addition to the alloy will give immunity to stress
corrosion cracking. However, the addition primarily reduces the
susceptibility to intergranular failure, but because aluminium
additions to copper promote the formation of planar dislocation

arrays transgranular failure can also occur.

It has been reported that terminal single-phase aluminium bronze
alloys containing additions of 1-2% cobalt show age hardening
characteristics, and it has been shown that the prolonged
incubation period may be reduced by prior cold work and higher
ageing temperatures. The strengthening mechanism has not, however,
been fully identified, the over-aged precipitate being reported

as having either a Fm3m or Pm3m symmetry with respective lattice

parameters of 5.77% and 2.858.

The object of this investigation therefore has been to study the
strengthening mechanism of nominal 93/7 Cu/Al alloys containing

O, 0.5, 0.7, and 1.0% cobalt. By ageing from the solution-treated
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and solution-treated, cold-drawn conditions a determination of
the effect of strain ageing has been made. Since it is not
considered that the volume fraction of precipitate produced in
the proprietary alloy is sufficient to account for the reputed
degree of strengthening, the contribution of anneal hardening has
also been considered. Finally the effect of ageing on mechanical
properties and stress corrosion resigtance has been investigated
with the objective of establishing the potential of this class

of alloy for use as high strength marine fasteners.

60



EXPERIMENTAL

2.7 Material

In order to determine the inter-relationship between composition,
degree of cold work and ageing treatment on the properties of
the alloy, material in the conditions listed below with their
designated codes were ordered in rod form (approximately 19 mm

diameter) from N C Ashton Ltd.

Nominal Composition Condition Code
93 Cu/7a1 + 0.5% Co + 0.25% Sn Solution treated 5A
93 Cu/7Al1 + 0.5% Co + 0.25% Sn Solution treated 5B
followed by 12% cold
work
93 Cu/7Al1 + 0.5% Co + 0.25% Sn Solution treated 5C
followed by 25% cold
work
93 cu/7Al1 + 0.75% Co+ 0.25% Sn Solution treated A
“ Solution treated 7B
followed by 12% cold
work
4 Solution treated 7C
followed by 25% cold
work
93 Cu/7al1 + 1.0% Co + 0.25% Sn Solution treated 1A
b Solution treated 1B
followed by 12% cold
work
& Solution treated 1¢
followed by 25% cold
work
93 Ccu/7al Solution treated OA
4 Solution treated OB
followed by 12% cold
work

Chemical analysis undertaken by AMTE (HH) on the four nominal

compositions gave the following results:-
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Composition Nominal Nominal Nominal Nominal

% 93 cu/7a1 93Cu/7A1+0.5% 93Cu/7a1+0.75 93Cu/7al
Co+0.25%5n $Co+0. 25%Sn +1.0%Co+
0.25%Sn
Aluminium 7.59 e o) 718 6.94
Iron <0.05 0.13 <0.05 <0.05
Tin Oy oL 0.20 0.20 .21
Cobalt - 0.53 0.79 L.0%
Total
Impurities A0y 1 <0.1 <0.1 <0.10
Copper Remainder Remaindex Remainder Remainder

o e Heat Treatment

In order to evaluate the response to heat treatment 120 mm lengths
were aged for a range of temperatures and times in a muffle
furnace followed by water quenching. The samples were contained
within a wire mesh basket and a Pt-Pt/13% Rh thermocouple, spot
weldeﬁ to a standard specimen was used to monitor the temperature.
The time of heat treatment was taken from the moment the
temperature reached T—loo. The matrix of temperatures and times
chosen for the heat treatment exercise and the designated codes
are listed below.

Time (Seconds)

102 10° 10% 10° 10°
Tagpérature 400 42 43 44 45 46
S 500 52 53 54 85 56
B0 62 63 64 65 66
700 72 73 74 75

An example of the code system used is 5B43, which refers to the
nominal 0.5% Co alloy, solution treated followed by 12% cold

3
reduction then heat treated at 40000 for 10 seconds.

2443 Mechanical Properties

2
Standard circular test pileces (25 mm ) to BS18 part 1 were
machined from the rod lengths for tensile property evaluation.
Testing was undertaken using a Mayes servo hydraulic system in

strain control to yield and position control to fracture, at a
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-3 =2
strain rate of 1 x 10 “/min and 9 x 10 /min respectively.

In addition to the properties of 0.2% proof stress, ultimate
tensile stress and percentage elongation to failure, a work
hardening index was calculated to give an indication of the form

of the stress-strain curve. The index was obtained by assuming

a power law of the form o-g, = K (Epn] where 0 = true stress,
qb = elastic limit, K = constant, Ep = true plastic strain and n

the work hardening index.

The tensile properties were supplemented by Vickers Hardness
tesfs. Values being obtained from longitudinal sections having
been metallurgically polished to a 1 ym finish. The hardness
values were obtained, using a diamond indenter at a load of

30 kg, from the mid-longitudinal axis of the specimen. The
standard error of the mean was calculated from a minimum of ten

results.

2.4 Microscopy

Optical microscopic examination was undertaken on longitudinal
sections. These were mounted in Bakelite and prepared for
metallographic examination to a 1 pym diamond finish then etched
in acid alcoholic ferric chloride. The examination was under-

taken using a Zeiss Ultraphot optical microscope.

Thin foils were prepared for transmission electron microscopy
from 2 mm diameter discs spark machined from longitudinal
sections. The blanks were initially hand ground on flooded
silicon carbide paper to a thickness less than 75 ym. Final
thinning to perforation was undertaken using the jet technique
employing a 5% perchloric acid in 2 butoxyethanol electrolyte
at 120 vV, 40 mA. Transmission electron microscopy and electron
diffraction studies were undertaken using a Jeol 100B trans-

mission electron microscope.
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2.5

Stress Corrosion

Al Test Methods

The different methods of stress corrosion testing have

been reviewed (320} and classified under the headings:-

a) Constant strain
b) Constant load

c) Constant strain rate

Constant strain tests are most commonly employed since this
type of test only requires simple restraining jigs.
Difficulties, however, exist in measuring and obtaining
reproducible stress levels, and care must also be taken to
ensure that the restraining frame has sufficient stiffness

in comparison with the specimen to be tested.

The constant strain test is characterised by load relaxation,

resulting from crack propagation increasing the elastic
stress to the yield point and thereby converting a
proportion of the elastic strain to plastic strain (121}.
The daprer of relsmessor 1s Sanendant or ths nomber of
cracks formed. Marked relaxation being related to the
development of many cracks. The degree of rela#ation will
in turn affect the time to failure, since if only a single
crack is formed this will propagate at a smaller stress,
because the applied load in this situation will be greater
than a specimen containing many cracks in which there has
been a higher level of load relaxation. Because of this
inherent factor the use of this test as a comparative
measure of the susceptibility to stress corrosion cracking
may lead to erroneous results if conclusions are drawn

from the time to failure at fixed loads. Although a better
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approach is to compare failure time as a function of
respective yield stress, the only completely satisfactory
approach involves the determination of a threshold stress.
This unfortunately requires the undertaking of a large
series of tests to produce the necessary stress versus

failure time curve.

The major advantage of direct 1oading associated with the
constant load test is the more accurate control over the
applied stress level. This test is more likely to lead

to early failure compared with the constant strain test
since crack propagation will not lead to load relaxation,
in fact as the crack grows the stress level will increase.
The test frame again needs to be of adequate stiffness in
comparison with the specimen size. In order to satisfy
this requirement and still allow the use of smaller testing
frames, there has been a tendency to reduce the cross
section of the specimen, however, this practice can lead to
erroneous results if pitting of the specimen occurs during
the test, giving an attendant increase in the effective

applied stress.

If crack propagation occurs by dissolution at an active
crack tip, with the crack sides rendered in-active by
filming, the maintenance of film-free conditions may be
dependent not only upon the electrochemical conditions
but also upon the rate at which metal is exposed at the
crack tip by plastic strain. Therefore it may not be

stress but the resultant strain rate that is a deciding

factor. Clearly in such a situation the boundary conditions

will be 1) when the strain rate produces ductile fracture
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faster than the electrochemical reactions can cause

filming and 2) when the rate at which new surfaces are
created by straining does not exceed the rate at which the
surface is rendered inactive. It could thercfore be

considered that for the conmnstant strain and load type of
test, cracks will only propagate if their rate of advance-
ment is sufficient to maintain the crack tip strain rate
above the minimum strain rate for cracking. It would
therefore be expected that cracks will stop propagating if
relaxation or work hardening causes a sufficient decrease

in the strain rate.(73)

From such considerations it has been proposed that the
constant strain rate test is not completely divorced from
the service conditions pertaining to failure. The test has
been successfully employed for mild steel in hydroxide

a2y and basically entails the application of a

solutions
uniaxial load to a tensile specimen at a constant strain,
or more correctly deflection rate, whilst the specimen is
Icontained within a given environment. Testing is usually
undertaken within a range of deflection of 10_4 - 10—6 mm/Ss,

the particular value chosen being dependent on how readily

the alloy films.

The susceptibility to stress corrosion cracking may be
evaluated by this test from the maximum load, the elon-

gation to failure or from metallographic examination.

2.5.2 Experimental Procedure

In order to allow an evaluation of variables such as alloy
composition, metallurgical state and environment on the

susceptibility to stress corrosion cracking it was
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decided that the constant strain rate test was best

suited. The design of the test rig was based on previously
published information (153) using a standard Hounsfield
Tensometer geared to give a strain rate range of loﬁ{/s to
10_6/5 on a 28 mm gauge length specimen. However, for

this work a modified Hounsfield Tensometer was used which
allowed the automatic plot of load versus displacement.

The environmental cell (Fig 24) was machined from a
cylindrical block of Perspex and contained an integral
platinum mesh electrode and facilities for a calomel

reference electrode and an entrance and exit to allow the

continuous circulation of the environment media.

Since pitting is often a necessary prerequisite for stress
corrosion the test specimens were designed to incorporate
a 0.13 mm radius notch situated at the centre of the gauge

length.

Prior to undertaking stress corrosion testing a series of
potential versus log. current diagrams were potentio-
statically plotted in order to ascertain the influence of
environmental conditions on the corrosion performance.

The potential range to be examined was automatically
scanned using a stepping potentiometer in conjunction with
a Wenking Potentiostat, and the values of current and
potential plotted using an X-Yy log -1lin recorder. The area
of the specimen was chosen as 1 cm2 which resulted in the
current being directly plotted as log current density.

The dimensions of the working and platinum counter
electrodes were chosen to give an area ratio of 1:10 to
ensure that the electrochemical process on the working

electrode was controlling. The working electrode specimens
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were mounted in a thermosetting polymer and prepared by
hand grinding to a 600 grade emery paper finish. Electrical
contact was made by drilling and tapping a thread through
the mounting enabling a brass rod to be screwed into the
specimen. The rod was protected from the electrolyte by a
Perspex sleeve and a rubber 'O' ring seal. Electriéal
contact between the environment and calomel reference
electrode was made by use of a salt bridge. This was
constructed from glass tubing which had been drawn to a
point and filled with a gel of agar-agar and KCl. The
narrow end of the salt bridge enabled it to be positioned

adjacent to the working electrode.

The technique applied in the production of the potential/
log current diagrams involved holding the specimen at
=2000 mV (with reference to a standard saturated calomel
electrode) for ten minutes prior to beginning the scan.
The ensuing evolution of hydrogen ensured that any
atmospheric films were removed to produce a 'clean'
surface. Initial broad range potential assessments were
carried out at scan rates between 50-100 mV/min followed
by detailéd plots over narrower potential ranges at

For future reference to service conditions potential regions
pertaining to film formation were identified from the
potential/log current diagrams produced. Working electrode
specimens were then reground and potentiostatically stepped
from -2000 mV to the appropriate potential identified and
held at this value for film growth. On removing the

specimen from the electrolyte the film if sufficiently thick
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was scraped off the surface using a nickel spatula, then
analysed by the powder X-ray diffraction technique. A
Debye Sherrer camera was used with copper Ka radiation.
Exposure times varied from eight to eighteen hours
depending on the density of the diffraction lines formed.
A Philips diffractometer was used for the remaining.
specimens where the film was too thin and tenacious to be

removed from the surface of the specimen.

The potential/log current graphs were also examined to
determine conditions of unstable film formation which
would indicate a possible susceptibility to stress
corrosion. However, those formed with current densities
in excess of 0.10 mA/cm2 were excluded since it is con-
sidered that the high general rate of corrosion associated

with such values would not favour stress corrosion.

Prior to undertaking the stress corrosion tests it was
considered necessary to determine the influence of strain
rate in air on the tensile failure mode. Practical
observations on brass have shown stress corrosion crack
propagation rates to be within the range 10-'5 - 10_3 mm/ s
(124)giving a strain rate range on a 28 mm gauge length

of 3.6 x l(:)_8 - 3.6 x lo_s/s. For this work the range of
% 10—6/3 -1 x 10‘?/3 was chosen since it was considered
that this was sufficiently fast to maintain the crack tip
strain rate above the minimum for cracking yet slow enough

to allow electrochemical reactions sufficient time to

influence the mode of failure.

To maintain standard pH conditions during testing two ten

litre reservoirs were used in conjunction with the test
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cell. This enabled continuous circulation of the environ-
ment solution, diluting the anodic/cathodic products and
by aerating the infill reservoir replenishment of
dissolved carbon dioxide to maintain the buffering action
of the carbonate-bicarbonate reaction ey which occurs
in sea water. However, alkaline solutions other than sea
water were found to declin; in pH during testing, due to
an increase in the dissolved carbon dioxide content and
therefore aeration was not undertaken for these environ-
ments. Additionally, since circulation also aerates the
solution, to maintain a constant pH it was found necessary

to include carbon dioxide filters to the air inlets of

the reservoir.
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RESULTS

Microscopy and Mechanical Properties

3.1.1. As Received Material

Metallographic examination of the eleven 'as received'
materials in the ground, polished and etched condition
(Figs 23-33) showed in all instances a twinned micro-
structure typical of a wrought single phase alloy. A
variation in grain size was observed between the eleven
specimens, which did not appear to show a dependence on
either degree of cold work or chemical composition.
However, the level of cold work within a composition
group was discernible from the density of slip lines
present within the grains, and it was possible to relate
alloy composition with the slip line density. The presence
of globular precipitates along grain boundaries and within
the grains was noted, but there was no significant
variation in precipitate volume between solution-treated

and cold drawn samples.

The results of the tensile tests on the 'as received'
material are shown in Figs 34-37. As a generalisation it
was found that the ultimate tensile strength, 0.2% proof
stress aﬁd elpngation varied with cobalt content and level
of cold work. The influence of cobalt content on these
properties was found to be greater in the solution treated
condition and to diminish with increasing levels of cold

work. Cold work had the more significant effect.

A more complex relationship was observed for the work
hardening exponent M'.. The highest values were recorded
for the solution treated material, however, unexpectedly

the 25% cold drawn samples had higher values than those
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obtained from the 12% cold drawn material. In general
there was not a large variation with cobalt aparl Erom o
significant reduction for the 0.7% Co containing alloy for

all three material conditions.

Vickers hardness values (HV 30kg) on longitudinal sections
of as received material are given in Fig 38 which plots the
best line through the standard error of the mean (95%
probability). 1In general the hardness values were similar
to the results of UTS and 0.2% proof stress. It was again
noted that the level of cold work had the more significant

effect.

3:1:2 Aged Material

Contour maps of the 0.2% proof stress, ultimate tensile
stress, % elongation, strain hardening exponent n, and
Vickers hardness plotted as a function of ageing tempera-
ture verses ageing time are shown in Figs 39-58. From
these graphs the effect of cobalt content and degree of

‘prior cold work on the ageing response is discernable.

The effect of ageing 'as received' material on its 0.2%
proof stress is shown in Figs 39-42. Following the 40000
heat treatment it was found that the cobalt containing
alloys increased in strength as a function of ageing time
and level of cold work. The effect could not, however,
be directly related to cobalt content although in general
higher values were recorded with increasing cobalt
content. In comparison the solution treated control, OA,
showed virtually constant properties on ageing at this
temperature while the cold worked control, OB, indicated

a tendency for softening on prolonged heat treatment.
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Ageing the cobalt-containing alloys at higher temperatures
was shown to decrease the incubation period although the
maximum hardening achieved was reduced. Over-dgeing was
also achieved, which occurred at a time-temperature
combination related to the degree of prior cold work.
Ageing the solution treated control, OA, at higher
temperatures, however, showed’invariant properties,
although the cold worked control, OB, was shown to soften

at shorter times for higher temperatures.

It'may be seen that a maximum value of proof stress of

600 N/mm2 may be achieved on ageing the 25% cold worked
cobalt containing alloys for 106 seconds at 400°C. Ageing
the solution treated alloys for similar time/temperatures
also gives peak strengthening, however, the values achieved
are approximately halved. The contour maps also show that
the solution treated alloys 7A and 1A, exhibit a minor
ageing peak prior to major strengthening. 1In general,
similarities in the form of the contour maps were observed
for a given cobalt content between the solution treated,

12% and 25% cold worked conditions.

The result of ageing on the ultimate tensile stress is

shown in Fig 43-46. The same trends, as observed for the
0.2% proof stress were found, namely strengthening of the
cobalt-containing alloys prior to softening, dependent on

a time-temperature relationship. The cobalt-free control
alloy OA again showed an invariant response and the cold
worked control OB softened with increasing time at
temperature. The changes observed in ultimate tensile
stress were not, however, as great as those recorded for

the 0.2% proof stress, either in absolute terms or expressed

as a percentage.



Examination of the ultimate tensile strength contour maps
shows that a maximum value of 735 N/umg is achieved on
ageing alloy 1C for 10b seconds at 400°C. Peak hardening
in general, was observed to occur at similar time/
temperature combinations observed for the plots of proof
stress. Lower figures again being obtained from ageing
solution treated material in comparison to cold drawn
material. It was noted, however, that there appeared to be
a closer relationship of cobalt content with ultimate

tensile stress than with proof stress.

A generalised observation may be made relating to both
ultimate tensile strength and 0.2% proof stress namely that
increasing strength is related to increasing cobalt content
in the 'as received' condition, and that on ageing, the
0.5, 0.7 and 1.0% cobalt containing alloys strengthen by

approximately the same degree.

The ageing response of percentage elongation to fajilure is
shown in Fig 47-50, where it may be seen that there is a
broadly inverse relationship to both ultimate tensile

stress and 0.2% proof stress.

It was observed that maximum strengthening following

ageing of the 25% cold worked, 12% cold worked and solution
treated alloys resulted in respective % elongations of
16-20, 32-44, and 45-52., The scatter recorded is a
function of the cobalt content the lower figure for each
condition being related to 1% cobalt and the higher figure
to 0.5% cobalt. The form of the percentage elongation
contour map was not, however, similar in detail to those

obtained from the strength properties which indicated that
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the ductility of the alloy was not inversely proportional

to strength.

The work hardening exponent n showed broadly inverse

ageing characteristics to the proof stress and UTS, but
different in detail. The strain hardening exponent n was
calculated for tensile samples selected from pre-peak,

peak and overaged states, identified from the results of
the 0.2% proof stress. The results of the calculations

to obtain n are plotted graphically in Fig 51-54. Within
the scatter of the technique it was observed that the
exponent decreased with cobalt content and level of cold
work, and reached a minimum in the peak aged condition.

The largest changes occurred in the samples cold worked
25%. At all times the value of n was found to be less

than that reported for annealed copper (0.54) and annealed
70-30 brass (0.49). values of approximately 0.4 were
recorded for the solution-treated state although higher
values (0.45) were achieved following prolonged ageing at
700°cC. The lowest value obtained was 0.1 which corresponded
to a peak ageing treatment for material which had been cold

worked by 25%.

Vickers hardness values (HV 30 kg) as a function of ageing
time and temperature plotted as the best line through the
standard error of the mean (95% probability) are shown in
Figs 55-58. 1In general terms the response was similar to
that observed for ultimate tensile strength and 0.2% proof

Stress.

The metallography of the ageing process was studied using

500°C aged samples of alloys OB, 7A, 7B and 7C. These
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alloys encompass to some degree the changes on ageing found
in all the other combinations of composition and heat-
treatment and thus may be considered to be representative

of the whole series of alloys and conditions.

It was observed that the OB alloy had an approximately
invariant grain size on ageing for 102 - 106 seconds when
compared to the as-received state (Figs 59-64). The only
apparent change observed was a reduction in the density
of the internal strain lines with increasing time at
temperature. For times in excess of lo4 seconds the

strain lines were no longer visible.

In comparison similar ageing treatments on the cobalt
containing alloy 7A (Figs 65-70) showed grain growth on
prolonged heat treatment. More significant, however, was
the observed increase in precipitate density which
appeared to reach a maximum after 104 seconds prior to
decreasing at longer ageing times. Ageing the 12% cold
drawn version of the alloy (7B, Fig 71-76) did not show
the same level of grain growth, although it was noted
that the 'as received' grain size was larger. In contrast,
recrystallisation was observed in the higher cold worked
alloy, 7C, on ageing for periods in excess of 105 seconds.

(Fig 77-82).

Scanning electron microscope examination at higher
magnification confirmed the precipitation of a second
phase in the cobalt-containing alloys. Although
precipitates were cbserved in the solution treated (as-
received) state (Fig 83) they were generally large and

randomly distributed throughout the structure while
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ageing (SOOOC for 106 seconds) resulted in a high density
of fine precipitation throughout the structure (Fig 84).
The form of this second phase was found to depend on its
location. Coarse, globular precipitates were observed
along the grain boundaries, with smaller but still
globular precipitates along twin boundaries. Uowevér,
within the grains the precipitate showed a needle-like
morphology. Adjacent to both grain and twin boundaries

was a precipitate-free zone.

Similar grain boundary precipitation was also observed in
the cold worked alloy (7C) in the 'as received' state.
Examination of this alloy following ageing for lO6 seconds
at 500°C confirmed the optical observation of
recrystallisation, and it was noted that resolution of

precipitates had occurred.

The precipitate size precluded quantitative analysis by
electron probe microanalysis. However, a quantitative
spot analysis of a precipitate is shown in Fig 85 which
illustrates an X-ray trace from which the matrix
contribution has been electronically stripped. The
analysis indicates that the precipitate phase is basically

an aluminium-cobalt compound.

The presence of another precipitate phase was also
established by the scanning microprobe analysis. This
phase was found to be sulphur rich, mainly globular in
nature (5-10 um) and to be randomly distributed throughout
the matrix. By reducing the accelerating voltage to 10 kV
it was possible to reduce the beam penetration to a degree

that allowed guantitative analysis to be undertaken. A
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series of spot analyses across the diameter of a precipitate
gave similar results which confirmed that there was no
contribution from the matrix due to beam overlap. The
analysis, corrected for atomic number, fluorescence and
(126) S

absorption effects indicated that the composition

of this phase by weight was, Cu 25%, Al 15%, S 60%. By
converting these figures to dtomic percentages it was shown

that the compound is Alo 6 Cu0 4 S and could be most nearly

represented by the formula (Al Cu}sz.

3.2 Electron Microscopy

Transmission electron microscopy of the 0.7% cobalt containing
alloy in the solution treated condition (7A) showed fine parallel
features representing either planar networks of extended dis-
locations or fine twins. A speckled background contrast suggested
that a fine matrix precipitate might also be present (Fig 86) .
Bend contours (Fig 87) highlighted the precipitate by tilting the
folil into favourable contrast conditions. The horizontal features
in Fig 87 displace the bend contours and probably represent twins

running through the thickness of the foil parallel to the beam.

In comparison, Fig 88 illustrates the structure of the 25% cold
worked version of this alloy (7C) and shows broad twins with a
heavily dislocated substructure. A selected area diffraction
pattern of the twinned region is shown in Fig 90 and a centred-
dark field from the (111) diffraction spot in Fig 89. A stereo-
graphic projection of a cubic crystal twinned on the (111) plane
is shown in Fig 91. On this is marked the planes corresponding
to the twinned diffraction pattern of Fig 90. The sharp contrast
change between the broad twin bands shows that the twins

alternate in crystal orientation across the twin planes. The
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extended dislocations are clearly shown by this dark field
technique. The twin bands are running almost parallel to the
electron beam and the twin plane must therefore be represented

by one of the diffraction spots in Fig 90. Compensating for

image rotation between the dark field image and the diffraction
pattern puts the trace normal close to the (111) reciprocal
lattice vector, indicating that this is the twin plane. However
the diffraction pattern indexing requires the twin plane to be

the (111) which lies about 20° from the zone axis. It is concluded
that twinning must occur on at least two different twin planes to

explain these results.

The effect of tilting the foil on precipitate and stacking fault
contrast is shown in Figs 92, 93 and 96 which show a different
area of the foil. These micrographs show large precipitates
=200 nm diameter and some very small ones. There are large
numbers of dislocations, many in extended form giving stacking
fault contrasts between the separated partials. The stacking
faults lie on two principle crystallographic planes. Correcting
fo; rotation, the projected normal of one stacking fault plane
lies close to the (331). The tilt angle of the stacking fault
plane was calculated to be = 220, assuming the foil thickness
to be 40 nm. Since the (111) plane lies 22° from the (331)
plane towards the zone axis, it is considered that this is the
fault plane. The second set of stacking faults are orientated
85° from the first and about 50 nm wide in projection,
indicating a tilt angle of about 40°. The (111) plane lies 40°
from the plane of the diffraction pattern towards the zone axis,
aﬁd is the probable fault plane. A centred dark field photo-
graph from the (111) twin plane with the corresponding diffraction

pattern is shown in Figs 95 and 94). The indexed diffraction
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pattern is plotted on the (11l) twin stereographic projection in
Fig 91. The centred dark field photograph also highlights the
precipitates, which indicates that the (111) planes of the matrix
are coincident in direction and interplanar spacing with some
precipitate planes. Large spheroidal precipitates (= 200 nm
diameter) were found throughout the foils examined for all
material conditions. These in general were too thick to give
diffraction patterns. However, Figs 97 and 99 show a bright field
photograph with a corresponding selected area diffraction pattern
from such a precipitate which had been sufficiently thinned. The
precipitate reflections were indexed as simple cubic with a
lattice parameter of 3.08%8. The orientation of the precipitate
with respect to the matrix was analysed as (250)m // (112) ppt,
E.ll’]m / [li(i' ppt- A dark field from the (101) precipitate plane
is shown in Fig 98. This confirms that the diffraction pattern

is indeed from the precipitate.

Examination of the aged solution treated alloy (7A55) to pre-peak
hardness showed groups of precipitates approximately 50 nm in
diameter located in broad bands. The parallelism of these bands
and the thickness fringes within them are reminiscent of twin
boundaries. No strain fields were associated with these
precipitates. In addition to these globular precipitates a rod-
like phase was also observed which was found with various
orientations within the foil. Examples of these precipitates
with a selected area diffraction pattern and respective dark
fields from a (011) precipitate plane are shown in Figs 100-104.
From the diffraction pattern the smaller globular precipitate

was found to be simple cubic with a lattice parameter identical
to that of the large globular precipitate. A series of matrix

zones were identified in the diffraction pattern which are
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related by an approximate 30° total tilt. The dislocation
structure of the aged alloy 7A55 is shown in Fig 105 where a
planar array of partial dislocations with associated &small
stacking faults are observed. Evidence that the larger globular
precipitates could obstruct dislocation movement is shown in
Fig 106 where a line of dissociated dislocations is shown piled

up against such a precipitate.

Ageing the solution treated alloy (7A56) to peak hardness
eliminates stacking faults within the foil, in their place narrow
single dislocations were observed. A typical example is shown in
Fig 107. A selected area diffraction pattern from this region is
shown in Fig 109, in which a simple cubic precipitate phase having
a lattice parameter of 3.08% is identified. The precipitate was
found to have an orientation relationship with the matrix of
(A1) / (110) ppt. I:Ici:lm /4 [-lll] ppt Which conforms to the
Kurdjamov-Sachs relationship. A centred dark field photograph
from the (001) precipitate reflection is shown in Fig 108, This
shows strong diffraction from a small rounded precipitate and
also some diffracted intensity from two rod-like precipitates.

A very fine background precipitate is also revealed in this dark-
field photograph. A stereographic projection representing the
Kurdjamov-Sachs.orientation relationship between body and face-
centred cubic crystals showing the indexed diffraction pattern
and the tilt axis of the foil is shown in Fig 110. A diffraction
pattern from the same area of the foil but tilted by approximately
17° is shown in Fig 111. The precipitate and matrix zones from
this pattern are also plotted in Fig 110 with respect to the foil
tilt axis. It may be seen that there is again an agreement with
the Kurdjamov-Sachs orientation relationship. A diffraction

pattern from a different region of the foil giving matrix and
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precipitate reflections is shown in Fig 112. The lattice para-
meter of the precipitate phase was similar to that previously
identified, however, the [éli]m ﬁ’[}lo ppt zones did not fit the
Kurd jamov-Sachs relationship and did not put matrix and

precipitate major planes in coincident positions.

Ageing the solution treated/cold drawn alloy to peak hardness
(7C53) appeared to decrease the stacking fault density. A photo-
micrograph showing this effect is given in Fig 113 and a
corresponding selected area diffraction pattern showing a(ﬁld}zane
with weak additional reflections in Fig 114. A further bright
field micrograph from this material condition is given in Fig 115
which shows the presence of precipitates associated with stacking
faults. A selected area diffraction pattern of this region is
given in Fig 117, which shows a similar(?ld}zone with extra
reflections. In addition, however, a line of (OOL) precipitate
spots were present. A dark field from a precipitate reflection

produced the photograph of Fig 116.

A further decrease in the planar dislocation density coincided
with the appearance of a rod like background precipitate in the
overaged state of the cold drawn alloy (7C55) (Figs 118, 119).
A selected area diffraction pattern (Fig 120) showed the
precipitate to be simple cubic (a = 3.083) with an apparent
orientation relationship with the matrix of [543] i [In]ppt_,

(lol)m // (le)ppt.

33 Stress Corrosion

3.3.1 Polarisation Studies

It was considered from examination of the equilibrium
potential - pH diagram of copper in seawater that three pH

conditions would encompass the changes resulting from this
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variable. It is shown that at pH three copper passes from

g 2+ :
the immune state to a state where free Cu forms with
increasing positive potentials. On increasing the pH towards
that of natural seawater (8.1) more positive potentials give
rise to the formation of Cu20 then CuO and finally Cu2(OH)3C1.
A further change is observed at pH values in excess of twelve

when Cu(OH]2 is formed in preference to the complex chloride-

hydroxide.

A potentiostatic plot of alloy OB in hydrochloric acid at
pH 3.1 is shown in Fig 121. It was found that on polarising
in the anodic direction from -2000mV the current density
showed a minimum of 0.035 cm 2 on the cathodic side of
the corrosion potential (~175 mV) at -280 mV. A continuous
increase in current was observed on further polarisation in

the anodic direction.

In comparison Fig 122 shows a similar plot obtained from
sodium hydroxide at pH 8.1. Although a minimum is again
observed on the cathodic side of the corrosion potential it
was located at -175mV. However, it was noted that the
corrosion potential has also changed position and that the
potential difference between Ecorr and Emin remain
relatively constant. Polarising away from the corrosion
potential again showed an increase in current density,
although it was not continuous and there were two minor
troughs at +400mV and +650mV. A potentiostatic plot
obtained from sodium hydroxide at the higher pH level
(12.35) is given in Fig 123. This increase in pH was shown
to modify the form of the potentiostatic curves previously
identified. 1In this instance no significant minimum was

observed on the cathodic side of the corrosion potential,
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however, a passivation trough having a current density of
0.05mA/cm2 was observed over the potential range +200-
+550mV. In contrast to the two previous results which
showed that by increasing the pH from 3.1 to 8.1 the
corrosion potential shifted to more noble potentials, a
further increase in pH to 12.25 has resulted in a move in
the reverse direction to a more base potential. It is
also apparent from Fig 123 that at this higher pH level,
fluctuations exist in the current density on both the
anodic slope of the corrosion potential and within the

anodic passivation trough.

It has been reported that the presence of copper ions is
necessary for the promotion of stress corrosion of copper
alloys in complex ammonia solutions. As a prelude to
investigating the possibility of a similar influence in
aqueous sodium hydroxide, a potentiostatic plot was
obtained from a solution of sodium hydroxide at pH 12.25
with the addition of fifteen parts per million of cu’ ions.
(Fig 124). 1It is shown that the addition of the copper
ions altered the corrosion potential to -350mV. It was
also apparent that a plateau in current density of 0.05m§/
cm'2 bethen -600mV and the corrosion potential had

formed as a result of the addition. Furthermore no anodic
current density peak was observed and instead a continuous
passivation trough was observed to extend from the

corrosion potential to +400mV.

In order to determine the effect of specific ions as
opposed to pH it was decided to obtain a polarisation
curve fram sodium carbonate solution. However, a direct

comparison cannot be made with sodium hydroxide solution
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since it was not possible to increase the pH value of a
sodium carbonate solution above the value of 11.5 for the
saturated state. Examination of the plot obtained

(Fig 125) shows the corrosion potential to be now -400mV.
In general the plot was more similar to the Cu+ ion
containing than the Cu+ free sodium hydroxide solution,
However, the anodic passivation region had been extended

to +700mV.

The effect of an addition of fifteen parts per million of
cut ions to the sodium carbonate solution is shown in

Fig 126. Although the corrosion potential has remained
unaltered and the general form of the curve is the same,
the presence of a current density peak at -150mV is
apparent. In addition a minor passivation trough was
observed on the anodic slope of the corrosion potential

which was not present in the copper-free solution.

A factor which was common to all of the higher -pH
solution potentiostatic curves was that they all showed,

to various degrees, fluctuations in their current density.

A potentiostatic plot of the alloy in aerated seawater

(pH. 8.1) is shown in Fig 127. This illustrates that the
alloy has a more base corrosion potential in this environ-
ment than in sodium hydroxide at a similar pH. In
addition a small anodic passivation trough was observed in
seawater at -320mV prior to the current density rising to

a plateau value of approximately 7mA/cm2 at 40mv,

In comparison an anodic polarisation curve fram the free

corrosion potential in seawater, is shown in Fig 128. The



free corrosion potential was measured as -250mV which may

be compared with -500mV and -300mV for the respective
corrosion and passivation potentials observed on polarising
from -2000mV as shown from the previous graph. However,

this apart, the form of the anodic plot was similar to the

anodic section of Fig 127.

A polarisation curve in seawater from the solution-treated
version of the OB alloy (OA) is shown in Fig 129, This
shows that although the corrosion potential and anodic
pdbsivation potential have shifted to -400mV and -200mV
respectively, the overall form of the plot is the same as

that from the cold worked version of the alloy.

In comparison the effect of a one per cent addition of
cobalt, with the level of cold work remaining constant (IB),
on the seawater polarisation behaviour is shown in Fig 130.
In contrast to the effect of cold work/solution treatment,
this shows that the change in alloy composition has not
affected the corrosion potential. However, there is now no
longer any evidence of an anodic passivation trough,
although a similar current density plateau was observed

between the potential range O + B800mV.

The potentiostatic curve of the solution treated version
of this alloy (IA) is shown in Fig 131, which illustrates
that the behaviour was similar to that of the IB alloy.
From the graphs it may be seen that for the cobalt
containing alloy the solution treated version has a
corrosion potential 100mV more base than the cold worked
version whilst for the cobalt free alloy the solution

treated corrosion potential is 100mV more noble than the

cold worked version.
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3.2.2 Analysis of Corrosion Films

To ascertain the nature of the corrosion films present on
OB in seawater, the corrosion products formed at various
potentials were analysed by X-ray diffraction. Although
the analysis indicated that the products were multiphase,
three principle compounds were identified as being present
dependent on the degree of anddic polarisation. At -320mV,
corresponding to the first anodic trough a thin white
coating was formed. The main constituent of this coating
was either Ag(Cl,Br) or NaCl, since within the accuracy of
the work it was not possible to distinguish between the
two. This compound was also identified as the major phase
at the more positive potential of -100mV. On increasing
the potential to +60mV i.e to a value sufficient to reach
the plateau in current density recorded in Fig 127 a
copious flossy green product was formed. The previous
compound and the compound Cu7C14{OH)10H20 were identified
at this potential. At an increased anodic polarisation
potential of +340mV the corrosion product observed was
still copious, green, and had poor adherence qualities.
However, in this instance the products were identified as

being mainly CuCl.

X-ray diffraction studies on the seawater corrosion
products from the one per cent cobalt containing alloy
showed that similar compounds were formed. However, the
potentials at which the compounds were different as

suggested by the relevant polarisation diagrams.

In order to determine the effect of pH on the composition
of the corrosion products, films were grown on OB in

seawater modified to a pH of 12.5 by the addition of
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NaOH. At a potential of Omv corresponding to the anodic
slope of the corrosion potential, a thin, tenacious black
film was observed. Since this film could not be readily
removed from the surface a back reflection technique was
employed. The limited information generated indicated
that the corrosion product was Cuzo. The corrosion
product formed in this envirdnment at +400mV, i.e within
the passivation trough was more abundant, and found to be
mainly Cu(OH)Cl. The results obtained for the various
corrosion products are listed in Table 2, which may be
compared with the interplanar spacings 'd' of standard

compounds given in Table 3.

3.2.3 Constant Strain Rate Tests

In order to ascertain the susceptibility of the alloys to
stress corrosion cracking the series of tests shown in
Table 4 were undertaken. The effect of strain rate in air
is demonstrated on OB where it may be seen that there is

a significant reduction in the percentage elongation to
failure on reducing the strain rate from 1x10 /s to
1310—6/3-A slight additional reduction in elongation was
also observed on further reducing the strain rate to
lxloﬁ?/s; The fracture surfaces of these specimens are
shown in Figs 132-137. At the strain rate of 1x10“3/s
ductile dimples were observed covering the entire fracture
surface. However, at the two slower strain rates although
ductile dimpling was still predominant, areas were also
observed which showed secondary grain boundary cracking and
flat facets. There also appeared to be a tendency for

intergranular failure at the slower strain rates.
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In comparison to the tests undertaken in air, the
elongations to failure of OB in seawater (pH = 8.3) at

both % - l.lO_G/S and 1x10~ !/s were more than doubled.

Fractography of these samples again indicated (Figs 138-
141) that ductile dimpling had occurred, but in addition
the fracture surfaces were qlso covered with corrosion
products. However these corrosion films were not

continuous, and areas of crazing were observed.

Anodic polarisation of OB in seawater to -200mV at € =
1x10-7/3 suggested that in comparison to the previous test
undertaken at the rest potential these conditions increased
the susceptibility to stress corrosion cracking. In
conjunction with this decrease in elongation secondary
cracking of the underlying material was observed on the
fracture surface and there was also evidence of selective

corrosion (Figs 142-143).

A repeat of this test at the more anodic potential of
-100OmV gave an increase in the elongation to failure, but
it was also noted that extensive general corrosion of the
specimen occurred during the test period. Details of the
fracturé surface relating to this test are shown in Fig 144

-145, where significant intergranular corrosion is apparent.

An addition of 10 ppm of L.cystine to seawater was shown
to have no significant effect on the susceptibility of OB
to stress corrosion cracking at the rest potential.
General corrosion products were again observed on the
fracture surface which covered the underlying structure of
coarse ductile dimples. Secondary cracking of the surface

was also observed (Fig 146-147).
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A susceptibility of OB to stress corrosion cracking (2.3%

elongation to failure) was observed, however, in NaOH e B RS
at the rest potential for the strain rate of Ixin"“/n. The
fracture surface in this instance showed two distinct modes

of failure. Whilst the majority of the surface was indicative
of cleavage there was also a smaller area adjacent to bart of

the circumference where intergranular failure had occurred,

as illustrated in Fig 148-149.

Anodic polarising OB in this solution to a potential (+500mV)
corresponding to the passivation trough shown in Fig 123
gave a higher elongation to failure indicating a lessening
of sensitivity to stress corrosion cracking. This was
supported by the fractographic evidence which indicated a
transition mode between ductile dimples and cleavage.

(Figs 150-151).

The effect of an addition of 15 ppm of Cu+ ions on the stress
corrosion resistance of OB at its rest potential in NaOH

(pH 12.3) was also determined. Although the elongation to
failure suggested that this addition had not increased the
susceptibility, the fracture surface was more indicative of

cleavage than from the copper-free solution (Fig 152-153).

Similar tests were also undertaken in saturated NaCO3
solution (pH 11.5) with an addition of 15 ppm of cu’ ions to
determine the influence of specific ions for a given pH
value. The elongation to failure in this solution was iden-
tical to the test in NaOH solution and the fracture surface
similarly showed areas of both intergranular and cleavage/

ductile cracking. (Fig 154-155).

The effect of the cobalt addition on the stress corrosion
resistance of the basic 93/7 Cu/Al alloy was determined by

testing IB in seawater. The test was undertaken at the

90



rest potential at a strain rate of lx10_6/s.

Similarly to the test on OB, corrosion producls were observed
on the fracture surface covering an underlying dimpled
structure. Fig 156-157. It was noted, however, that the

elongation to failure was higher (14%) for the cobalt con-

taining alloy.

To ascertain the influence of strain rate, tests were also
undertaken on this alloy in air. A reduction in the elongation
value to failure was again observed on decreasing the strain
rate, however, in contrast to the cobalt free OB alloy the
reduction was not as significant. Values of 3.1% and 11.3%
were respectively obtained at g e lx10_6/s for OB and 1B,

whilst at € = lxlO—l/s the respective values were 46% and 31%

Illustrations of the fractography of IB in air at 8 = lxlo_b/s
are given in Figs 158-159 which mainly show ductile dimpling
although regions exhibiting a flat fracture form were also

observed.

Anodic polarising IB in seawater to -200mV was not found to
increase the susceptibility of the alloy to stress corrosion
cracking. Corrosion products overlaying a dimpled network as
in the case of the rest potential test were observed and are
shown in Fig 160-161. However, there was also an indication

of selective corrosion of the fracture surface.

Seawater stress corrosion tests were also undertaken on the
aged version of this alloy (IB54 and IB56) .Commensurate with
the ageing response a change was observed in the stress
corrosion resistance of the alloys. 1In the partially aged
condition (IB54) preferential pitting of the fracture surface
along twin boundaries and dislocations was observed (Fig 162-
163). Whilst in the fully aged condition (IB56) cleavage

cracking was predominant. (Fig 164-165).
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Stress corrosion tests on the solution treated version of
the cobalt containing alloy IA in seawater gave higher
elongation to failure values than the cold drawn IB
material. General corrosion of the dimpled fracture
surface was again observed as shown in Fig 166-167. Similar
tests undertaken on the alloys IA54 and IA56 showed that
ageing the solution treatedalloy also increased the
susceptibility to stress corrosion, although the degree of
sensitisation was not as significant as that shown for the
qpld worked version. The fracture surfaces from both
ageing treatments showed preferential corrosion at dis-
locations but it was noted that the effect was greater for
the longer ageing treatment (Fig 168-171). Commensurate
with this effect the elongation to failure was found to

decrease with increased ageing.

Tests undertaken on the 25% cold drawn cobalt alloy IC
further confirmed the influence of ageing on the suscepti-
bility to stress corrosion in seawater. However, it was
shown that prolonged ageing which resulted in recrystalli-
sation and softening removed this sensitivity. Fractographs
from IC, IC54 and IC56 are shown in Figs 172-177. It may
be seen that ductile dimples are present on IC and IC56
whilst IC54 shows cleavage with selective corrosion at

dislocations.

Stress corrosion tests were also undertaken on the IB alloy
in the as-received and aged conditions in sodium hydroxide
(pH 12.3) of the free corrosion potential. Fractographs
from these specimens indicating cleavage cracking are

shown in Figs 178-181.
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FIG 23
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FIG 24 0B 0% Co  Solution Treated + 12% Cold Work 304
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FIG25 5A  05% Co  Soltion Treated  x304

FIG2Z  5C  05% Co  Solution Treated + 25% Cold Work  x304
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FIG28 7A  07% Co  Soluton Treaed  x304

FIG30 7C  07% Co  Soluon Treated + 256% Cold Wok  x304
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FIG 39. 0.2% PROOF STRESS AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 40. 0.2% PROOF STRESS AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 41. 0.2% PROOF STRESS AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 42 0.2% PROOF STRESS AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 43. UT.S. AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 44. UT.S. AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 45. U.T.S. AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 46. U.T.S.AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 47. % ELONGATION AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 48. % ELONGATION AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 49. % ELONGATION AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 60. % ELONGATION AS A FUNCTION OF AGEING TIME AND TEMPERATURE

1% COBALT SOLUTION TREATED (la)

ALLING [ 60 b
TEMAPERA T LME
aly
a8
600 44
500 44
aH
b
400 v
AN w o? ot 1o W08 AGENG T
ISECS)
1% COBALT + 12% COLD WORK (1b)
AL N, L)
TEMPERATURL o) 16%
32
B
32
B0
Jq
e . : 32 §34 f_;al k! 4
Al 0 0! ot w0t 0% AGEING 1M
ISECS)

1% COBALT + 26% COLD WORK (1c)

ALEING 160
TEMPERATURE @)
BOO
%
500 a0
32
A

400

£

Al W 1w 1wt w0 W AGEING ML

111




FIG 51. WORK HARDENING EXPONENT n AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 52. WORK HARDENING EXPONENT n AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 63. WORK HARDENING EXPONENT n AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 54. WORK HARDENING EXPONENT n AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 55. VICKERS HARDNESS AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 66. VICKERS HARDNESS AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 67. VICKERS HARDNESS AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 68. VICKERS HARDNESS AS A FUNCTION OF AGEING TIME AND TEMPERATURE
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FIG 59 0B Uk LD Solution Treated + 12% Cold Work x304

FIG 60 0852 Aged 500°C for 107 s x304

FIG 61 0BS3  Aged 500°C for 10° s x304
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FIG 62 0854

FIG 63 0855

FIG 64 0856
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FIG 65 TA 0.7% Co Solution Treated x304

FIG 66 T1A52

FIG 67  7A53  Aged 500°C for 10° s x304
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FIG 68  7A54  Aged 500°C for 10*s  x304

FIG 69 TAS5

-

AG70  7AS6  Aged 500°C for 10° s 304

123




FIG 71 8 07% Co Solution Treated x304

FIGT2 7852  Aged 500°Cfor10°s  x304

FIG73 7853  Aged 500°Cfor 10°s 1308
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FIG74 7854  Aged 500°C for 10*s  x304

FIG75 7855  Aged 500°C for 10° s 304

i

FIG 76 7856 Aged 500°C for 10° s x304
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FIG77  7C

FIG 78  7C52

FIG 79 753
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FIG 80  7C54  Aged 500°C for 10%s 1304

FIG 81 7055  Aged 500°C for 10°s 304

FIGB2  7C56  Aged 500°C for 10°s 304
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FIG 83 1A 07% Co Solution Treated x2200

FIG 84 TA56 07% Co Solution Treated + Aged 500°C for 10°s x1500

128



L alpha lines

CR FE NI 2N Gt 58 R SR ZR L Ru PO co SN TE xE Ba CE ND SM GO DY ER ¥B HF w os PT HG

MANCD Cu GA as BR RB ¥ NE TC Ak AG IN sB 1 cs LA PR PM Eu T8 HO ™ Lu Ta RE " AU

'V'Nd '3 ¢8 9l4d

40 30Vil

1vlidiO3dd

Vg A a

K alpha lines




rys A
o

.WT‘{ F—:"""
I A v $ g
(a / . * " o

FIG 86 TA Brght Field x80k

FIGS  7A  Brght Fild  xI20k
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FIG 89 C Centered Dark Field of Fig 88 (from (T11) M ) x60k




FIG 80 1€ Selected Aea Drffracuon of Fig 88
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FIG 91 Stereographic Projecuon of ( 111 ) Twn Plane
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FIG 92 C Bright Field +20° Tit x25k

AIG93  7C  Bight Fied +30° Th  x25k
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FIG 94 1C Selected Area Diffraction Pamemn of Fig 93
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FIGS  7C Centered Dark Field of Fig 93

FIG96 7C Bnght Field —5° Tit x25k
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FIG 97 TASS Bright Field X120k

FIG 98 TA5% Centered Dark Field of Fig 97 X120k
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FIG 99 TASS Selected Area Diffracuon Patem of Fig 98
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FIG 100 TAS5 Bright Field x45k

FIG 101 TS5 Centered Dark Field of Fig 100 x45k
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FIG 102 7A55  Bright Field

FIG103  7A55  Cemered Dark Field from (OT) ppt xB0k




FIG 104 TA55 Selected Area Diffracton Pattem of Fig 102
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FIG 105 TA55 Bnght Field x200k

FIG 106 TA55 Bnght Field 200k
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FIG 107 TA56 Bright Field +15° Tit xBOk

FIG 108 1A56 Centered Dark Field of Fig 107 xB0k
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FIG 109 TAS6 Selected Area Diffraction Panem of Fig 107
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FIG M TA56 Selected Area Diffraction Pattern of hig 107 + 17° Tih
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FIG 12 JAbB Selected Area Diffracuon Pattern + 10° Tih
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FIG 13 1053 Bnght Field x30k
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FIG 114 153 Selected Area Diffracuon Panem of Fig 113
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FIG 15 7053  Brght Field 200k

FIG 116 €53 Centered Dark Field of Fig 115 200k
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FIG 117 €53 Selected Area Oiffraction Panern of Fig 115
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FIG 18 155 Bright Field x50k

FIGNS 7055  Brght Field x50k
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FIG 120 1C5% Selected Area Diffracton Patern of Fig 119
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G 122 E vs. LOG T DIAGRAM OF 0B

SODIUM HYDROXIDE SOLUTION , pH 81
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FIG 123 E vs. LOG I DIAGRAM OF OB
SODIUM  HYDROXIDE SOLUTION , pH 12-25
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FIG 124 Evs. LOGTIDIAGRAM OF OB
NaOH + 15ppm Cu*
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FIG 125 Evs.LOGI DIAGRAM OF OB
Na,CO;  pH 115
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FIG 126 Evs. LOGI DIAGRAM OF OB
Na,CO; + 15ppm Cu*
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FIG 127 E vs. LOG I DIAGRAM OF 0B

SEA WATER
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FIG 130 E vs. LOG T DIAGRAM OF 1B
SEA . WATER
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FIG 131 E vs. LOG I DIAGRAM OF 1A
SEA WATER
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TABLE 2

Measured X-ray Diffraction Data from Corrosion Compounds

SEAWATER pH 8.5

SEAWATER pH 12.5

=-320mV -=100mV +60mV +340mvV OmV +400mV

1 da®) | 1 a1 ad®d|r a®| 1 al®) | 1 a(®)
w 4.33 w 5.47 m 5.50 | w 5.54 m 0.94 5 5.47
w 3.43 | ww 4.98 |w 5.12|s 3.10 0.86 |vw  4.70
W . 335 m .27 vw 3.40 |w 2:90 m 0.84 vw 3530
w 3.24 s 2.83 YW 325 Twe T 2.59 s 2.84
vw 3.05 m 2.27 | vw 3.13 |vw 2.43 s 2.68
s 2.84 g - 22,00 058 . 2,79 { w2526 s 2.24
w 2,37 W 1.82 F'm 2,26 jvw 2:13 s 2.05
w 2,10 v ol.71 |tvw T 2.13 [vw.  2.03 w 1.95
8 2300 W 1. 63% 0 20008 1.91 m 1.78
w 1.82 vw 1.41 w Y76 w83 m 1.68
vw 1.71 w P26 we e s 1.63 vw 1.62
m 1.63 Yw . 0.84 I'w 1,63 |mi “1.35 vw 1.49
w 1.55 W 1.41 |m 1.24 335
m 1l.41 w 1.38 |m 1.1 1.26
w 1.38 w 1.26 |m 1.04

vw 1.29 W ST T 0096

s 1.26 vw 1.00

m 1.15 vw 0.94

w 0.996 vw 0.89

vw 0.953 vw 0.85

m

m

vw

1()‘.1




TABLE 3

Listed X-ray Diffraction Data

Ag (Cl,Br) NaCl Cu7Cl4(OH)lOH20 cucl Cu,0 Cu (OH) C1
PDF 14-255|PDF 5-628 |PDF 23-948 |PDF  6-344|PDF  5-667 | PDF 23-1063

1 a®)| 1 a1 a1 a®]r ak| 1 ad

3.24 3.26 | 100 5.49 .52 1re.or B2l 70 5,56

2.81 2.82 | 30 5.04 2.71 | 100 2.47| 10 2.84

1.99 1.99 | 50 2.84 ¥.02 37 - w2514 | Tl 298

1.70 1.63 | 90 2.7 1.634:1.6 21741 100 2,76

1.62 1.41 | 55 2.75 1.35 827 2.511 30" 282

1.26 1.26 | 90 D37 1.24 197 “a.29) 15 2.8

1.15 1.15 | 20 1.83 1,13 1 aso axi23 |es 2.2

0.94 0.89 | 15 .72 1.04 | 20 1.07.] 20 .2.00

10 1.39 4.0 0.98| 10 1.93

0.915| 3.0 0.95| 10 1.85

O - L O

3.0 083 1 10 " 169

20 1.61

10 1.50

10 1.39
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MATERIAL

OB
OB
OB
OB
OB
OB
OB

OB
OB
OB
OB

OB

OB56
IA
IA

IA54

IA54

IA56

IAS56
1B
IB
1B
IB
IB

IB54

IB54

IB54

IB56

IB56

IB56
IC
IC

IC54

IC54

IC56

IC56

TABLE 4

Constant Strain Rate Stress Corrosion Results

lxlO-T/s
1x10_./s
lxlo_?/s
1x10 _/s
=1x10_./s
=1x10 /s
B=1x10""/s

t“#OWOt"iOl'I?ONOWO

gzlxlo:s/s
=1%10 /8
8=1x10:6/s

B=1xi0"°/s

Pe1x167978

8=lx10_6/s
8=1x10-6/s
E=1x10 >/s
8=1x10'3/s
2=1x10 /s
B=1x10 /s
g=lx10-3/s
@o1x1073 /5
8=1x10~6/a
B=1x10 °/s
8=lx10_6/s
8=lxlo:g/s
8=lx10_ /s
f=1x10 6/3
9=lx1023/s
=1x10 6/5
8=1x10:6/s
£=1x10 /s
B=lxlo-3/s
3=1310*6/s
2=1x10-3/s
€-1x10"%/s
8=1xlo_3/s
B=1x10""/s

TEST CONDITION

Air

Air

Air

Sea Water Free Corrosion Potential
Sea Water -200mV

Sea Water -100mV

Sea Water + lOppm Cystine Free Corrosion
Potential

Sea Water Free Corrosion Potential

NaOH pH 12.3 Free Corrosion Potential

NaOH pH 12.3 + 500mV

NaOH pH 12.3 + 15ppm Cu® Free Corrosion
Potential

Na,CO3+Cut pH 11.5 Free Corrosion
Potential

Sea Water Free Corrosion Potential

Sea Water Free Corrosion Potential

Air

Sea Water Free Corrosion Potential

Air

Sea Water Free Corrosion Potential

Air

Air

Air

Sea Water Free Corrosion Potential
Sea Water =-200mV

NaOH pH 12,3 Free Corrosion Potential
Air

Sea Water Free Corrosion Potential
NaOH pH 12.3 Free Corrosion Potential
Air

Sea Water Free Corrosion Potential
NaOH pH 12.3 Free Corrosion Potential
Air

Sea Water Free Corrosion Potential
Air

Sea Water Free Corrosion Potential
Air

Sea Water Free Corrosion Potential
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urs %
(N/mm2) Elonc
408 2.8
413 4.5
519 46.0
377 6.2
405 4,2
354 8.5
420 6.8
447 7.k
400 2.4
424 5.4
413 34
408 3.4
454 6.5
508 34
505 62
501 31.8
512 44
531 23
555 40
579 30T
570 31.3
567 3346
574 16
569 12.8
601 34
585 16.8
578 19.1
620 36
601 14.3
589 14.3
692 14
685 9.1
670 18
678 9
583 39
578 25.2



G132 OB  Ar & W0"%s  x360

(]
G133 0B  Ar  EM0™%s 900
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G134 OB Ar £ W0-%s 650

FIG 135 0B
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G136 0B Ar  EW07/s  x800

G137 0B Ar £ W0-7s 900
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G138 OB  Sea Water Rest Potenial € n0~%s X200

FIG139 OB  Sea Water Rest Poenial & 100-%s  xI000
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FG M0 OB  Sea Water Rest Potenial & WI0-7/s x40

FIG 141 0B Sea Water Rest Potential é? w0~ 7/s x800

172



FGM2 OB  Sea Water ~200mV £ W0~T/s 470

FIG 43 OB Sea Water 200 MV & W0-7s 900
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FIG 144 0B Sea Water -100 mV £ x0~7/s X240

a
FIG 145 0B Sea Water 100 mV € 0~ 7/s x390
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FG 46 OB Sea Water + L Cystne Rest Potemidl & WI0~7/s 650

FIG W7 OB Sea Water + L Cysine Rest Potential & WI0~"/s  x800
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AGM8 OB  NaOH  Rest Potenial pH 123 & WI0-%s 1300

FIGMS OB  NaOH  Rest Powential pH 123 € ™0-%s 750
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FIG 150 08 NaOH .  +500 mV pH 123 £ w0~%s x550

FIG 151 0B NaOH +500 mV pH 12.3 é w0~%/s x1200
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- I' . - -e
FIG 152 0B NaOH +Cu 15ppm pH 12.3 Rest Potential & W0 /s x330

o
FIG 163 08 NaOH + Cu 15ppm pH 12.3 Rest Potential £ W%/ x1000
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FG154 0B NaCO + Cu toppm  Rest Poenial € M0™% 3300

(4
FIGISS OB NaC0,+ Cu 1opm  Rest Potenial € MIO™%s 600
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I

G156 1B Sea Water  Rest Poental & 078/ 550

G157 1B Sea Water  Rest Potential £ W0~/  x1000
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AG1S8 1B Ar € w0"%s x50

FIG 159 18 Ar

181




G160 1B Sea Water  -200mV  E10°%s 550

FIG 161 1B Sea Waer  -200mV £ W0~%s X130
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FIG 162 1854 Sea Water Rest Potential & W0 /s~ x1000

FIG 163 1854  Sea Water Rest Potential g w0~/ x1200
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FIG 164  1B56 Sea Water Rest Potenial & WI0-%/s x500

FIG65 1856  Sea Water  Rest Poenial & W0-%  x000
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G 166 A Sea Water  Rest Poenial & BbI0~%s  xB00

FIG 167 1A Sea Water  Rest Poenid & %0~%s  x1000
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FIG 168 1A54 Sea Water Rest Potential £ w0%s x1300

FIG 169 1A54 Sea Water Rest Potential E 1x1{]'°;‘s x1600
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HG T2  1C Sea Water  Rest Poential € 40~%s %600

FIGT3 1C  Sea Water  Rest Porential & W0~%/s X600
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Ses Water  Rest Poemial € %07%s  x360

1C54

FIG 174

Rest Poentill & W0™%s 2000

1C54 Sea Water

FIG 175
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FIG 176 1056  Sea Water  Rest Polental € %07%/s %330
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HG T 1056  Sea Water  Rest Porenial & 10°%s X600
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FIGT8 1B NaOH  pH 123  Rest Poentill £ WO0™%s  x500

FIG 178 1B NaOH pH 123 Rest Potential € hdl]'% x550
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FIG 180 1854 NaOH pH 123 Rest Potential Eo w0~%s x1000

FIG 181 1856 NaOH pH 123 Rest Poental & 10~%/s 1540
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4, DISCUSSION

The metallographic examination of the as-received material has shown
that all of the eleven alloy conditions being investigated essentially
have a single phase microstructure. Reference to the binary copper-
aluminium phase diagram (Fig 12) shows that for a 93/7 Cu/Al
composition, a single phase alpha solid solution is thermodynamically
stable up to the solidus temperature. Although the additions of
cobalt and tin can form second phases with either copper or aluminium
the level of the additions present in this investigation precludes the
formation of a significant proportion of a second phase and therefore
the alloys being investigated would be expected to be essentially

single phase.

All of the alloys showed a twinned microstructure and since some twins
were distinctly bent in the cold worked state it was concluded that
they were annealing twins formed prior to deformation. Such a
structure is indicative of a low stacking fault energy material which
has been shown to result from substitutional solution of aluminium in

a copper matrix.

A variation in grain size was observed in the as-received state of the
alloys which did not relate to either the degree of cold work or the
level of cobalt addition. This could indicate some variation in the
production route of the alloys. Since the level of cold work within a
compositional group was apparent from the density of slip lines present
within the grains, this suggested that there had not been an interstage
annealing treatment during the cold working operation, and that the
variations in grain size had arisen from differences in the solution

treatment operation.

Since it was possible to relate alloy composition to the slip line

density, increased levels of cobalt giving an increased density of
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slip lines, this indicated that the cobalt addition had affected the

work hardening characteristics of the basic 93/7 Cu/Al alloy.

In all instances precipitates were observed in the as-received,

solution treated and solution treated/cold drawn cobalt containing
alloys. This suggests that either the alloy autohardens, which is not
considered probable since work on similar alloy systems has indicated

a lengthy incubation period prior to precipitation, or that the

solution treatment has not been fully effective. Although the pre-
cipitation mechanism has been shown to require a lengthy incubation
period, it has been reported that silicon, present as an impurity, may
accelerate precipitation. Therefore precipitation may possibly occur
during the hot working stages of fabrication until all the free

silicon has been combined. This would account for the presence of the
precipitation in the as-received solution treated condition, particularly
if a separate solution treatment quench is not undertaken following the
hot working operation. It is concluded that the solution treatment
{BSOOC/W.Q) employed by the manufacturers is a compromise which achieves
a reasonable degree of solution of the precipitate phase without
allowing excessive grain growth, which would occur if a higher
temperature was used. The presence of a variable amount of precipitate
could be a more probable cause of the variation in slip line density
previously discussed; rather than substitutional effects conferred by

the minor addition of cobalt.

The results of the tensile and hardness tests on the as-received
material showed that the mechanical properties varied with cobalt
content and level of cold work. The values of ultimate tensile
strength, 0.2% proof stress and percentage elongation measured for the
cobalt-free alloy in the solution treated and solution treated-cold
drawn conditions are in broad agreement with those depicted in Fig 21.

In general, strength values above these were obtained from the cobalt
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containing alloys which indicated that this addition has contributed
to the strength of the basic Cu/Al alloy. Since no significant yield
point was observed in the stress-strain curve a strengthening mechanism
involving locking of stationary dislocations is not considered as
being operating. The cobalt addition has resulted in a shift in the
stress—-strain curve to higher values of stress which can be character-
istic of a solid solution dislocation friction mechanism. However, in
view of the low level of the addition, it is considered more probable
that the increase in strength is caused by the precipitate identified
in the microscopic examination. Furthermore the scatter observed
between éobalt content and the mechanical property values can be
related to an uncontrolled and therefore varying precipitate content

between alloys, irrespective of their nominal cobalt contents.

Further evidence that precipitation was giving rise to an increase in
strength was obtained by ageing the as-received material which showed
that the mechanical properties of the cobalt containing alloys were
dependent on ageing temperature, time at temperature and level of
prior cold work. 1In general it was observed that a larger hardening
response was obtained at the lower ageing temperature and for the
higher level of prior cold work. It was also observed that the
lengthy incubation period to strengthening was reduced by increasing
the ageing temperatﬁre and level of cold work within the alloy. These
responses are typical of precipitation hardening in general, and

have been previously identified as occurring in a similar cobalt-
containing aluminium bronze (80). There were also indications of
multiple hardening peaks, which suggests that a multistage mechanism
may be operating with the precipitation going through stages of being
partially coherent or incoherent before the equilibrium phase is

formed.



In comparison, the cold worked version of the cobalt free alloy softened
on ageing, confirming the trend reported in Fig 22, whilst the
properties of the solution treated material remained constant. This
suggests that there is a tendency for either recovery or recrystalli-
sation to occur on ageing the cobalt free alloy which is enhanced with
increasing levels of cold work. Softening also occurs in the cold
worked cobalt containing alloys but after’ a longer time at temperature
presumably as a result of the cobalt addition. This indicates that
mechanisms of strengthening and softening are competing during the
ageing treatment and that the properties achieved for any ageing
time-temperature combination are dependent on their relative

contributions.

The absence of strengthening of the cobalt-free alloys suggests that
the mechanism of anneal hardening is not playing an important role in
the treatments undertaken. Furthermore the observed hardening of the
unworked cobalt containing alloys also suggests that this mechanism is
not operating in this system since one would expect increased harden-

ing with increasing levels of cold work.

Precipitation hardening has been shown to alter the work hardening
characteristics and is dependent on the relative stage in the
hardening cycle. 1Initially if a coherent phase is formed the rate of
work hardening will be low, similar to that of a pure metal, however,
over-aged alloys containing incoherent phases will show an increased
rate of work hardening. The greater the volume fraction of fine
precipitate the greater is this effect. The work hardening exponent
n gives a measure of the rate of work hardening, and although limited
information was generated in this work the above trends have been
detected in this alloy system. This also gives further support to a

multistage precipitation process leading finally to overageing.
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There are two main mechanisms which can cause softening of the cold
worked state as a result of thermal treatment, namely recovery and
recrystallisation, Although the mechanism of recovery can occur with
both high and low stacking fault energy materials, the mechanism is
normally associated with high stacking fault energy alloys. Very little
dislocation rearrangement would be expected in a low stacking féult
material such as the single phase aluminiium bronze under investigation.
In such materials therefore, recrystallisation would be expected to be
the predominant mechanism for the removal of cold work. Grain boundary
migration is an important factor in the ability for such alloy systems
to undergﬁ recrystallisation. The difference observed in the start of
softening between alloys which contain cobalt and those which do not

may therefore be considered as resulting from a retardation in the

rate of grain boundary migration in the cobalt containing alloys.

This could have resulted from precipitates pinning the grain boundaries.
However, since, as reported in previous work, cobalt plays an important
role in the precipitation, and softening was observed to occur at
similar thermal treatments for the range of cobalt additions examined,
solute attraction to grain boundaries should also be considered as a
retarding mechanism. It should be noted that the cobalt containing
alloys also contain a 0.2% tin addition when comparisons are made with
the nominai 93/7 Cu/Al standard, particularly since this addition is
made primarily to improve the intergranular stress corrosion resistance,
and it has been reported that the improvement is due to selective
segregation of the tin to the grain boundaries. However, the micro-
scopic examination of the 12% cold worked, cobalt free alloy (OB)
following ageing at 500°C showed no evidence of grain boundary migration
or of recrystallisation although softening was occurring. 1In fact the
only visible microstructural change related to softening was a reduction
in the internal strain lines. This suggests that recovery is taking

place and can account for a significant degree of softening in this
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alloy. In contrast recrystallisation was observed to coincide with
softening in the cobalt containing alloy. However, it should be
noted that recrystallisation was only observed in the 25% cold worked
material and that recovery may be operating in the 12% cold worked
condition and that the effects are marked by precipitation. Micro-
scopic evidence of such precipitation was obtained on ageing. In the
over-aged condition the precipitate size was too large for coherency.
The precipitate was analysed by electron probe microanalysis (EPMA)
as a cobalt —aluminium compound. This is in agreement with previous
wqu on similar alloy systems.(84) Similar precipitates were also
observed pfior to the hardening peak and although the size prevented
quantitative EPMA the analysis suggested a composition similar to the
over-aged precipitate. However, this does not necessarily indicate
that the precipitation takes place in one stage by the formation of an
incoherent cobalt-aluminium intermetallic since the incoherent phase

observed early on in the ageing treatment could have been the result

of the incomplete solution treatment.

Transmission microscopy of the alloy containing 0.7% cobalt in the
solution treated condition indicated the presence of a fine background
precipitate and a large spheroidal phase. This further suggests that
the solution treatment had been partially ineffective. Electron
diffraction studies identified the large globular phase as being
simple cubic with a lattice parameter of 3.08%. It was noted that the
observed lattice spacings of the precipitate were related to those of
the compound CoAl (which has a cubic Oﬁ—Pm3m symmetry) by a constant
factor of 1.08X. Smaller globular precipitates having the same lattice
parameter and crystal structure as the large ones were obgerved on
ageing the alloy. These were found to be orientated with respect to
the matrix by the Kurdjumov-Sachs relationship (lll)mA/(llo)ppt,[EO{]

m// I:EH ppt for face centred and body centred cubic phases. Additional
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orientations between precipitate and matrix were also identified,
particularly from large precipitates. However, they did not conform
to standard relationships and did not align close-packed planes in the
matrix and precipitate. It is considered that these relationships
have resulted from a precipitate growing in a matrix which has
subsequently recrystallised. Such precipitates will have no fixed
relationship with the matrix. Evidence supporting this hypothesis was
obtained from the over-aged alloy 7C55 in which recrystallisation was
confirmed by optical microscopy studies where rod-like precipitates
were observed having a relationship with the matrix of[§4ilmﬂ’[ill ppt.
(101)m// (211)ppt. This relationship differs from the Kurdjumov-Sachs

relationship.

The presence of planar dislocation arrays in the solution treated
condition indicates that the alloy system has a low stacking fault
energy. From the evidence obtained it is postulated that initial
strengthening takes place via a lowering of the stacking fault energy
by segregation of cobalt atoms. This is characterised by the lack of
recovery, the twinned nature of the material, the planar dislocation
structure and a high rate of work hardening. Such a mechanism will be
dependent on the degree of prior cold work through its effect on the
stacking fault density. The observed relationship between the % cobalt
addition and the amount of cold work necessary to achieve a given degree
of strengthening is in accordance with this mechanism. It is observed
that ageing gives rise to precipitation and it is suggested that in the
initial stages the areas of stacking fault would be ideal sites for
precipitation of cobalt. Cobalt exists as two allotropes, the alpha
close packed hexagonal form predominates below 400°C and the beta face
centred cubic above that temperature. However, the transformation
between the allotropes is sluggish and therefore it may be expected
that for short ageing times the cobalt will be present in the'alpha

variant, Since the stacking sequence across stacking faults in a face
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centred cubic matrix may be considered as equivalent to that of a
region of hexagonal close packing, the cobalt would be expected to
concentrate in these regions. The concentration at these locations is
larger than average and as ageing proceeds it is reasonable to expect
precipitation to start here. Further ageing may give a series of
cobalt-aluminium precipitates prior to the formation of the idehtified
CoAl compound. Although precipitation may give rise to a further
increase in strength the concomitant removal of cobalt and aluminium
from the stacking faults may offset this effect. The removal of cobalt
and aluminium from solid solution could lead to an overall reduction
in the wofk hardening rate by increasing the stacking fault energy and
therefore lowering the density of dislocations. Since very small,
coherent precipitates are ineffective barriers to dislocation movement,
the work hardening exponent is not increased by the formation of the
precipitate particles, i.e there is no compensation for the loss of
aluminium and cobalt from the stacking fault. The increase in work
hardening rate on prolonged ageing is, however, attributed to the
precipitation mechanism since the density of dislocations is still
decreasing. At such times commensurate with softening, incoherent
precipitates are formed. The stress required to bow around these
larger over-aged precipitates reduces as the particle size is increased.
Prior to this the particles will be sheared and although this raises

\
the yield point, it does not increase the work hardening rate. However,
when bowing of dislocations around the particles occurs, the arrays of
dislocation loops formed as plastic deformation proceeds will increase

the work hardening rate.

The observed chainges in dislocation networks, in particular the density
of dislocations in planar arrays and the separation distance between
partial dislocations are important factors in determining the

resistance of the alloy to stress corrosion. This is also affected by
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the observed development of precipitates and precipitate-free zones
at grain boundaries and stacking faults. However, to fully
characterise an alloys resistance to stress corrosion the electro-

chemical factors also need consideration.

The conditions of pH and applied potential identified from Pourbaix
diagrams which correspond to a boundary between zones of corrosion and
passivation may form a useful basis for péedicting a sensitivity to
stress corrosion cracking. However, these conditions relate to thermo-
dynamically stable states, which may not necessarily exist during crack
extension. In order to obtain a fuller understanding of the electro-
chemical reactions which may occur at the surface of a freshly formed
crack, potentiostatic data have been determined for a range of
environmental conditions. The resultant graphical plot of applied
potential versus log current density is influenced by kinetic factors
and the regions of instability existing adjacent to a boundary between
corrosion and passivation may give a more accurate prediction of the

conditions likely to produce susceptibility to stress corrosion

cracking.

The form of the cathodic polarisation data was similar for all solutions
examined and suggests that dependent on the applied potential, two
distinct electrochemical mechanisms are controlling the corrosion rate.
At large negative potentials a plateau in current density is observed.
This indicates that a diffusion overpotential mechanism is controlling.
At less negative potentials, activation overpotential plays a more

significant role.

In order to ascertain which mechanism is controlling, the potential was
calculated for a given current flow arising from the cathodic

reductions of oxygen and hydrogen. In acid solutions the respective
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reactions were assumed to be:

+ -
L 02 + 2H30 + 2e - 3H20
and
HO +e +Xh8, +H0
3 £ 2 2
whilst in neutral and base solutions the reactions were taken
as:
i 02 4 H20 + 2e - 20H
and
H20+e +‘zH2+OH
The equilibrium potential was calculated for the given pH

from the Nernst equation

E=E° +RT 1ln (ox)
nF (red)

as defined in section 1.2.2. The total potentials corresponding
-4 2 -5 2

to a current density of 5 x 10 ~ A/fcm and 5 x 10 %/Cm

were calculated from the sum of this calculated value of E and

the associated over potential. The value of the over potential

for the respective values of i was calculated from the Tafel

equation where:

n'= RT lnio - RT 1ni
BnF BnF

The particular values of the exchange current density i0{137} for the
hydrogen and oxygen reactions were substituted into the Tafel equation

for the various pH's of the solutions examined.

The results from the calculations plotted graphically in Fig 121
indicate that at low cathodic overpotentials the observed current for

a given over potential is higher than that which can be attributed to
hydrogen reduction. In contrast, higher values of current are pre-
dicted from the oxygen reduction reaction. However, as suggested
previously, these values may not necessarily be achieved because
diffusion control can lead to a limiting current density i; . The value

of iL was calculated from the equation
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npe (128)

i- =D
L
(3
The value of D, the diffusion coefficient of 02 in the solution was
-5 2 v~=1 , :
taken as 1 x 10 cm S and C the solute concentration of oxygen
-3(129) . . :
1.3 mole m . Substituting these values into the above equation

with the appropriate values of F the Faraday constant, n the number of
electrons imvolved and 0.05 cm for § the diffusion layer thickness

shows that diffusion control is indeed occurring, resulting in a limiting
2. This is in reasonable agreement with the

observed limiting value of 0.5 mAcm-z.

current density of 0.1 mAcm

The trough in current density on the cathodic side of the rest potential
in hydrochloric acid and sodium hydroxide solutions at pH 3.1 and 8.1
respectively is considered to have resulted from potentiometric reduction

of a surface metal oxide.

The anodic Tafel slope for the hydrochloric acid solution was determined
using a least squares analysis to be 160 mV. A single electron reaction
would give a slope of 120 mV and a double electron reaction a value of
60 mV. It is therefore most probable that at low anodic over potentials
corrosion proceeds in two stages with the metal surface being raised
initially to the I oxidation state and that the transfer coefficient B
is not 0.5 as was assumed for the purpose of the calculation. A
transition on increasing potential from immunity to a II oxidation state

is predicted at a pH of 3.1 from the Cu—Hzo Pourbaix diagram (Fig 7).

In contrast, general corrosion was observed in seawater/pH 8.1 with

increasing anodic over potentials leading to the formation of Cu?Cl4{0H)
10H20 and CuCl corrosion compounds. However, neither of these compounds
adhered well to the metal surface and would not cause passivation. At

potentials close to the corrosion potential there is a difference in

the anodic polarisation behaviour between materials which had and had
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not been previously cathodically polarised. This indicates that the
corrosion behaviour of air filmed and freshly bared surfaces is
different. Of particular interest is the more anodic corrosion
potential of the cathodically cleaned surface and the minor passivation
trough some 200 mV from the corrosion potential. X-ray diffraction
analysis of the corrosion products formed in this region indicated

that the deposit was either Ag(Cl,Br) or NaCl. Although there is
0.0002 ppm of silver in solution in seawater(lBO)and therefore it is
conceivable that the film has formed as the product of an exchange
reaction with copper, it is thought more feasible that the deposit was

sodium chloride from evaporated seawater. The corrosion film is

probably too thin and tenacious to remove from the metal surface.

Since there were no regions of unstable passivation identified in the
seawater environment, a strain generated active path mechanism of
stress corrosion is unlikely. However, it is more difficult to predict
whether a pre-existing active-path mechanism is possible. Such a
mechanism could occur if a grain boundary phase were present within the

alloy.

In contrast, however, zones of unstable passivation were identified in
solutions with pH 12.1 which relate to the formation of Cu20 and
Cu(OH)Cl films. In these environments a strain generated active-path

mechanism could operate.

The results obtained from the polarisation studies suggest that all
alloys examined behave in a similar bulk electrochemical manner,
independent of composition and heat treatment. However, the addition
of cobalt and the effect of cold work and ageing may give localised
electrochemical variations, not resolvable by the experimental
technique employed. These variations are related to associated

metallurgical factors of precipitation and changes in the dislocation
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networks and may cause a difference in sensitivity to stress corrosion

cracking.

Constant strain rate tests undertaken in air on the cobalt-free alloy
OB showed that there was a decrease in percentage elongation to failure
associated with reducing strain rate. Commensurate with the decrease
in ductility the fracture surface changed from one showing fine ductile
dimples at the faster strain rate to one showing ductile dimples with
areas of flat facets and secondary cracking at slower strain rates.
Similar tests undertaken at the free corrosion potential ( -250mV S.C.E)

in seawater gave higher elongation values to failure. It may be

postulated that since the alloy forms an oxide film in air, at
sufficantly slow strain rates, some fracture mode, similar to the film
rupture mode by a strain-generated active-path mechanism, is operating.
At faster strain rates fracture occurs at a faster rate than oxidation
of the crack front. However, although a corrosion film is formed on
the fracture surface during testing in seawater, it may not be
sufficiently adherent to result in passivation and therefore general
corrosion may effectively blunt the tip of the advancing crack. Tests
undertaken at a 50 mV anodic over potential with respect to the free
corrosion potential in seawater gave an increase in susceptibility to
stress corrosion cracking as measured by elongation to failure. Since
no passive films are formed at this potential this increase in
susceptibility to stress corrosion cracking must have resulted from
selective corrosion. If a certain energy is necessary for corrosion
to occur at a significant rate, and the material contains localised
high energy regions, at low applied anodic potentials the high energy
sites may corrode, but the low energy sites may remain immune. Although
higher anodic over potentials gave significant intergranular corrosion
of the fracture surface, this was accompanied by extensive general

corrosion of the specimen and as such would not be expected to lead to
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stress corrosion cracking. At these increased potentials the higher
energy sites become more subject to attack and the low energy sites
approach the point of significant corrosion. Further increase in
potential then produces a reduction in the difference on attack between
the high and low energy site attack, as both increase, and general

corrosion ensues.

In addition to galvanic coupling giving én increase in the suscept-
ibility to stress corrosion cracking, environmental changes may occur
in seawater which also alter the sensitivity. For instance cystine may
be released by bacterial decay of organic matter. This compound acts
as a cathodic hydrogen depolariser and therefore corrosion can take
place in the absence of oxygen. Further complications result with
copper alloys, since if cystine is present in sufficient quantity in
seawater, a protective copper-cystine derivative is found on the metal
gsurface. Unfortunately this film will break down under applied stress,
or fracture spontaneously if too thick, leading to selective attack.
These conditions are ideal for promoting stress corrosion cracking.

The results obtained from tests undertaken on the 93/7 Cu/Al alloy (OB)
in seawater with an addition of 10 ppm of cystine indicated no increase
in susceptibility as a result of the addition. However, it should be
considered that there may be significant differences between naturally

derived polluted waters and those manufactured in the laboratory.

In addition to the presence of cystine or sulphate-reducing bacteria in
polluted water, environmental changes such as an increase in pH are
also feasible, particularly in stagnant inboard situations. Tests
undertaken at the free corrosion potential in NaOH solution (pH 12.3)
showed a mixed mode of failure, giving a small area of intergranular
cracking around the circumference of the gpecimen with the remainder
being transgranular with evidence of cleavage. A black corrosion film,

identified from polarisation studies as Cu20, was formed on the
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specimen surface during testing under these conditions. This is

similar to that produced by a strain-generated active-path mechanism
postulated for brass in tarnishing solutions. However, in’'non-
tarnishing solutions where a thick oxide coating is not formed, the
dislocation structure determines the mode of cracking and in this
instance transgranular cracking would be expected from materials having
the planar dislocation arrays observed. 1t is therefore possible that
initially the cracks formed in the OB alloy in sodium hydroxide are
coated with a relatively thick oxide coating leading to intergranular
failure. However, continuous tarnishing cannot occur during crack
extension.and therefore the influence of dislocation structure plays a
predominant role under such conditions. At an anodic overpotential
corresponding to the observed 'passivation' trough in the sodium
hydroxide solution a lessening in the susceptibility to stress corrosion
cracking, as measured by elongation to failure, was observed. 1In
support, the fractographs showed evidence of ductile dimples although
some cleavage and secondary cracking was still apparent. This change

in susceptibility may be associated with the presence of a non-tarnishing

Cu(OH)Cl film formed at this potential.

Although there was not a further reduction in % elongation, shown from
the tests undertaken at the free corrosion potential in sodium hydroxide
with an addition of 15 ppm of Cu+ ions, a higher level of inter-
granular and secondary cracking was apparent and there was no evidence
of intergranular failure. It may therefore be suggested that as
corrosion proceeds, thereby increasing the Cu+ concentration of the
solution, there is a greater tendency for a dislocation-determining

mode of failure.

An indication that the mode of failure was dependent on pH of the
solution as opposed to the specific ions giving rise to the pH was

obtained from the tests undertaken in saturated gsodium carbonate. This
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suggests that the corrosion product is the same at these pH levels and

gives rise to a strain-generated active-path mechanism.

Tests undertaken in seawater at the free corrosion poLunti;L on the

cold worked cobalt-containing alloy (IB) showed a higher elongation to
failure than the comparable results from the cobalt free alloy. However,
this does not necessarily indicate a lessening in sensitivity to stress
corrosion cracking since the alloy which ;ontains cobalt has a lower
strain rate sensitivity as demonstrated by tests undertaken in air.
Ductile dimples were predominant on the fracture surface at all strain
rates for both' the cobalt-free and cobalt-containing alloys tested in
air. Such a fracture mechanism results from micro-void coalescence,

the voids being predominantly nucleated by shear of inclusions or second
phase particles. The elongation to failure in this situation is

related to the spacing of the dimples and thereby the interparticle
spacing. Lower values of elongation would therefore be expected from
the precipitation-hardened cobalt-containing alloy. However, hydro-
static stress is necessary for the voids to grow and finally coalesce.
Such a stress system is normally generated by necking and will depend

on the degree of homogeneity of the material. The cobalt-containing
alloy will necessarily be less homogeneous because of the segregation

of precipitates and will show a greater tendency for necking. Although
the specimens used in this work contained a pre-machined 127 um radius
notch, the notch may not be sufficiently deep to obviate the need for
necking. If this is assumed, then it may be postulated that as the
strain rate is decreased there will be a greater probability of the
formation of localised differences in metallurgical structure necessary
for the development of plastic instability at an earlier stage. The
cobalt-containing alloy will show a lower strain rate sensitivity

because it is less homogenous,
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Although ductile dimples were also present on the IB test specimen
that had been anodically polarised in seawater, selective corrosion
was also apparent and at a more significant level than for the cobalt-
free alloy. This is in agreement with the proposal that the cobalt

addition decreases the stacking fault enerqgy.

Ageing the alloy to pre-peak conditions further enhances the selective
corrosion of the fracture surface of specimens tested at the free
corrosion potential in seawater and suggests an enhanced susceptibility
to stress corrosion cracking. However there is an increase in
elongation from the aged condition in comparison to the solution
treated cold worked condition. This does not necessarily indicate a
lessening of stress corrosion susceptibility since the UTS is also
higher and there is a reduction in the work hardening rate. Both of
these factors would lead to an intrinsic increase in elongation to
failure. Electron microscopy and mechanical property studies have shown
that precipitation occurs during ageing which decreases the stacking
fault energy. It is therefore proposed that the preferential attack

of stacking faults is maintained and intensified following ageing,
although the stacking fault energy is increasing due to precipitation
at those sites. Similar tests on the IB material that had been aged to
peak hardness showed a further increase in susceptibility to stress
corrosion cracking identified by the reduction in the elongation to
failure and the presence of a cleavage fracture mode. Tests in sea-
water on the solution treated and aged versions of the cobalt alloy IA
showed similar trends to the solution treated cold drawn IB material.
It was noted, however, that the fractographical features from the
corresponding ageing treatments were not as marked as those from the

IB alloy. In comparison the tests in seawater on the IC alloy showed
that prolonged ageing of this material increased the elongation to

failure and restored the fracture surface to one showing ductile
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dimples as opposed to cleavage. These findings parallel the observed
ageing responses of the alloys. The solution treated cold drawn
material ages more rapidly than the solution treated material, the
effect being greater the higher the level of cold work. It is concluded
that the sensitivity to stress corrosion cracking in seawater increases
as the alloy ages, reaching a maximum at peak hardness, and then
decreases following over-ageing. The sensitivity to stress corrosion
cracking in this environment is attributed to a pre-existing active-
path mechanism resulting from precipitation at stacking faults. 1In the
over-aged condition where the sensitivity to stress corrosion is
removed, fecrystallisation has occurred and therefore the precipitate

may no longer be located at stacking faults.

Tests undertaken on the IB alloy in NaOH (pH 12.3) at the free corrosion
potential showed flat fracture surfaces characteristic of cleavage.
Comparative tests undertaken on the aged version of this alloy also
showed features typical of cleavage. Since ageing the alloy containing
cobalt does not significantly affect the stress corrosion resistance in
sodium hydroxide solution this supports the assumption that failure in
this environment occurs by a strain generated active path. The
incidence of cleavage was less predominant in the IB alloy than in the
cobalt-free OB.alloy which emphasises the reduction in sensitivity to
stress corrosion cracking obtained by the addition of cobalt. This
could result from a change in the filming characteristics of the basic

93/7 Cu/Al alloy due to the presence of cobalt and tin in the layer.

The evidence obtained from the constant strain rate tests has shown
that the 93/7 Cu/Al alloy system is not immune to stress corrosion
cracking. However, although a sensitivity to stress corrosion cracking
has been identified, the ultimate tensile stresses associated with the
stress corrosion tests are similar to those recorded from tensile

tests undertaken in air. This indicates that the threshold stress, or
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as has been suggested, the resultant strain rate, required to promote
stress corrosion cracking is high. These findings do not automatically
preclude the use of this alloy for bolts where the applied loading may
be designed to be below this critical stress level. Recent work has
indicated that similar conclusions apply to the complex nickel aluminium
bronze alloy CA 104. This alloy is generally considered immune to
stress corrosion cracking in a seawater enviromnment. Although instances
of such failures have been reported (Fig 19, 20), the particular
conditions pertaining to the failure were not identified. However, more
recent studies.of failed studs has attributed the failure to stress
corrosion resulting from torque loadings approaching the ultimate tensile
stress. In contrast seawater immersion trials on bolts loaded to lower
values (90% proof stress) have not shown any evidence of cracking

following an 18 month testing period.

The selection of a bolting material based on the aluminium bronze alloy
system by the criterion of stress corrosion resistance is therefore not
clear cut. Trials in seawater on bolts manufactured from the contender
aluminium bronze alloys are presently being undertaken. From this work
it is hoped to classify the resistance of these alloys to stress
corrosion cracking by obtaining maximum torque loadings which may
safely be applied. It must be borne in mind that this test will not
determine the influenée of specific environmental factors or of the
presence of an overpotential, however, it will demonstrate a fitness

for purpose in clean flowing seawater.

Other factors which determine the selection of materials for bolts are
adequate proof stress (= 400 N/mmz} and ductility (= 15%). This work
has demonstrated that a wide range of properties may be developed in
the 93/7 Cu/Al-cobalt containing alloy system, depending on the
percentage cobalt, degree of prior cold work, and the ageing time and

temperature. Commensurate with the 0.2% proof stress requirement of
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2
400 N/mm~ the cobalt-containing alloy will have an elongation to

failure of 40%, whereas although similar strength levels are achieved
in the complex nickel-aluminium bronze alloy CAlO4, the elongation
value is approximately halved. This lack of ductility in the CAlO4

alloy has meant that air cooling from 800°C is necessary to pass a
quality assurance wedge test. The increased elongation associated

with cobalt alloy should be beneficial im this respect.

In addition to these mechanical property requirements, material
properties governing fabrication are also important. The CAl04 alloy
has an alpha-beta microstructure at elevated temperatures and is
therefore ideally suited to bolt production by a hot heading route.
The multiphase microstructure at room temperature limits the amount of
cold reduction and therefore cold heading is not undertaken. However,
since the cobalt-containing alloy is single phase at room temperature,
cold heading in this material may be feasible. To ascertain the
manufacturing routes possible with the cobalt-containing alloy, bolts

have been manufactured commercially by the routes given below.

b i As solution treated bar stock - hot headed.

on Solution treated plus 15% cold drawn - hot headed
bar stock.

s As éolution treated bar stock - cold headed to give

13% cold work in neck of bolt.

Further work is in hand to evaluate these bolts and to establish a
recommended ageing treatment. However, preliminary studies have shown
that either manufacturing routes may be used, although it is realised
that a size restriction may apply to the cold heading route related to

press capacity.
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CONCLUSIONS

Le A wide range of mechanical properties may be achieved ly
the 93/7 Cu/Al + cobalt alloy system depending on level of cobalt
addition, degree of prior cold work and a combination of ageing

time and temperature.

2 The mechanical properties measured in this investigation
are not necessarily typical for the alloy system since it is
concluded that the manufacturer's solution treatment has not
been fully effective. However, it is shown that the requirement
of a 4OO'N/mm2 0.2% proof stress may be achieved with an

elongation of approximately 40%.

3, Strengthening of the alloy system initially results from a
lowering of the stacking fault energy probably by segregation of
cobalt atoms. Ageing the alloy gives rise to multistage
precipitation sequence. The final precipitate is a compound
having a lattice parameter of 3.08% and a cubic Oi - Pm3m
symmetry. This is considered to be a form of CoAl, with a
slightly larger structure cell. The phase is orientated with

respect to the matrix by the Kurdjumov-Sachs relationship

(111)m/ (no)ppt, [1o] m/ [111] ppt.

4. The alloy system shows a sensitivity to stress corrosion
cracking as identified by a constant strain rate test, although
the failure stresses were similar to those from tests under-
taken in air. Two modes of stress corrosion cracking were
identified 1) in high pH solutions (= 12.3) by a strain generated
active patn 2) in seawater (pH 8.3) by a pre-existing active
path. Sensitivity to cracking in seawater, commensurate with a
pre-existing active path, is dependent on the metallurgical

condition; ageing the alloy to peak hardness increases the
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sensitivity to stress corrosion cracking.

5. The observed sensitivity to stress corrosion cracking does
not necessarily preclude the use of this material for bolting
applications if it can be demonstrated that a threshold stress
for cracking operates and that this value is in excess of the

torque loading necessary for bolt tightening.

6. Preliminary work has indicated that bolts can’' be manu-

factured from the alloy both by cold or hot heading routes.
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6. FURTHER WORK

The present work has demonstrated the mechanical properties and stress
corrosion resistance achieved from this alloy system, and has proposed
a probable strengthening mechanism. However, before the alloy can be

recommended for use as a bolting material in a seawater environment

further work is necessary.

It is proposed that the bolts manufactured by the hot and cold heading
routes be examined, and the effect of ageing treatment on the mechanical

properties of the bolts be determined.

It is further proposed to undertake immersion trials in seawater on
bolts tightened to various torque values and to compare their resistance

to stress corrosion cracking with competitive bolting alloys.
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