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SUMMARY

Strong, tough an HIC resistant pipeline type of steels have been
produced by a combination of compositional and thermomechanical
designs. The essential variables are camparable varying levels of
Ti and V for fixed Nb content and isothermal rolling temperatures

in the range 1250°C to 900°C, following a scaking treatment at
0
1250°C.

The good t exhibited by these steels is attributed mainly
to ferrite grain refinement, cleanness and N-removal by
microalloying elements while the high strength is rationalised
mainly on the basis of the interaction amongst grain size,

composition ard microalloying precipitates. The HIC resistance is
interpreted in terms of fine microalloying precipitates, together
with the factors that enhance toughness of these steels.

Precipitate analysis by STEM-EDAX-TEM indicates that the

precipitates in a multiple microalloyed steel are of mixed
composition (composites) and of various morphologies. The former
1s explained in terms of isomorphology and non-stoichiometry
exhibited by most of the precipitates while the latter is, to a
large extent, composition dependent. These composite precipitates

persist up to the scaking temperature of 1250°C.

Temperature-camposition diagrams have been drawn to highlight the

gh
phenomenon of co-precipitation associated with nultiple
microalloyed steels.

' Key Words: Multiple Microalloyed Steels, Pipeline,
Rolling, HIC.
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1. INTRODUCTION

The increased demand for energy in the world has been the
major impetus for the continuous increase in the production
of line pipe type of steel which is used in mass production
of oil and gas. Consequently, safety and economy of operation

dictate that such pressurised pipe should be of high quality

and minimum weight.

The design of pipeline for oil and gas transportation has

tended towards increased sizes working under high operational
*

pressures for maximum through?ut. Accordingly the API

specification has progressed through a series of modifications

since its inception in 1948(55). For instance, the original

(5LX) X-42 grade with sizes under 30 inches (762mm) has been
upgraded to X-70 with diameters up to 64 inches (1626 mm). In
addition, the specification for ultra high-test heat treated
line pipe (5LS) for grades U-80 and U-100 was established in
1972, and the latest specification for spiral-weld line pipe’
(5LS) includes sizes up to 80 inches (2032mm) diameter. The
recent interest in enhanced recovery process at oil wells with
extremely high pressure water or gas places a high premium on
heavy-wall high strength pipe. A typical application of water
injections under high pressure in the United Arab Emirates
uses pipe of 24 inches outside diameter with 1.125 - 1,250
inches wall thickness (610 by 29 to 32mm) and pipe 18 inches

outside diameter by 0.875 to 1.00 inches wall thickness
(457 mm by 22 to 25 mm).

*
API = American Petrol Institute
215~



The development of gas and oil fields in the Arctic Circle
including Alaska, North Sea and U.S.S.R. stimulated the need
for stronger and tougher line pipes at low temperatures. The
production of large diameter line pipe for Trans-Alaska pipe
line system which started in 1969 was epoch-making with
respect to the high toughness requirement. However, the low
temperature toughness in these environments, especially for
gas transmission, is becoming more stringent. High energy

absorbed as well as low transition temperature is mandatory in

such situations.

The construction of large scale submarine transmission systems
has been very active since 1970, and in such cases heavy-wall
high strength pipe must be used to prevent the collapse and/or
buckling at the time of pipeline installation in deep water.
Several submarine projects in the North Sea (150ﬁldeep) used
the 32 0.D." X 0.750 inches WP (813mm X 19 mm) X-65 pipe,
while in the Trans-Mediterranean pipe line at the Sicilian

Channel in water depths of about 500m, the pipes used were

20 inches OD X 0.75 to 0.812 WT (508 mm X 19 to 21 mm) of
grade X-65.

Another recent response to energy demand is the exploration of
lean oil/gas wells with the concomitant exposure of line pipes
to sour gas environments. The discovery of oil and gas with

H,S content accelerated the demand of anti corrosion line pipe

steel with high resistance to Hydrogen Induced Cracking (HIC)

o
o
n

Outside diameter

3

Wall thickness
«16=



and Sulphide Stress Corrosion Cracking (SSCC) under wet H,S

2
environments. Corrosive gas containing wet carbon dioxide (COz)

assigns another important task to line pipe steel as co,
attacks the steel in a wet environment. Other applications
requiring specially anti-erosion and extremely low temperature

toughness include slurry and LNG pipelines respectively.

These improvements in line pipe properties have been made
possible by the evolutionary trend of high strength low alloy

(HSLA) steel development, the basis of line pipe steels.

The original HSLA steels dating from the early 1900's were
mainly used for structural and constructional purposes, and
were designed mainly on the tensile strength with little

attention to toughness, formability and weldability, in what

were essentially rivetted artefacts(za). Inexpensive carbon at

0.3% was the main alloying element used with, in some cases,
up to 1.5%Mn. The introduction of welding fabrication and the
need to improve toughness both contributed to the necessity to
lower the %C and at the same time it was appreciated that

yield stress was the more important design criterion than

tensile strength.

By the 1950's the beneficial effects of ferrite grain refine-
ment on both yield stress and toughness were fully accepted,
together with the realisation of the significance of Mn in
depressing the transformation temperature. The understanding
of structure-property relationships also greatly accelerated
developments to produce the Al grain-refined 0.15%C -1.5%Mn

steels with increased yield strength and reduced Impact
= e



Transition Temperature (ITT) or low Fracture Appearance

Transition Temperature (FATT).

Subsequent developments used microalloying additions such as
Nb, V and Ti, which under appropriate proceésing conditions
could both grain. refine and precipitation strengthen by virtue
of their carbides/nitrides. However, the impact toughness was
not good because the as rolled-grain size was coarse,

consequent upon a high finish-rolling temperature resulting in

coarse austenite grain size. To overcome this, the development

of controlled rolling was promoted to permit much lower finish-
rolling temperature and cénsequently;producing fine ferrite
grain size., Yield stress of 450 - 500 MPa with FATT value as

low as -80°C were produced. This technique of controlled
rolling is now applicable to all microalloyed steels albeit
under different processing conditions in conformity with the
solubilities of the various microalloy carbo-nitrides. Yield

stress in the range (550 - 600) MPa can be achieved with FATT

values in the range -50°c to -70°cC.

Equally developments in HSLA Bainitic steels of yield stress

between 400 and 900 MPa occurred almost contemporaneously with
those of ferrite-pearlite steels. Initially, these bainitic
steels suffered from inferior toughness. Subsequent improvement
in toughness has been achieved by the production of low carbon
acicular ferrite with proof (yield) stress values of 500 -

750 MPa. Yet another approach has been to use HSLA steels in
the quenched and tempered condition, and due to the low
hardenability, various non-martensitic structures are produced,

especially in thicker section sizes with maximum yield (proof)
=Y B



stress value of 800 MPa and FATT values as low as -80°C. The
economic advantage of using water or accelerated cooling

instead of expensive, scarce and strategically sensitive

alloying elements was thus established.

Formability requirements also dictated low carbon levels,
hence some of the acicular ferrite or bainitic steels have
carbon contents as low as 0.03 %. The use of relatively low
finish rolling temperature in controlled rolling, whilst
producing an ideal matrix structure for strength and toughness,
unfortunately causes any inclusions to be distributed in
elongated stringers thus paving the way for recrystallisation
rolling as a possible alternative. For example, the relative
plasticity of MnS increases with decreasing finish rolling
temperature so that highly detrimental co-pianar ribbons of
MnS are formed, particularly in killed steels, in which Type
II MnS predominates in the original as-cast condition. The
outcome of this is low through-thickness toughness and
ductility in plates and flat rolled products. These result in
lamellar tearing during welding; and longitudinal cracking
during bending. Considerable use is being made of inclusion
shape controllers such as Zr, Ti, Ce or Ca to overcome these
problems resulting in improved through-thickness toughness
and ductility. Another benefit is increased resistance to

hydrogen assisted cracking usually encountered in sour oil

and gas wells.

[

During the last decade, there has been a revolution in HSLA

technology in which combinations of the conventional micro-

alloying elements are used, together with a new generation of

=1 9=



such elements{?°728) mne understanding of the interactions

between these multiple microalloying additions and Al and

nitrogen is far from complete, especially in terms of their

dependence on processing variables.

Coincidentally, the development of these steels and customer
requirements have proceeded at a time when world steel over-
capacity and tight economic conditions have demanded such
steels at minimum cost. Hence, emphasis has been placed on
control of composition, maximising yield and minimising

energy consumption throughout the steel making process route,
and the majority of these grades are produced via continuous
casting, a further change in technology during the last twenty
years which has introduced its own processing and engineering
demands such as the design of the various shroudings during

casting for enhancing cleanliness of the steels.

=20-



1.1 THE AIMS OF THE PRESENT INVESTIGATION

These are mainly:-

(1)

(i1)

(i11)

(iv)

(v)

(vi)

(vii)

(viii)

Production of clean HSLA steels.

Production of clean HSLA steels containing Nb with

three different levels of V.

Production of clean HSLA steels containing Nb and

three different comparable levels of Ti.

Assessment of the effect of thermomechanical

treatments on the mechanical properties of the

steels.

Measurement of the cleaness of the steels through the

quantification of non-netallic inclusion parameters.
Appraisal of the HIC resistance of rolled steels.

An attempt to understand the precipitation

behaviour of the carbides, nitrides and carbonitrides.

Finally a study of the overall effects of these

microalloying elements on the optimisation of the

properties in the finished steels.

w2



2. REVIEW OF LITERATURE

In this section the emphasis will be mainly on the post
foundry fabrication of pipeline steels especially on the role
of microalloying additions. Subsequently, environmental

degradation of pipelines will be appraised.
2.1 HIGH STRENGTH LOW ALLOY (HSLA) STEELS

The sixties witnessed a new class of steels - the HSLA steels.
These steels find major applications in pipelines, automobiles,
ship plates and off-shore structures. In fact, the versatility
of such steels can be judged by the number of conferences held
within the past few years to discuss their production, (1-24)

properties and applications. In effect, these conferences

examined the evolutionary trend of the development of these

steels.

In subsequent sections the properties of these steels

pertinent to linepipe applications will be examined.

| -22-



2.2 MICROALLOYING ELEMENTS

These include elements like niobium, titanium and vanadium,
whose concentrations are usually small (less than OJUJ%)3%

The most important effect is to increase the strength of
ferritic or ferrite-pearlite steels, both by precipitation
hardening and solid solution hardening. Fig.l summarises the
potential of certain metals to form oxides, sulphides, carbides

and nitrides, and their precipitation-strengthening potential

(arranged similar to the periodic table).

Grain refining additives include aluminium, niobium, titanium

and vanadium. Al and V produce nitrides of limited solubilities,

niobium can form carbo-nitrides Nb(C,N) or carbide, NbC, and

titanium forms nitrides and carbides together with vanadium.
These carbides are more stable than iron carbide, with lower
solubilities in austenite, consequently, during hot working,
fine precipitation of these carbides/nitrides takes place both

on austenite grain boundaries and on dislocation arrays within
the grains.

2.2.1 THE EFFECT OF ALUMINIUM

Aluminium is not one of the usual microalloying additions but
it plays an important role when its nitride precipitates
during thermomechanical treatment. It is well known that the
residual Al in low alloy and carbon steels produces a fine
austenite grain size during heating to normal austenitising
temperatures for heat treatment. A typical steel contains

0.0l %N and 0,03% Al and the AIN formed takes part in a grain
=



refining action. The thermodynamics and kinetics of aluminium
nitride precipitation have been éxtensively documented(31-362
only the salient points are highlighted here. The kinetics of
aluminium nitride precipitation in austenite are generally

slow and dependent upon thermal history.

Aluminium nitride can occur as a precipitation phase in Al-
killed nitrogen containing steels. In steels, the precipitate
is a simple nitride with an equiatomic stoichiometry. In

contrast, the nitrides of Ti, V and Nb are essentially non-

stoichiometric.

Hoﬁ deformation of austenite has been found to significantly
accelerate the kinetics of Al1N precipitation(33’4l_422 .The
maximum in precipitation kinetics occurred between 800°C and
900°C. Michel and Jonas(ss) determined the start and finish
times for the dynamic precipitation of AIN during the defor-
mation. The investigators found that AIN precipitation was
most rapid for Al-rich, off-stoichiometric composition, and
rationalised this on the basis of a reaction controlled by
Al-diffusion. They also concluded that the interaction of
dynamic ALIN precipitation with dynamic recrystallisation is
dependent upon the magnitude of strain rate. At higher strain
rates ('E>10'2 3"1) dynamic precipitation had no effect upon

dynamic recrystallisation consistent with previous work(33).

At lowest strain rates, rapid coarsening of AlIN was inferred

and this is harmful to toughness.

(33)

Recent evidence suggests that the precipitation of AlN is

enhanced in the presence of silicon and the higher levels of

-24-



AlN attainable could be correlated with greater post deform-
ation microstructural stabilité?a%he effect of silicon may be
due to an increase in the activity of nitrogen in the austenite,
thus decreasing the solubility of AIN and/or raising the Arg

temperature to produce more ferrite in which A1N can form

readily.

The situation becomes somewhat more complex when the steel is
micro-alloyed with other strong nitride-formers, such as V and
Ti. An interaction between V and Al in competition for nitrogen,
had been proposed for Al-killed V-microalloyed steels(33) with

sufficient annealing time at elevated temperature. The inter-

action has been recently confirmed at 788°cC by the thermo-

mechanical work of Brown et 31(33).

Aluminium nitride precipitation has been observed to retard
recovery and recrystallisation of cold worked ferrite matrix
when precipitation occurred just prior to, or simultaneously

with, recrystallisation of the ferrite(33'41). The A1N

particles that inhibit recovery and recrystallisation of

ferrite were found to be extremely fine(31’33). A portion of

the extremely fine AIN precipitates possessed a cubic NaCl-
type (Bl) crystal structure with a lattice parameter of
approximately 4.00(33). A dendritic appearing cubic A1N had
been found to precipitate at grain boundaries and deformation
bands in cold worked specdimens and to transform in-situ, to
the hexagonal form of AIN. It is unclear from the available
literature whether cubic ALN precipitate exclusively in
ferrite. The morphologies of coarsened AlIN precipitates are

thin plates and needles with crystallographic orientation

-25-=



relationship with ferrite(ss). The orientation relationship

of these morphologies with the austenite is(aa)

(001)MN £L {111

&ooy,, o /7 LaTo)

These fine AlN particles restrict the austenite grain size

and hence preserve a refined austenite grain size, with the

usual metallurgical benefits.

An interesting feature is that the austenite grain size is

most refined at an Al content of between 0.02/0.03 % because:
(a) this corresponds to the stoichiometric ratio(se) with
0.010/0.015%N at which there is the greatest tampex;'ature
dependence of the solubility of A1N, and therefore the
greatest number of fine precipitates i.e. largest volume
fraction.

(b) Al contents much above 0.04% 1lead to much larger amounts
of undissolved AlN on which the AIN precipitates on reheating

to 900°C, thereby giving fewer fine AIN particles and larger
grains.

It is interesting tonote that the grain coarsening temperature
is at a maximum when the A1 content is 0.02/0.03, a phenomenon

associated with the growth or coarsening of ALN particles

rather than their solution.
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2.2.2 VANADIUM, NIOBIUM AND TITANIUM

These three elements are the traditional microalloying

additions in HSLA steels and consequently have stimulated

much research 3‘.ntex:ezst(26 13). Therefore, it is only intended

here to discuss those principles pertinent to the present

study.

These metal carbides and nitrides are very hard, with
hardnesses between 2500 to 3000 DPH37) which possibly makes
them.non-deformable. The general properties are summarised

in Table 1, and for completeness, AlN is included. Their
presence in a matrix implies shearing by migrating dislocations
only when the precipitates are extremely small. 'The maximum
precipitation hardening which results from the competing shear
and Orowan mechanisms is therefore reached in the ferrite and
microalloy-precipitate systems as soon as very small precipit-
ates occur. The strengthening exerted by carbonitrides in
steel exceeds that of precipitation strengthening caused by

other phases such as pearlite, see equations 6 & 10 shown later.

Another characteristic of V, Nb, Ti carbides and nitrides
(MeX) is the partial coherence between ferrite matrix and

precipitate as shown by the orientation relationships(44-46)

9-]'Oogmex /7 {10&(-15'(3
<010>Mex /7 o1y ~Fe

These three elements form carbides having the NaCl type of

F.C.C. structure with approximately equal numbers of metal

o



atoms and carbon atoms per unit cell. The crystal structure can
be represented by two interpenetrating F.C.C. lattices with
metal atoms in one lattice and C-atoms on the other. In the
absence of any vacancies the compounds can be given the
chemical formulae VC, NbC and TiC. They may, however,have
vacant sites and it is only if the number of vacancies in each
of the two lattices is equal,that stoichiometric composition
would occur. Generally, there are more vacancies on the lattice

containing C atoms, so that the formula for the compounds is

often given as MX where M may be V, Nb or Ti and X is § 1.0.
The value of X for the carbides found in the HSLA steels is

rather indeterminate but available evidencecao’sz) seems to

indicate that X ranges between 0.85 and 1.0 for NbC but it is

usually close to 1 for TiC. Vanadium carbide shows the biggest

deviation from stoichiometrytao’sz) with X going down to 0.75,

in fact the carbide is often given the formula V4Cs-
The three elements also form nitrides which also have the
NaCl type of crystal structure, but with slightly different
lattice parameters. The nitrides also can show deviation from
stoichiometry as a result of imbalance of vacancies on the

two lattices but these deviations seem to be rather less than

those observed for the carbides.

Since the crystal structure of these components are similar
and the lattice parameters insignificantly different, these

carbides and nitrides are isomorphous and completely soluble

in each other(30’37’52). In fact the same workers have

confirmed that carbonitrides whose composition is dictated

by N/C ratio in steel are formed in steels containing Nb or V.
.



The higher N/C ratio gives more nitrogen in the carbonitride.
Since microatloy nitrides are usually much more stable and
less soluble than the corresponding carbides, a high formation
temperature favours more nitrogen in the compound. An extreme
case is found in Ti steels where TiN is virtually insoluble at
temperatures high enough for TiC to be totally soluble.
Consequently, TiN forms, often in liquid, and uses as much
nitrogen as is dictated by Ti/N ratio; thus TiC formed at

lower temperature is virtually free from nitrogen.

It would seem reasonable to suppose that the metal atoms could
also share the same lattice,giving rise to the'ﬁixed metal
carbides, nitrides or carbonitrides. However, there is little
evidence that this occurs to a marked degree although some
intersolubility is likely with multiple microalloying additions.

Meyer and Heister-Kamp£37) using an Arrhenius plot, determined

the activation energy of these alloying systems. They found
that activation energy was of the same magnitude, suggesting
that the diffusion of microalloy metal atoms in ferrite
controls the precipitation rate. A corollary is that the
difference in kinetics and extent and efficiency of precipit-
ation of Nb and Ti, compared to V, are due to greater solubil-
ity of VN/V4C3. Thus, the faster particle growth rate is caused
by higher diffusion rates. The diffusion of vacancies

associated with the non-stoichiometric nature of these nitrides/

carbides cannot also be overlooked.
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2.3 OTHER ELEMENTS OF IMPORTANCE TO PIPELINE STEELS

Manganese, carbon, copper, nickel, chromium and molybdenum
are some of the elements whose importance to pipeline steels
will be examined, albeit briefly. In addition, the impurity

elements such as oxygen, sulphur and phosphorus will be

mentioned.

2.3.1 MANGANESE AND CARBON

The addition of manganese to pipeline steels has a number of
important effects. Addition in the range 1.0 to 1.5%Mn lowers

the temperature at which austenite transforms to polygonal

ferrite by 50°C(47). This results in a significant ferrite

grain size refinement, and consequent increase in strength and
toughness. But this may cause the austenite to transform to
acicular ferrite rather than polygonal ferrite. Higher manganese
levels promote the transformation of the austenite to micro-
structures comprising mixed phases such as M—A.t bainite, etc.

The segregation of manganese levels in excess of 1.0%, has

been identified as one of the causes of hydrogen induced

(48). Manganese contents in excess of 1.0% may cause

cracking
the steel to be dirty by reacting with the silica component
of the refractory lining, but this problem is usually obviated

by handlinémEﬁe\steel in high alumina or basic lined refractory
?:vessels.(4g-§9)‘

The restriction of the carbon content to the range of

* . '
M-A = Martensite-Austenite
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0.05 = 0.15% for ferrite-pearlite steels is dictated by the
need for weldability and high shelf energies. In fact, the
recent acicular ferrite bainitic steels contain carbon as low
as 0.03%. The effect of higher carbon contents on increasing
the amount df weld underbead cracking is well documentedtal)
and the coefficient of carbon in the carbon equivalent

equation indicates this danger. Bendability and other toughness
requirements dictate relatively low carbon contents(31). The
small decrease in yield strength caused by this lowering of -

the carbon content can easily be compensated for by the use of

other strengthening mechanisms.

2.3.2 MOLYBDENUM

Molybdenum kinetically suppresses ferrite transformation and,

therefore slightly lowers transformation temperature. This

can cause a slight reduction in grain size and hence moderate

increase in strength.

More significantly, molybdenum suppresses the formation of
pearlite. As a result, in the steels that contain high percent=-
age Mo, the austenite remaining after polygonal ferrite
formation will transform to lower temperature products such as
~acicular ferrite, bainite and a martensite-austenite (M-A)
constituent. In addition, the local segregation of alloying
elements could encourage bainite or martensite formation in

the segregated area by virtue of enhanced hardenability.
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2:3:3 COPPER, NICKEL AND CHROMIUM

Copper and nickel are expected to have effects on the
transformation behaviour similar to that of manganese, in

that they lower the transformation temperature. These two
elements may thus refine the grain size slightly and lead to
less precipitation of carbo-nitrides in the ferrite. They may
also contribute to a small solid solution hardening effect(472
The effects of copper and nickel on transition temperature in
these steels is not well documented, although nickel in larger
amounts has a beneficial effect in lowering the transition
temperature because of its effect on cross-slip. Andrews(53)
evolved an equation showing the effect of various alloying
elements on the austenite to ferrite transformation temperature.
The regression coefficient of nickel in the equation is more

negative than that of manganese, thus suggesting that the

former has a more depressing influence than the latter.

It has been reported(48’54) that Cu in the range (0.20-0.30%)
reduces corrosion rate in hydrogen sulphide environment within
the pH range 4.8 to 5.6 or greater than 5.0(48), and hence

minimises the incident of hydrogen induced cracking.

Chromium has been studied least of all the alloying additions,
but it is expected that its major effect in conjunction with
molybdenum is to alter the transformation characteristics of

the steel and promote the formation of the M-A constituent.

=32~



2.3.4 SULPHUR, OXYGEN AND PHOSPHORUS

A downward trend is advocated for these elements. The first
two lead to the formation of non-metallic inclusions whose

deleterious influence on toughness, for example, is well

documented 27299764) 1o 1ast element is known to segregate

enormously(48), thus promoting hydrogen induced cracking,

possibly through the formation of hard low transformation
products., Ba-ker et a1(56) summarised in Fig.2 the trend of

sulphur levels in pipeline steels.

The influence of some of these alloying elements is summarised

in Fig.16 and Tables 3 and 4.
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2.4 TYPES OF LINE PIPE STEELS

In general, the microstructural features of HSLA steels are
too complex to be described in a manner which is sufficiently
quantitative to enable a definite comparison to be made
between the microstructure and the resultant mechanical
properties. However, a general classification can be made
based on théir major microstructural constituent and deform-
ation behaviour. These are conventional ferrite-pearlite
steels, which have discontinuous yielding behaviour, and

bainite/acicular ferrite steels and multiple phase steels,

which both have continuous yielding behaviour.

2.4.1 FERRITE-PEARLITE STEELS

The majority of conventional HSLA steels, which are used in
pipelines, drilling rigs and general off-shore applications
comprise mainly ferrite-pearlite structures. The major
disadvantage of this family of steels is the depression of
tensile/yield stress during the forming of pipe from plate by
the U-0-E process, this is known as the Bauschinger effect,

but recent evidence‘ss) has shown that this effect can be

eliminated by carrying out the U-0-E process under warm

conditions.

2.4,2 ACICULAR FERRITE STEELS

There is still controversy regarding the distinction between

acicular ferrite and bainite, but the crucial difference is

the very low carbon content ( 0.03-0,06%) (28,66-68)
o
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acicular ferrite steel, which by removing interlath carbides,
produces much improved toughness. In addition, carbides
precipitate between the ferrite laths in upper bainite, while
in lower bainite, the carbides are finely distributed in the

matrix, both having specific orientation relationship between

the ferrite lath and carbide(zs).

Acicular ferrite has many morphological similarities to low
carbon bainite, éomprising lath like ferrite grains containing
high dislocation density. This ferrite forms by a diffusion
controlled shear transformation, in packets in which the )
(66,63

Kurd jumov-Sachs orientation variant are severely restricted .

Several such packets occur within a given austenite grain.

It is often quoted that acicular ferrite contains martensite
islands making it in effect a dual phase structure, and that
it forms at slightly higher temperature than upper bainite. As
acicular ferrite is almost always produced from either fine
recrystallised or thin uncrystallised controlled rolled
austenite, the acceleration of transformation to bainite would

inevitably lead to a higher transformation temperature.

The structure-property relationships are not so well
understood as those of polygonal ferrite structures(702
largely due to complexity of structure and difficulty of
obtaining qualitative measurements of many of the structural
parameters. Because of the transformation mechanism the planar
arrays of interphase precipitates do not occur, and precipit-
ation strengthening is due to precipitation in the ferrite,

most probably on the many dislocations present. This general
-35-
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precipitation has been referred to as strain 1nduced(66’ 1)

but such a description should be reserved for conditions in
which the rolling is carried out below Arg, when the ferrite

may be genuinely deformed and yet not recrystallised due to

the low temperature.

There is some controversy with respect to toughness of this

structure, some workers(72) suggesting that 100% acicular

ferrite has a high DBTT and the best results are attained
when a small amount of very fine polygonal ferrite is mixed
with acicular ferrite. However, this can slightly lower the

proof stress. Other workers(73) suggest that a fully acicular

ferrite of low carbon content (0.035%) is required for good
toughness. It is possible that some of these discrepancies may
simply reflect the very important effect of carbon on the
toughness of upper bainites, Little or no attention seems to
have been given to the strucﬁure—property relationships of
mixed low carbon acicular-polygonal ferrite structures. In

fact, it is known that if polygonal ferrite is coarse grained

the toughness deteriorates as also does the strength(72).

As might be expected, the principle of controlled rolling can
be applied to the acicular ferrite steels. Generally, the
greater the deformation ahd the lower the finish rolling
temperature, the more polygonal ferrite is introduced in the
structure, this ferrite will be fine as it is fsrmed from fine
recrystallised austenite, or very elongated unrecrystallised

austenite, In acicular ferrite structures and bainites the DBTT

* bl » L] v . L]
DBTT -~ Ductile Brittle Transition Temperature (°c)
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is related to the fracture facet(74-76) size, which in turn,

depends on the ferrite lath packet(77) or to prior austenite

grain size(74’76’782 It is sometimes difficult with very fine

elongated austenite grains to establish the precise relation-
ship between the austenite grain size and morphology, and the
packet size, respectively, to relate them to the fracture

facet size. Suffice it to say, however, that the finest or

thinnest austenite grains are essential.

The composition of the acicular ferrite steels is also
important as they depend on the hardenability effect

depressing the transformation of the austenite into theaciaular
ferrite, region. Consequently, the early steels contained

0.035%C, 1.4-2.0%Mn, 0.25-0,35%Mo with. niobium(66-68)

Other details are documented elsewhere(zs’Gsz

2.4.3 MULTIPHASE STEELS

Multiphase steels consist of a polygonal ferrite matrix with
dispersions of second-phase particles. The second phase can be
acicular ferrite, bainite, martensite or -combinations of these,
depending on alloy compositions and processing variables(zsz
Multiphase steels are essentially similar in meéallurgical
principles to the dual phase steels developed for sheet applic-
ations, although the former are produced by controlled rolling,
while the latter are produced mainly by intercritical

annealing. The strength of multiphase steel is generally

determined by the volume fraction and the type of the

second phase. The transformation of the austenite to strong

second phase introduces a high density of mobile dislocations
=3 7=



in the surrounding polygonal ferrite matrix, which allows the
steel to be deformed at low stresses with continuous yielding.
In addition, the multiphase steels generally have higher
initial work hardening rates than the ferrite-pearlite and
bainite/acicular ferrite steels. This causes the multiphase

steel to have a high yield strength, approaching ultimate

tensile strength, after pipe-forming.

Multiphase steels have a wide range of alloy compositions as
shown in Table 2. In these steels sufficient alloying addit-
ions and/or the application of accelerated cooling after
rolling is necessary to influence a strong second phase in
place of pearlite in the ferrite matrix. Correlation of mech-
anical properties with microstructure is difficult because of
the complexity of structural features (volume fraction,type

and distribution of second phase). However, some general

conclusions can be made. It has been shown that the amount of

second phase should be above 4% to ensure a continuous stress-

strain curve(zsz although the type of second phase is also

important. Martensite gives a stronger effect than bainitetzs)

The size and distribution phase depends upon the severity of
controlled rolling in the second stage (austenite non-
recrystallisation region) when the reduction is not enough to
produce homogeneous deformation, ferrite forms first at the
earliest nucleation sites wheredeformation ishighest. The second

phase nucleates at sites where nucleation is less easy and

hence tends to be coarse(zs). In plain carbon steel, where

partial recrystallisation of austenite occurs in the lower

temperature range of controlled rolling, coarse second phase
-38-



also forms. The results of Shiga et a1(79) indicated that the

presence of coarse second phase adversely affects the
toughness, although Kim(zs) reported conflicting results. The
difference might be attributed to differences in the shape
and distribution of the second phase. An increase in the
volume fraction of second phase raises the strength without
affecting DBTT, but with a deterioration of Charpy impact
energy. Changing the type of second phase from the softer to
the harder (e.g. from bainite to martensite) gives similar

results.

The subsequent sections will concentrate on the ferrite-
pearlite (conventional HSLA) steels in conformity with the

present pro ject.
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2.5 REQUIREMENTS OF LINEPIPE STEELS

Some of the major requirements for this type of steel are

listed below without necessarily ranking:

a) Ease of weldability

b) High yield strength

c) Low impact transition temperature
d) Good formability

e) Minimum cost

£) Corrosion resistance especially in sour environments.

Comprehensive requirements are summarised in Figures 3 and 4.

2.5.1 WELDABILITY

The advent of welding rather than rivetting as a method of
joining necessitated weldability as a design criterion. Because
of both longitudinal welding in pipe-mill (e.g. during the
U.0.E. process) and circumferential welding on site, the

plates for pipe must have . very good weldability, which is

typical of low carbon steels.

The criteria for maintaining a high level of weldability are
the Ms temperature and the hardness of the martensite. Too low
an Ms temperature and too high a hardness of the martensite
leads to HAZ and weld cracking. An empirical carbon equivalent
(CE)(BI'BO-BI) is frequently used, above which welding has a

high risk factor. One such carbon equivalent is given by:

i} %Mn . %Si . (%Ni+%Cu) . (%Cr + %Mo)
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This is basically a statement of the observed effects of
these elements on the depression of Ms temperature. Typical

C.E. values are in the range 0.35% to 0.43 %.

Another index of weldability is the cold cracking susceptibil-

ity of steel plate (Pcm), originally developed by Ito and

Bessyo, quoted by Jonestez).

= %Si _ #Mn + %Cu+%Cr . %Ni , %Mo . %V

A low value is advocated, consistent with strength requirements.
The details of welding are documented in API 5L, British Gas
Supplementary Specification (BGC Specification Ps/LX1l) and
Canadian Specification Z245.1. Elaboration of other require-

ments is done in subsequent sections.
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2.6 CRITICAL REVIEW OF STRENGTHENING MECHANISMS

IN FERRITE-PEARLITE STEELS

This section appraises the strengthening mechanisms with
emphasis on the merits and demerits of each in association

with the requirements.

2.6.1 GRAIN SIZE

Refinement of the polygonal grain size increases the yield
stress and yet decreases the impact transition temperature.
In this respect £he grain size is unique, and consequently, is
the most desirable strengthening mechanism. This accounts for
the extensive use of steels which are grain refined, for

example by aluminium-nitrogen or niobium additions.

2.6.2 PEARLITE CONTENT

Pearlite has virtually no effect on the yield stress and,
whilst causing an increase in tensile strength, it has a
particularly detrimental effect on the impact transition
temperatures. As will be shown later, pearlite also increases
the work hardening rate. Consequently, increasing the pearlite

content, i.e. the carbon content, is the most undesirable

method of increasing the strength.

One feature devoid of full quantification is the effect of
FejC particle size at the ferrite grain boundaries. These
carbides can become larger during the slow cooling of thick

plates or during tempering for stress relief. It is known that
-d2-



the DBTT is increased as these carbides become larger(83), but

recent work also shows that they influence the yield and

tensile strengths(Gs). The reason for this latter effect is

as yet uncertain, as also are the compositional and the heat
treatment conditions which can eliminate such large carbides,

but increasing manganese is certainly an advantage(47’66).

2.6.3 SOLID SOLUTION STRENGTHENING

Solute elements increase both the yield and tensile strengths,

the effect largely depending on the difference in atomic size

difference between the element and iron(al). Both substitutional

and interstitial solutes obey a linear relationship between
strength and the square root of their concentration, but over

the limited ranges encountered, this may be conveniently

simplified to a linear relationship.

The effects of substitution solutes on strength are generally
small, and it would be expensive and uneconomical to try to
use them deliberately. On the other hand interstitials are more

potent strengtheners, but their solubility is limited and so

they cannot be used widely.

Both substitutional and interstitial solutes are,with the
exception of nickel, harmful to the impact properties,
especially the interstitial solutes. Solutes may have other
effects such as altering the ferrite-pearlite ratio, refining
the grain size by decreasing the transformation temperature
(e.g. the addition of 1.0% to 1.5%Mn lowers the

transformation temperature by 50°¢) producing precipitation
e



effects (e.g. aluminium, titanium, niobium). This latter effect
is very beneficial to impact properties as shown in Figure 5.

Thus good impact properties are obtained in aluminium treated

steels.
2.6,4 DISLOCATION STRENGTHENING

The flow stress’arii.e. yield stress is related to the

dislocation density, (?) by(31)

o = K\i'?"' swisame s (3

where K is a constant.

In general, decreasing the transformation temperature by

either alloying or increasing the cooling rate, both refines
grain size and increases the dislocation density. This increased
dislocation density increases the yield stress by about 50 MPa.
Also dislocation-interaction with interstitial solutes(31'86)
can cause added strengthening if the interstitial content is
increased by faster cooling rates. All these effects lead to

a decrease in impact toughness. It is also reported(25’47’31)
that a low finish rolling temperature (temperature A= 730°C)
increases dislocation density and impact transition temperature
by the phenomenon of splitting or separation, probably

assocliated with crystallographic textures.

2.6.5 PRECIPITATION STRENGTHENING

Precipitation effects markedly increase the strength but lower

the impact resistance. Recent developments have combined
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precipitation hardening with grain refinement by the use of
niobium, vanadium or titanium. The effectiveness of these
elements depends on their solubility in austenite, which
controls the amount that can be dissolved and is thus available

for precipitation. Several such data are available in

literature(87-89) with the general form:

Log B1E" = X+ v asematista)

where s | is the concentration of element in wt %

X and Y are constants, T is temperature in K

one such relationship is given for Nb(C,N)

Logl (B € + i—ﬁwﬂ = 2770 4 2.26 e ..(5)

The incremental yield stress associated with precipitation

. hardening is reflected in the well known Ashby -~ Orowan model

shown below(go)a
&’(MPa) = 5.?_f01n _5'__4 l.lill.o(s)
X 2,510
where O = incremental yield stress (MPa)
f = volume fraction of precipitates
x =

Mean Precipitate Size (Hpﬁ

Since % is the predominant function in the equation, the
X

stress increment due to fine non-deformable precipitates
increases with the reduction in precipitate size and increases

in fine precipitate fraction as shown in Figure 6.

This incremental yield stress is accompanied by a detrimental
effect on impact properties.
=45~



2.7 CONTROLLED PROCESSING OF CONVENTIONAL HSLA STEELS

An important factor in the evolution of polygonal ferrite
structure is the thermomechanical processing of the steel.
The essence of controlled rolling and controlled cooling is
that the structure of the austenite is conditioned to allow
it to transform to ferrite with the finest possible grain size
and thus produce the greatest strength and optimum toughness.
What is required thereforeyis a high ferrite nucleation rate
and a low growth rate, and indeed the nucleation and growth
of the microalloy carbides/nitrides are also of utmost
importance. In fact, nucleation and growth phenomena are
important in thermomechanical processing, as they are also

used to control recrystallisation during hot working(91'932

The requirements to produce the necessary fine ferrite grain
size are fine austenite grain size, or pancaked unrecrystall-
ised grains, as these provide the greatest area of austenite
grain boundary for ferrite nucleation. Nucleation can also
occur on deformation bands in unrecrystallised austenite, on
recovered substructural boundaries particularly if these

contain precipitates, and on undissolved carbides/nitride

particles(g42 Consequently, the two conditions to be aimed for

are, either the finest possible recrystallised austenite, or
heavily deformed but unrecrystallised austenite. It has long
been established that the rate of recrystallisation and the
grain size of the recrystallised austenite during hot rolling
follows the classical laws of recrystallisation behaviour.
Consequently, a small starting grain size would be beneficial,

Fig.7, and one of the effects of microalloying additions is to achieve
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this by particles of carbide/nitrides restricting austenite
grain growth at the reheating temperature. The stability and
solubility in austenite of various microalloy carbides and
nitrides are,however,different (Figure 8). Nitrides are more
stable than carbides, and the stability increases or solubility
decreases, in the order V, Nb, Ti. Consequently, whereas the
ea{lier generation of HSLA steels usually contained only a
siﬁgle microalloying addition, current steels tend to employ
combinations e.g. Nb-V. TheNbC or VN (using enhanced nitrogen)
tend to restrict grain growth, whilst the more soluble VN is
used to precipitation strengthen ferrite. More recently
attention has been focussed on the potential use of Ti in
combination with V in order to take advantage of the stability
of TiN and its slower growth rate, which provides it with the
capability to act as a grain growth inhibitor at high reheating

temperatures prior to hot working. The amount of Ti needed is

usually small, 0.01-0.015%, and whilst the control of such

additions is difficult, it is by no means impossible with the
currently available ladle injection techniques. Too large a
Ti addition must be avoided otherwise large TiN particles are
formed which do not restrict austenite grain growth. The
extent of inhibition of grain growth is critically dependent

on the dispersion of TiN, and,indeed,of any other grain growth

inhibiting precipitateg variations in the size distribution and

volume fraction being able to change the grain coarsening

temperature up to 30000(66) for the same steel composition.

Consequently, attention should be paid to the effects of
casting conditions on the precipitate distribution in contin-
uously cast products, and to the effects of hot working prior
to the slab stage in conventional ingot products.



Microalloying additions also have another important effect

during controlled rolling, in that they retard recrystallis-

ation. Much work has been done to identify the nucleation

sites for recrystallisation(92"94) and it is now recognised

that whilst the deformed austenite grain boundaries are the
preferred nuclei, recrystallisation can also nucleate at the
interfaces between recrystallised and unrecrystallised grains,
on deformation bands in deformed coarse grains and on large
microalioy carbide/nitride particles > 0.5 pm in diameter.
The rate of recrystallisation in C-Mn steel is very rapid,

but can be markedly retarded by the microalloying additions,
Figure 9, and also by Mo and Mn. There have been extensive
studies of austeﬁite recrystallisation and the precipitation

effects of microalloy carbides/nitrides in deformed

austenite(35’95-96). The long standing controversy as to

whether this retardation of recrystallisation is the result
of solute or precipitate now seems to have been solved. There

is an accumulated body of evidence to show that dissolved

. (94-97)
solute atoms can retard both recovery and recrystallisation

but that a major effect is produced by precipitation in the

unrecrystallised austenite(94-97). This strain induced

precipitation in austenite pins recovered sub-boundaries and

inhibits recrystallisation. In order to do this, strain
induced precipitation must occur prior to any substantial
precipitation. Complications can be introduced by different
effects of strain and strain rate on precipitation and
recrystallisation kinetics and particularly by different
solubilities of the various microalloy carbides and nitrides.
It has been shown that the retarding effect of dissolved

solute atoms on recrystallisation increases with increasing
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strain caused by the solute in the austenite lattice, which
influences the dislocation-solute interaction(ga-gg). The
effect seems to be, in ascending order of effectiveagsMn, Al,
V, Mo, Nb and Ti, on an atomic basis. The effect of microalloy
carbide/nitride is less easy to predict, because it depends on
the magnitude of precipitation which in turn depends on the
strain applied, and the composition of the steel. Also, the
overall retardation is compounded by both the solute and
precipitation effects. The intensity of precipitation effect
depends on the solubility of the microalloy carbides/nitrides,
the greater the solubility the less the magnitude of the
strain induced precipitation. Hence VC is less able to retard
recrystallisation than VN at the same temperature. Whilst VN
and NbC have reasonably similar solubilities, Nb seems to be

much more effective in retarding recrystallisation than does

V because of much greater solute effect of Nb(loo). But the

severity of precipitation depends on the ratio of microalloying
addition to either carbon or nitrogen with respect to the
stoichiometric ratio of the appropriate carbide/nitride phase.

Because the temperature dependence of the solubility is

maximised at the stoichiometric ratiotss), the nearer the

steel composition is to this ratio the greater will be the
intensity of strain induced precipitation and greater retard-
ation of recrystallisation will be observed. As all convent-
ional HSLA steels are usually hypostoichiometric, a decrease
in carbon content would therefore be eipected to cause more
strain induced precipitation, and hence greater retardation
of recrystallisation. The overall alloy content of the steel
is also important, carbide or nitride forming elements such
as Mn and Mo decrease the activity coefficient of C or N but
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increase that of Nb and v(66,96,100) Due to this effect on

the activity of the interstitial element, Mn and Mo increase

the solubility of both VN and NbC(87’101) thus retarding their

precipitation by lowering the supersaturation and giving rise

to less strain induced precipitation.

The importance of retardation of recrystallisation during
controlled rolling lies in the ability to use a low finishing
temperature to produce elongated unrecrystallised austenite
grains which can transform to very fine polygonal ferrite.
This is one of the variants of controlled rolling which is

derived from the classical work describing the main regimes
for hot working(92'93)

elements lead to different finishing regimes to produce the

. However, the different microalloying

heavily elongated unrecrystallised grains because of the
variation in temperatures at which the different carbides/
nitrides are predominantly strain induced to precipitate; for

example, most rapid strain induced precipitation occurs for
Tic/TiN at 1025°¢(102) gor Npc(96:100) g vy at 900°c(100)
and for vc at 850°¢(96,100)

Finishing temperatures below the Ary are sometimes used and

can give a pronounced increase in yield.strength. The ferrite
formed during rolling is deformed but does not recrystallise
because of the inhibiting effects of microalloy carbide/nitride.
This is only recovered ferrite,but the ferrite formed from the
transformation of the unrecrystallised austenite is the normal
dislocation-free polygonal ferrite. The higher strength is

said to be due to the fine sub-grain structure in the deformed

but unrecrystallised ferrite, and the very fine polygonal
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ferrite formed during the transformation(ss)

Conflicting effects on the DBTT have been reported‘se). In

some cases DBTT is lowered, possibly due to textural effects
producing splitting or separations and heavily polygonised
sube=grain structure in which the subgrain boundaries are

relatively high angle and thus behave in effect as grain

(72)

boundaries . On the other hand a low finishing temperature

has been reported to increase DBTT, probably due to insufficient

deformation resulting in less pronounced texturing and much
lower angle polygonised sub-grain boundaries(57’85), or due to
deformed ferrite not being recrystallised and giving high
strength. It seems that this type of controlled rolling could
be very difficult to operate; just as is continuum rolling(103)
in which very heavy deformations at temperatures as low as
400-500°C in the ferrite region are used. These produce

either a heavily textured, very fine recrystallised ferrite

or a fine polygonised high angle, recovered ferrite sub-grain

structure. All these effects increase the strength and decrease
the DBTT.

The solubility, stability and precipitation kinetics of. all
the microalloy carbides and nitrides are different. The

nitrides are much more stable and less soluble than the

carbides(BB’ss). Nitrogen, which has long been used in V steels,

may therefore, become increasingly important in all micro-
alloyed HSLA steels, especially if advantage is to be taken of
the high stability and slow coarsening rate of TiN. The
solubility of microalloy nitrides is about two orders of

magnitude less than that of carbides in both austenite and



ferrite(38). Also they are at least an order of magnitude less

soluble in ferrite than in austenite(38’104), and so the

supersaturation and driving force for precipitation is

greatest for nitrides. Thus,nitrides occur in finer disper-
(105-106)

sions which, if strain induced in austenite, may give

more retardation of recrystallisation and inhibition of the
growth of recrystallised grains. Because they occur also in
larger volume fractions due to their lower solubility, they

may, if formed in the ferrite, lead to greater precipitation-

strengthening.

The use of multiple microalloying additions has led to the
need to identify more precisely the precipitating phases. The
belief that the carbides and nitrides of a given microalloying
addition were completely mutually soluble to give a carbo-
nitride of composition reflecting the carbon and nitrogen

contents of the steel, may now be questioned. It has been

30-38)
shown, for example, that there are firm thermodynamic régsons

for suspecting that nitrides precipitate first, and when the

nitrogen is used up, carbides precipitate. With multiple micro-

alloying additions the situation becomes more complex;

especially as under completely equilibrium conditions, many of
the microalloyed carbides and nitrides are all mutually

soluble to some extent(sz), and indeed such mutual solubility

has been observed using modern high resolution electron-

optical analytical techniques(107). Various models have been

_ (34, 107)
proposed in an attempt to predict precipitation sequences !
using assumptions of either complete miscibility or co-
precipitation effects. These models tend to employ'equilibriume

solubility data and do not consider the kinetic effects which
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are so important. Of concern are the suggestions that the

various microalloy carbide/nitride contain iron, and the iron
content increases as the particle size decreases(loa’logz this
requires careful investigation because if it is true, it could
call into question the validity of much of the work on
solubility studies, as well as the relationship between the
response of controlled rolling to stoichiometry. Such a study
is important if it is supposed that future generations of
HSLA steels will use even more complex combinations of micro-
alloy additions, each of which has its own 'C' curve for
carbide/nitride precipitation in both austenite and in
ferrite. Such precipitation 'C' curves each occurring in
particular temperature ranges, may then allow the optimum
effects of each microalloy addition to be employed to the

full in each controlled rolling regime.

2.7.1 CRITICAL ASPECTS TO BE CONSIDERED IN CONTROLLED

PROCESSING OF THESE STEELS
(i) Strain induced precipitation in the austenite decreases
the amount of precipitate available to form during and after
transformation to ferrite, and so detracts from precipitation
strengthening. However, besides preventing grain growth of
the recrystallised austenite, the strain induced precipitates
and microalloying elements in solution both increase the yield
stress of the austenite(35’100? When finishing temperature is

low, this can materially increase the loads on the rolling

mill.,

(ii) Undissolved microalloy carbide/nitride precipitates at
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the reheating temperature contribute nothing to strength and
are generally so large as not to cause grain boundary pinning
unless they are in very large volume fractions. This can be
seen from the predictions of Gladmaﬁ$Mode1(110) for grain
growth inhibition, Figure 10. Consequently with the exception
of TiN which is very stable and grows very slowly, there is no
great benefit substantial enough to exceed the solubility at
the reheating temperature. But the nearer the steel composit-
ion is to stoichiometry the more strain induced precipitate
will be formed to inhibit recrystallisation and grain growth
of the recrystallised grains, and also the greater will be
the potential for precipitation strengthening of the ferrite.
Undissolved carbides/nitrides greater than O.S}Hn in diameter

are however capable of accelerated recrystallisation by

particle stimulated nucleation(942

2e7.2 CONTROLLED ROLLING METHODS

Controlled rolling of HSLA steels has been investigated by a

number of workers(51’72’84"85’111? A recent review(72) of

controlled rolling has identified the methods which can be
used to condition the austenite to produce the finest ferrite

grain size and optimum precipitation strengthening in section

sizes less than 40 mm.
2. 7241 METHODS FOR OPTIMUM PROPERTIES

(a) A low reheating temperature to produce a fine initial

austenite grain size, but this can decrease the potential for

subsequent precipitation hardening.
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(b) Austenite grain refinement by recrystallisation which

involves:

(i) Suitable pass schedules and reductions to obtain in the
initial passes a fine, uniform recrystallised austenite.

(ii) Delay between roughihg in the recrystallisation regime
and finishing in the unrecrystallised regime.

(iii) Suitable reductions in the unrecrystallised regime and,

in some cases, finishing below Ar3, although this can

cause difficulties.

As there are many combinations of these factors which can be
successfully employed, each mill has its own preferred
controlled rolling route. However, it is useful to identify

two fairly typical processes applicable to different products.

2.7.3 LINE PIPE PRODUCTION

Line pipe is usually made on a plate mill, the difficulty
being to give sufficient reduction per pass in the initial
passes. The time between passes can produce interpass re-
crystallisation and uneven grain growth, so that a mixed grain
structure is developed, which leads to inferior toughness. The
steel is allowed to cool into the unrecrystallised regime,
where large deformations are often required to produce very
thin unrecrystallised grains which mitigate to some extent

the problem of mixed grain size. This type of process slows

production and is more difficult where size changes are

frequent, but is economic on custom designed mills, and

also, incongruously, on old mills which have a sufficiently

low production rate not to be inconvenienced by controlled
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delay(47). As plate thickness increases it becomes increas-

ingly difficult to produce the requisite deformation, to

accept the holding delays and to withstand the increased mill

loads.
e R 1 PRODUCTION OF HOT ROLLED STRIP

Hot rolled strip for applications, employs a different process
route because it is possible to employ accelerated cooling on

the run-out table, followed by slow cooling in the coil.

Rough ing and finishing can employ very heavy reductions and

the interpass time is very short, so that there is little
time for recrystallisation and grain growth between passes.
In the roughing train dynamic recrystallisation is common,
whilst in the finish train the deformation is more likely to
be in the unrecrystallised regime. It is possible to force
recrystallisation to a very fine austenite grain size, even
in the finishing train, by use of large reductions consistent

with mill capacities and good terminal shapes.

Because the effective use of controlled rolling either to
produce the finest recrystallised austenite or thin elongated
unrecrystallised grains, prior to transformation, requires
heavy reductions late in the rolling process, attention has
been focussed on how very fine recrystallised grains may be

produced without resort to heavy deformations at low temper-

atures(es). In the past this was attempted by introducing

large volume fractions of undissolved Nb(CN) by increased
niobium contents, and low reheating temperatures, with

obvious loss of precipitation strengthening. Also, large
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volume fractions of NbC could lead to hot tearing problems

during continuous casting(se). An alternative approach is to

use a fine dispersion of a very stable precipitate, such as
TiN, which is slow to coarsen and which will allow high re-
heating temperatures to be used to dissolve vanadium or
niobium carbides/nitrides for adequate precipitation strength-
ening, and yet preserve a fine austenite grain size prior to
rolling. By rolling, albeit with high deformations at high
temperatures, such a fine initial grain size will produce
fully recrystallised grains which also will be stabilised
against growth by TiN or by an appropriate strain induced
precipitation. This recrystallisation rolling(llz'lls) may
enable many of the economic and production difficulties of

the current controlled rolling practices to be overcome.

2.7.4 CONTROLLED COOLING

Interests in accelerated cooling subsequent to controlled
rolling of plates have been motivated principally to increase

throughput of rolliﬁg mills by the elimination of bottlenecks
in cooling-bank areas(114’116_1182

The principal benefits as regards microstructure/properties

in HSLA steel plate which are derived from the applications

of accelerated cooling techniques are;-(112-114)

(i) OGrain refinement of polygonal ferrite for a given
austenite grain size by the virtue of reduced Arg-temperature

and/or inhibition of austenite grain growth before transform-

ation.
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(ii) Augmented precipitation strengthening from microalloy
additions, the lower the ferrite transformation temperature

range resulting in fine precipitates.

(iii) Promotion of strong, tough low-carbon bainite if the

steel chemistry is appropriate.

(iv) Possibility of reducing the carbon equivalent of the

steel,which is advantageous from the point of view of

weldability, formability and toughness, without detriment to
strength; and

(v) Elimination of pearlite banding.

Controlled cooling can also be used to improve the properties
in thick sections by lowering transformation temperature to
promote further ferrite-grain refinement. This can be achieved

by blast or water spray, but martensite or bainite formation

at the surface must be avoided.

Process optimisation calls for careful control of Finish
Rolling Temperature (FRT), cooling rate and water-end
temperature. Systematic investigations(113’117“118) have
established FRT of above 800°C for the effectiveness of
accelerated cooling. Such a high FRT,greater than ArBlappears
to be reminiscent of on-line accelerated cooling (OLAC)
process. These workers suggested a cooling rate in the range
(5-10)°c per second as the optimum. The water-end-temperature
at which normal air cooling is resumed should be controlled.

Temperatures of 500°C and 600°C have been recommended(117)

for various API grades in conformity with structure-property

relationship. &5



Another important consideration is the austenite grain size
existing immediately preceding the start of accelerated

cooling. To prevent bainite formation, hardenability must not

be high and rolled austenite grain size should be fine.

A major drawback of accelerated cooling is the maintenance

of acceptable shape and flatness, the distortion arising as a
result of the transformation of austenite at different points
in time through the thickness,.furthermore, the natural

temperature difference between the edges and the centre is
accentuated. In commercial systems for accelerated cooling of
plate, such as that developed at Nippon-Kokan in Japan(llzz
the cooling arr%ngement incorporates levellers and straighten-

ers together with on-line control of flatness as well as the

cooling condition.

Another variant of controlled cooling is the interpass cooling
stimulated by throughput maximisation via reduction in
processing time. Hence, some investigation of the application

of accelerated cooling between individual roughing and finish-

ing passes has been carried out(llzz The process runs into

the possible danger of generating mixed structure/grain size
because prolonged exposure to water during the hold period
may promote differential cooling rate between surface layers
and the core, but limited work has claimed that the conven-

tional rolled steel exhibited equivalent properties with one

subjected to interpass cooling(llzz Further work is suggested.
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2+ 739 THE EVOLUTION OF THE AUSTENITE MICROSTRUCTURE

During controlled rolling the paramount requirement is the
production of the conditioned austenite to produce the finest

possible ferrite grain size. Attempts are therefore being made

to predict and calculate the evolved austenite grain size

(84,112,115,119-122)
and morphology during the controlled rolling process,

and also the ferrite grain size developed from the austenite

during transformation(es’lzlj. These studies use the temperat-

ure and stress dependence of the strain rate, and the strain
during a pass on the recrystallisation rate and recrystallised
grain size, the effect of initial grain size on recrystallis-
ation kinetics and recrystallised grain size, and the kinetics
of grain growth during the interpass interval, to calculate
the grain size developed during each pass of a rolling
sequence. Equations are produced describing the dependence of
the recrystallised grain size on the initial gréin size, the
strain or strain rate, and the temperature. Some of these
equations are produced by empirical analysis of data, whilst
others are developed from basic principles. These equations
can then be fed into a computer program for calculating the

recrystallised grain size after each pass, and hence the

evolution of the austenite structure.

A further refinement is to allow for the elongation of the
unrecrystallised grains in terms of an 'effective' grain sizé
which incorporates the effective austenite grain boundary

area. Consideration of rolling in the non-recrystallisation

regime is possible(93’1232 The evolved austenite grain size

can then be used to predict the ferrite grain size.
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In order to apgly these sophisticated calculations to an
actual rolling mill requires that strain, strain rate and
temperature in each pass are not only known, but are also
constant. Simply to obtain data on these parameters for a
commercial mill is not easy, and it has also been shown
recently that major variations in the parameters can occur
transiently during any particular rolling pass(662 Clearly
much more work requires to be done in this important field of
study. It is not beyond the bounds of possibility that by
making measurements on a mill during actual rolling it may be
possible, by a computerised feed-back technique, to contin-
ually adjust the rolling parameters, not only to simply
control the physical dimensions and shape of the rolled
product, but also to continually monitor the evolution of the

micrdstructure(esz

2:.7.6 TRANSFORMATION OF AUSTENITE

The requirement for finest ferrite grain size necessitates

a high ferrite nucleation rate during the transformation. As
ferrite nucleates predominantly at austenite grain boundaries,
the need for a fine austenite grain size is apparent. The
parameter which has often been used to indicate the nucleation

frequency for ferrite is the austenite grain boundary area per

unit volume, SV(93’1142 which increases with a refinement of

the recrystallised austenite grain size and with increasing
elongation of the unrecrystallised grains, Figure 11. It has
been suggested that because the driving force for ferrite

formation is small, a few hundred erﬂfl even at large under-

cooling, only the most potent nucleation sites will be
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(124-125)

effective { As it was shown that for a given Sv, the

ferrite grain size was finer when produced from unrecrystall-

ised austenite(94’1232 Figure 12, then it seemed that ferrite

nucleated more potently at the deformed austenite grain

boundaries. This was attributed to serrations or bulges at

such boundaries(124) acting as particularly potent nucleation

sites, and so it was concluded that elongated austenite grains
were highly desirable. This is in fact so, particularly if
they are so thin that the ferrite grains from opposite
boundaries can impinge with minimum growth. However, more
recent work(lzl’lza) has shown that at very high Sv values
i.e. small austenite grain sizes, the ferrite grain size
depends only on Sv irrespective of austenite grain shape.
Thus, for the most effective austenite grain refinement,
deformation below the austenite recrystallisation temperature
may not be necessary: all that is required is a very fine

austenite grain size. Hence the potential for recrystallis-

ation rolling. The various nucleation sites for ferrite have

been well documented(lza). They are not only austenite grain

boundaries, but also include second phase particles (partic-
ularly undissolved microalloy carbidés/nitrides). recovered
sub-grain boundaries, especially if decorated by precipitates,
and even non-coherent ledges on twin boundaries. A mechanism
is now also available to expléin multiple or cascade ferrite

nucleation(123) which has long been known to be associated

with deformed austenite boundaries. Because many of these
sites occur particularly in unrecrystallised austenite, the
finest ferrite grain size will be produced from the finest

austenite rolled to a maximum extent below the recrystallis-

ation temperature(gsz Figure 13. An important question,
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however, is how fine must the austenite be, which depends on
the ratio of the austenite grain size to ferrite grain size.
As shown in Figure 13, the ferrite grain size can almost equal
the austenite grain size if the latter is very fine, but for

large austenite grain sizes the ferrite grain size may be less

than one tenth of that of the austenite(12§)

A useful method of refining the ferrite size for a given
austenite grain size is to decrease the transformation
temperature. This increases the ferrite nucleation rate and
the effect may be achieved by alloying (the reason for high
Mn content in HSLA steels), or by increasing the cooling rate.
Care must be taken not to depress the transformation temper-
ature too far, otherwise bainite may form and lower the yield
stress, as well as impairing toughness. However the introduc-
tion of bainite into the structure eliminates discontinuous

Yield and minimises the Bauschinger effect which has advant-

ages in line pipe production(35’472 Bainite is more readily

produced in steels which contain small molybdenum additions
which suppress pearlite formation and result in structures

giving polygonal ferrite with bainite or acicular ferrite(472

An interesting feature is the increase in the transformation

temperature which occurs when unrecrystallised austenite is

transformed at a given cooling ratecsaz This can be explained

by the acceleration of the transformation by strain inducement.
It might be expected that this increase in transformation

temperature would produce coarser ferrite, but this is not the
case, presumably due to the overall ferrite nucleation rate in

unrecrystallised austenite. Studies of the rate of nucleation
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and growth in austenite deformed and recovered to various

extents would be useful.

In plate rolling, the cooling rate is largely controlled by
the plate thickness. Due to practical difficulties in
controlled rolling the thicker plates, these are often normal-
ised. In order to optimise the strength and toughness, some
form of accelerated cooling is not infrequently used to
increase the cooling, decrease the transformation temperature
and refine the ferrite grain size. The transformation temper-
ature also controls the size and distribution of precipitates
in ferrite. Recently an equation has been obtained which

defines the ferrite grain size in terms of the recrystallised

austenite grain size and rate of cooling(llz) as shown below:=-

¥ = 3.8+ 0.18D¥ + 1.4(%{- = sessesesll)

where, ﬂ( and ﬁx refer to the recrystallised ferrite

and austenite grains.

dT L]
3t refers to the cooling rate.

In general it would be expected that the constants in the
equation would vary with' steel composition and possibly also

with varying austenite morphology.
s dad CARBIDE/NITRIDE PRECIPITATION IN AUSTENITE

Precipitation is sluggish in undeformed austenite, although
more rapid when strain induced in unrecrystallised or
recovered austenite. The intensity of such precipitation is

controlled by the amount of retained strain, which determines
=



the dislocation density and distribution, and by the degree

of supersaturation as determined by the solubility-temperature
relationships. The crystallographic match of the precipitate
to the matrix austenite is also important, and whilst the |
orientation is the same cube-on-cube relationship for all
microalloy carbides/nitrides, the misfit between the lattice
depends mainly on the carbide/nitride lattice parameters. AlN
is the exception, being of hexagonal structure, and it is not
surprising that it precipitates more slowly than the normal

microalloy carbides/nitrides. It is clear that the progress

of recrystallisation during controlled rolling is determined

by the rate of coarsening of strain induced precipitates(se)

Much work is required to study the kinetics of coarsening, as
the finest and most stable distribution of precipitates is
required. Under dynamic condition, it has been indicated(lze)
that this coarsening for Nb(C,N) obeys the kinetic laws
indicating dislocation precipitation. Similar work on V-Nb

steels in which the precipitating phase was (V.Nb)(C,N) did

not find a similar effectceez It is apparent that further work

is required, although some information on the growth rate of

various alloy carbides, including VC and NbC in deformed

austenite is available(1272 Besides inhibiting recrystallisat-

ion, the precipitates formed in the austenite also inhibit

grain growth of recrystallised austenite. In general it has

been shown that the Gladman-Pickering(g4’128) model seems to

be obeyed, in which the temperature dependence of grain coarse-
ning is controlled by both the growth and solution of the

precipitates, but some complex effects have been observed in

Al-V steels(942 These are interpreted as due to the inter-

actions between AIN and VN, and due to the supersaturation
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dependence of the rate of growth of these precipitates. It
might be anticipated that even more complex effects would
result from multiple Al-V-Nb-Ti microalloying additions,

particularly in the presence of nitrogen.

2,771 CARBIDE/NITRIDE PRECIPITATION IN FERRITE

DURING AND AFTER TRANSFORMATION

The precipitates formed in austenite do not contribute to the
precipitation strengthening in the ferrite, and in fact
detract from it. However, only a portion of the available
precipitate is formed in the éustenite, that remaining in

solution in the austenite then precipitating either:

(i) as interphase precipitates at the austenite-ferrite
interface during the transformation, the precipitates

occurring as planar arrays.

Basically, these interphase precipitations occur both static-
ally and dynamically(322 While the former is portrayed by the

Al-Cu system, the latter is exhibited by microalloyed steels.

Two mechanisms have been found to occur(32'1292 these are

shown in Figures 14a and 14b. In the case of ledge mechanism,
step migration occurs along planar interfaces and in the other
the interface bows around the precipitate. However, this
alternative mechanism does not predominate in microalloyed

steels, it has been observed in steels containing copper (e.g.

Fe-2Cu-2Ni) which can precipitate during the }2( transform-

ation(32’1302

(ii) in the ferrite after transformation has occurred in
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which case the precipitates form on dislocations, or generally
in the matrix if the dislocation density is low. The precise
nature of the precipitate morphology and distribution depends
on the supersaturation as indicated by the solubility of the
phase, the rate of cooling which is deterministic with regard
to the kinetics of precipitation, and the dislocation density
as determined by the transformation temperature which, in
turn, depends on cooling rate and the general alloy content

of the steel, These complex effects are yet imperfectly under-
stood, particularly with respect to what may happen on

subsequent tempering(ssz

These precipitates all cause strengthening of the ferrite
which can be quantified by an Ashby-Orowan model(goz They

also increase the DBTT by about 0.3°% per MPa increase in

yield stress(esz

When precipitation occurs during transformation of austenite,
largely as interphase precipitation, the intensity of precip-
itation strengthening is a maximum when the steel has the
stoichiometric composition for the precipitating phase(104)

Figure 15. On the other hand precipitation strengthening,

which occurs in the ferrite after transformation, is maximised
when the stoichiometric ratio in the ferrite is achieved, and

this does not occur at the stoichiometric composition for the
alloy as a whole because much of the bOQﬁlS in the form of
A..
” ﬂ'
Fe C in the pearlite(104? :

Whether there are major differences in the way interphase,

A

dislocation nucleated or grain boundary precipitates affect
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the DBTT is uncertain although some evidence indicates that

all have similar effects(ﬁs)

The over-ageing characteristics of the carbides/nitrides
precipitated in the ferrite are important as they control the
ability to maintain strength and resist ferrite grain coarsen=-
ing during slow cooling, and also influence the properties of
the heat affected zone during welding operations. The rate of
over-ageing, as depicted by the carbide/nitride particle
growth characteristics is very different for the various
microalloy species. The initial particle size before growth
occurs is also different, and depends to a large extent on
solubility which controls the degree of supersaturation. The
greater the supersaturation, the finer the initial particle

size, as shown by the fact that VN tends to produce a finer

dispersion than VC(IOS). It also appears that the stability

of the carbide/nitride affects the growth rate, and it has

been observed that VN grows less rapidly than ve(106) e

growth of the carbide/nitride precipitates occurs by Ostwald
ripening, and from the well known equation it can be predicted
that growth would be retarded by a decrease in diffusion rate
(or an increase in its activation energy), a decreased molar
volume of precipitates, a decrease in the solubility and a
decrease in precipitate/matrix interfacial energy. These
predictions tend to support the observation that VN grows more
slowly than VC, but the operative diffusion rate is not always
simply the diffusion rate for the appropriate elemental
species because diffusion of vacancies is often the rate
controlling feature. The effect of microalloying elements,

especially in combination, and their interaction energy with
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vacancies would seem to be important. Moreover, it has been
shown that the early stages of growth for vanadium carbides/
nitrides occurs by interface controlled particle growtéﬁs'los)
whereas later in the growth process pipe diffusion along
dislocations was the controlling process. Presumably dislocat-
ions are pinned by the particles, but the important feature is
that the diffusion conditions may alter during tbe growth
process. Clearly more information is required on the effect of
both single and multiple microalloy additions on the coarsen-
ing characteristics of the various carbides and nitrides. It
can however be predicted that TiN would coarsen most slowly,
although its use as a precipitation strengthening agent could
be limited by its low solubility. It may well be that the

slower growing precipitates give the least potential

precipitation strengthening.
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2.8 STRUCTURE-PROPERTY RELATIONSHIPS

The structure-property relationships in these steels are well
established(57’74’90) as summarised in Figure 16. Perhaps the
most important development was the appreciation that the
ferrite grain size played a most important role in controlling
the properties of ferrite in terms of both the yield stresé31)

and the ductile-brittle transition temperature(25’27’31’90)

There are two relationships on which the structure-property

relationships are based:-
i) Hall-Petch equation

6\'}’ = d‘i+Kyd-;i llll.l.(a)

(ii) Petch equation

21
BTc = ].I.I-B"""lrl.c-1r1d4 l..l.l.(g)

B and C are constants

a“y is the yield stress

Gg.is friction stress

v the grain size coefficient, related to the stress

concentration required to activate slip-dislocation

sources.

d 1is the grain size of polygonal ferrite and

Ta is the impact transition temperature.
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2.8.1 YIELD STRESS

The equation relevant to plain C-Mn steel is:

Yield stress (M/M%) = 15.4[3.5+2.1(n)+5.4(51)+23(N,)+1.13a7 %)

olc.onon(lO)
where ¢ ) is the weight % of alloying element and

Nf is the free nitrogen.

It should be observed that:

a) Pearlite (i.e. carbon) has little or no effect on the

yield stress of low carbon steels.

b) Free nitrogen (Nf) has a pronounced effect but its

solubility is limited. Also it has a detrimental effect on

impact properties, as will be shown later.

c) There is a pronounced strengthening effect of grain

refinement.
2,8.2 TENSILE STRENGTH

The tensile strength of low carbon steels comprising ferrite-

pearlite structures can be described by(al)

Tensile strength (MN/M2) = 15.4[19.1+1.8(Mn)+5.4(Si)

+0.25(Pearlite) + 0.5d'¥] eeees(11)

where (Pearlite) is the % pearlite in the structure. It
should be noted that both pearlite and grain refinement

contribute to tensile strength.
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2.8.3 IMPACT TRANSITION TEMPERATURE

The impact transition temperature can be described by(31,86)

Impact Transition Temperature (°c) =

.5
-19 +44(si) + 700( N_) + 2.2(Pearlite) - 11.5d - S 5 .

The main features of this equation are:

" (a) Pearlite is detrimental
(b) Free nitrogen is very detrimental
(c) Substitutional solutes are detrimental

(d) There is no apparent effect of manganese because its
effect is incorporated in that of grain size.

(e) Grain refinement is very beneficial.
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2.9 BASIC DESIGN PHILOSOPHY

The design criteria used are:-

(2a) A high yield stress and a low impact transition
temperature. Therefore, alloying elements and microstructural
parameters which give the least increase in impact transition

temperature per unit increase in yield stress are required.

(b) Good weldability which is achieved by low carbon
equivalent, low value of Pcm and low contents of liquatable

solutes. Also, a minimum non-metallic inclusion content is

required to prevent lamellar tearing.

(c) Good formability in flat rolled thin sections which

require forming into pipes.

(d) Minimum cost.

Data showing the change in yield stress and impact transition
temperature per weight % of the varying alloying elements are
given in Table 3. The effect of varying microstructural and

compositional parameters on the change in impact transitional

temperature per 15PNVH2 increase in yield stress are shown
: N Table 4.

In conclusion, the basic design criterion is for the impact
transition temperature per unit increase in yield strength to
have the largest negative value, and the effect of the differ-
ent compositional and microstructural parameters on this ratio
has already been shown in Figure 16. It can be seen that a low

carbon, Al grain refined high Mn steel is to be preferred, Al
i



being particularly beneficial as it removes much of the
nitrogen as AlN. High energy absorbed as a measure of low

Ly

temperature toughness is also mandatory in Arctic environments.
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2,10 HYDROGEN SULPHIDE CRACKING IN LINE PIPE STEELS

Several recent reviews of hydrogen embrittlement have been
made(134’1642 hence this section will focus on line pipe

(133,147)
degradation in sour environments. There is strong evidence

that sour gas is associated with lean oil/gas wells at depths

of 4500m (15000 £ft) or more.

Hydrogen induced cracking(HIC) and sulphide stress corrosion
cracking (SSCC) are two major forms of hydrogen embrittlement
associated with oil industry equipment operating in sour gas

environments. Examples of these forms of cracking are shown

in Figures 17 and 18. HIC(131-13;’139’144} otherwise called

hydrogen pressure cracking (HPC), hydrogen induced blister
cracking (HIBC), stepwise cracking (SWC), manifest themselves
in steels of any strength level in the form of surface blist-
ers and/or internal cracks in the absence of an applied stress,
while SSCC occurs in high strength steels under an applied

stress and in oil/gas line pipes in the region of high hard-

ness around the weldment(482 Both types of cracking have

resulted in service failures(131-132’1442 Subsequent sections

will concentrate on HIC which has been studied in the present

project,

2,10.1 MECHANISMS OF HYDROGEN SULPHIDE CRACKING

The earliest theory proposed to account for the adverse effect
of hydrogen on mechanical properties of the steel was the

planar pressure theory ::*i-(lﬁsz According to this,

hydrogen can precipitate in material internal cavities with



the resultant development of high internal pressures being
sufficient to cause cracking and premature failure. To obtain
such pressures, the external hydrogen activity (fugacity)

should be high, which is the case of HZS in sour environments.

Since the demonstration of embrittlement in a high strength

steel exposed to 105 Pa (1 bar) hydrogen, the pressure theory

has been found to be inadequate(163’1672 Embrittlement may be

attributed to reduction of the interatomic cohesive forces by

interstitial or trapped hydrogen(137"1382 to a decrease in

surface energy due to absorbed hydrogen(1672 Thus, the two

mechanisms (pressure build-up and embrittlement) can operate
simultaneously especially when the steel is exposed to an

environment of high hydrogen activity/fugacity.

These mechanisms may be schematically synthesized as shown in

Figure 19. Whatever the mechanism(s) operating, a crack will

be initiated wheneverd"THy/ c-’CH, which corresponds to a

critical value cK of the amount of -hydrogen C

H trapped on the
pre-existing defect.

Both CH and CK depend on a variety of parameters described

in detail elsewhere(48’136-137’138’1602 the summary of which

follows.
2:10.1.1 SHAPE / MORPHOLOGY

This influences the final hydrogen pressure developing at the
interface, the stress system around the defect/inclusion and

the diffusion of hydrogen toward the defect/inclusion. All
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available data points toward a detrimental effect of elongated

inclusions i.e. CK decreases as the shape becomes elongated.

2,10.1.2 SIZE

Large sizes are detrimentalifﬁ;CK is lower and CH larger

because they increase the probability that the inclusion will

be located in a zone of low cohesion (e.g. grain boundaries),

while encouraging the entrapment of more hydrogen.

2.10.1.3 DISTRIBUTION AND DENSITY

A large density of homogeneously distributed inclusions may

be beneficial because CH on each particle increases slowly.

However, ghis is a temporary solution as Cg may eventually be

reached. A nil density of inclusion is obviously beneficial.
Oon the other hand, heterogeneous distribution of inclusions
(e.g. Stringers) will be deleterious because they will trap
hydrogen and its effects (decohesion, stresses) will

facilitate crack propagation.
2.10.1.4 NEIGHBOURING STRUCTURE

A hydrogen embrittlement sensitive structure will obviously
facilitate crack initiation at an inclusion tip. Current data
on the sensitivity of microstructures to hydrogen in ferritic
materials give bainite and martensite as the most sensitive,
followed by normalised, then tempered and normalised, quenched
and tempered, and spheroidized structures. Of importance too

is the fact that MnS stringers may be located in segregated
L



zones (that may be bainitic, have high hardness, and contain

noxious elements such as phosphorus...) i.e. in low Cx regions.

2:30:3:5 GRAIN REFINEMENT

The beneficial effect of ferrite grain refinement is that
hydrogen is more evenly distributed and consequently,has a
less chance of attaining a critical concentration. This is
attributed to the fact that a coarse grain structure has high

angle grain boundaries that occlude large amounts of hydrogen.
2:10:2 FACTORS INFLUENCING HYDROGEN INDUCED CRACKING

The factors affecting hydrogen assisted cracking have been

cited in 1iterature(48'131-132’135_1632 Here only a brief

discussion will be given leaving fine details to the literat-

ure cited above.

2.10,.2,1 METALLURGICAL VARIABLES ASSOCIATED WITH HYDROGEN

INDUCED CRACKING

The contributions of these variable¢to hydrogen cracking as

identified by some workers are discussed in subsequent

sections.
2:105:2:2, CASTING PRACTICE

The segregation of impurities and alloying elements during
casting have been recognised as one of the important factors

influencing hydrogen induced cracking of steels(%32,143,150,154)
-78 -



The first leads to concentrations of non-metallic inclusions,
and the second regions.of anomalous microstructure - both
deleterious to the HIC resistance. Recent work by Jones et(gg)
highlighted the importance of segregation. They deduced a

mathematical expression to represent the susceptibility of

the steel to HIC as CS viz:

CS = m + 00238 .oi..oo(la)
where
Mn = the average Mn content in pearlite and segregated
bands in Wt %
. ® = the total projected length of inclusions in
mm/mmz, defined in Table 8A
They quoted a Cg value of 1.7 as the highest value to prevent
HIC.

Many investigators have repofted that the susceptibility of
commercial steel plate to SWC depends on sampling location

and that HIC is greatest at the most highly segregated part

of the ingot(?8,132,135,145,156,158,161) Moore and Wargatlal)

recommended that whenever possible, samples for SWC evaluation
should be taken from the segregation zone (i.e. pipe section)
of an ingot and other workers(laz) have also followed this
practice. They observed the effect of segregation on
susceptibility to SWC in both ingot cast and continuously

cast steels. It may be possible that centre line segregation

was not eliminated in the latter steels by electromagnetic

stirring.

Several investigators compared steels of different grades and
e Lo T



compositions including both concast and ingot cast, but
reported no notable differences in SWC resistance attributable
to casting mode(lazz Other investigators(143) have pointed
out that continuous casting might be preferable to ingot

casting in order to position the inclusions in a narrow zone

away from the surfaces because theg can never be completely

eliminated.

It has also been reported that small laboratory ingots, or
the small ingots used to make seamless tubing, minimise
segregation. Thus, they have experienced difficulty in

obtaining SWC in samples cut from laboratory ingots and have

observed good SWC resistance in seamless tubing(lazz

For a plate from large ingots, Ikeda et al through Biefertlaz)
have reported considerable variation in SWC susceptibility

both along the length and breadth of the plate.

2.10,2,3 DEOXIDATION PRACTICE

Moore and Warga(lal) have measured the susceptibility to SWC
in a number of pipeline steels. They reported that:

"with a single exception, all fully killed steels were more
prone to cracking than the semi-killed steels", a difference
attributable to the transition from ellipsoidal (lenticular)
Type I MnS predominant in the latter to the elongated Type II
MnS stringers dominant in the former. For the steels invest-
igated, an analysis showed that sulphur, Mn and Si did not

correlate with susceptibility to SWC, whereas Al did.
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Since both deoxidation practices resulted in decreased
environmental performance, this can be attributed to the large

volume of inclusions present. In fact, a recent study by

Charles et al(lso) established 0.39% as a critical volume

fraction of inclusions below which no hydrogen embrittlement

occurred.,

Others(laz) reported that in killed and semi-killed steels,

MnS inclusions were of the ellipsoidal Type I which are not
easily elongated by hot rolling. Susceptibility to HIC was

low in these steels and, when present, it tended to develop

at manganese oxide - silicate inclusions.

2.10.2.4 NON-METALLIC INCLUSIONS (NMI)

Of all the variables associated with hydrogen assisted

31-132,135-137
cracking NMI appeared to have the greatest(ga'lc%.l kol

mpa
141,145,150,156,161,166) Moore and Warga(IBI‘) linked the SWC

service failures of sour gas transmission pipelinelin 1970's
with elongated Type II MnS inclusions in steel. Other worke§:44)
using fractography of the HIC fracture surface of a steel
identified clusters of oxides (glassy silicates, alumina
stringers) as well as elongated Type II MnS inclusions and
massive niobium carbonitride as potential sites for HIC. A
recent studytl?o) has indicated the presence of massive
carbonitride on the path of HIC. In fact, some workers(48)

have shown that HIC susceptibility (as measured by CLR, CTR

or CSR) tends to increase with sulphur content, although the

results have often been characterised by a wide degree of

scatter. These abbreviations aredefined in Figure 20. This
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revelation has stimulated research into the reduction of
inclusion content via sulphur and oxygen levels and inclusion
shape modification. Consequently, it has been recommended
that the sulphur and oxygen contents of pipeline steels should

be reduced to < 0.005% (or even 0.002%/ 0.003% for heavy

sour gas/oil environments).

2,10.2.5 INCLUSION SHAPE CONTROL

Many authors(lal) have shown that inclusions with sharp
edges and large surfaces are the preferred sites for the
initiation of SWC; geometrical shape of inclusions was
considered to play a more important role than the chemical
composition. Hence, other investigators(136'137) have shown
that inclusion shape control by either calcium or rare earth

metal (REM) additions can mitigate HIC problems provided that

the optimum amount is added£48’132’140’145-146’150’161) If

the appropriate Ca/S or REM/S ratios are not achieved,
cracking can occur on incompletely modified manganese sulphides

or on clusters of Ca/REM rich inclusions as shown in Fig.21.
2:10.2.6 CONTROLLED ROLLING

Moore and Warga and other workers(131'132) indicated that for

fully killed steels the deformability of MnS increases with
decreasing temperature and thus, controlled rolling is
conducive to the formation of elongated Type II MnS stringers

especially at low finish-rolling temperature. Other worke£§32)

observed that SWC length increases with increasing inclusion

length within the finish rolling temperature range 700°C to



950°C. This suggests that the inclusions were deformable
within this temperature range. For steel containing 0.016%S,
SWC susceptibility increased with decreasing finish rolling
temperature in contrast to steel containing 0.007 %S where SWC

was not observed in plates rolled at temperatures as low as
700°C.

2.10.2.6.1 COLD ROLLING

It has been suggested(IBZ) that the effect of cold deformation
upon SWC is important because there can be a certain amount of
cold forming during manufacture and pipeline construction.
Both cold rolling and cold tensile deformation along the
rolling direction of the plates were investigated. It was
found that heavy plastic reductions over 20% can markedly
increase the crack length of SWC, whereas reductions below

20% can decrease crack length. This finding contrasted with

the work of Parrini and De Vito quoted by Biefer(132} which

indicated that the SWC length increased with cold strain over

the range 2 to 16 %. Therefore, the effect of cold rolling is

unclear and further work should be done.

2.10.2.7 MICROSTRUCTURE

There is much evidence(48’13l-132’145’154) that crack

propagation tends to occur along pearlite bands in ferrite-
pearlite steels, or along bands of low temperature transform-
ation products (martensite/bainite). It was also found that
this anomalous structure was rich in Mn and P, thus suggesting

strongly that the segregation of these elements is of concern
wfi D



even though the effect of the latter should be of secondary
importance because of the narrow and low concentration ranges
found in modern pipeline steels. On the other hand, after SWC

tests on two grades 448 (X65) line-pipe steels, Coldren and

Tither (see Bieferlaz) reported that non-metallic inclusions

were the only structural features consistently associated with
SWC. They observed no distinct tendency for SWC to occur at
pearlite bands in the Nb-V steel or at scattered islands of

non-lamellar pearlite, bainite and martensite in the Mo-Nb

steel.,
2.10.2.8 HEAT TREATMENT

Some workers(150’154’156) have indicated that normélised or
quenched and tempered steels are more resistant +to HIC than
controlled rolled steels, a difference attributed to both the
greater uniformity of the microstructure in the heat treated
steels (especially the quenched and tempered steels) and the
plasticity of manganese sulphide. Of significance was the
finding that the HIC susceptibility of the quenched and temper-
ed steels was independent of Mn content, and uniform up to

1A5%(150’1612 a phenomenon that contrasted with the hot

rolled steels of equivalent Mn level. Jones et a1(148) confir-
med the previous work but found no strict correspondence
between HIC susceptibility and total projected length of NMI,

possibly because of the complex nature of their steels.
2010-2.9 WEIADMENT

Moore and Warga(lal) reported that sour gas pipeline failures
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by SWC were always located near spiral welds but never

associated them with defects. In contrast, Taira et al (see

Biefer132) observed SWC in parent metal and in the heat

affected zone but not in the weld metal. It was concluded that

weld metal, with its dendritic microstructure and oxide
inclusions dispersed in the form of globules, had good
resistance to SWC., Other results cited elsewhereclaz) have

not produced any consistency. Therefore, further research is

required in this area.
2.10.2.10 ALLOYING ELEMENTS

It has been shown that the addition of copper in the range

0.20% to 0.30% can impart resistance to SWC in mild sour
*
conditions (typical of the BP test) by the formation of

protective films(48’132’145s150a154.159,161)

The films appear

to be Fesl_x enriched with Cu. Subsequently, it has been shown
that copper-bearing steels will not form protective films in

H,S - containing environments with a pH less than 4.5(157)

r
4,8(48)

reminiscent of the immersion tests in NACE solution.

Additions of Cr, Co and Ni singly or in combination can also

be beneficial, details are cited elsewhere(48’1322

2.10.3 STRESS VARIABLES

Evidence(laz) has been given to show that SWC occurs in steels
having UTS values in the range 300 to 800 MPa (43 to 116 Ksi)
and possibly above, but no correlation has been established

between the steel strength and SWC susceptibility.

* This is a milder test relative to NACE for assessing HIC
resistance -85



SWC occurs in unstressed steel by hydrogen segregation at

inclusion-metal interfaces, and subsequent pressurisation of

the interstice by molecular hydrogen to form blister-cracks
(136-137,140,163)

in the rolling plane, as quoted by various workers.

The investigators postulated that the plastic regions

generated at the blister-crack tips are embrittled by

hydrogen, and transverse cracks propagate through the

embrittled regions to link parallel cracks.

Recent work(132) has suggested that SWC is exhibited not only
in unstressed specimens, but in steel under elastic tensile
stresses. At intermediate stresses, SWC shows up as arrays of
stacked microcracks, which may be joined by cracks transverse
to the stress direction. Limited experiments on full size
pipes have not indicated that residual stresses in the

vicinity of a weld promote SWC, another area for more invest-

igations.

2.10.4 ENVIRONMENTAL VARIABLES

Elaborate investigations(IBZ) have shown that there is a

tendency towards increased SWC in solutions with decreased pH
in st environments over the pH range 1=6 ', The same work
has indicated that some resistant steels would only show SWC

if exposed to a pH which is sufficiently low.

A comparison of four H,S saturated test solutions has been

made using the immersion SWC testtlazz It is reported that

synthetic sea water produces higher corrosion rates and

hydrogen absorption than pure water. In view of the higher pH
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values of the H,S saturated synthetic sea water, this would
indicate that the dissolved salts (mostly chloride) must have
increased the severity of the environment. It is suggested
that the chloride containing NACE solution is more aggressive

than 0.5% acetic acid alone, despite the similarity in pH of

the two solutions.

Other workers(132) have confirmed the above trends, showing
that synthetic sea water solutions with a pH of 3.5 to 4.3

promoted corrosion rates, hydrogen absorption and SWC compared

with pure water solutions.of similar conductivity.

(132,171)

It is evident that typical corrosive ingredients in

natural gas arelco2 and HZS' These gasesi,Pco at = 0.5 atm,
. 2 1

and PH g 20.1 atm, respectivelyun) become corrosive in the
2
presence of moisture. The corrosion severity of natural gas

is therefore, determined almost solely, by the values of Pq

02
and P .
HZS

Although gas pipelines are not used in a corrosive environment
in usual applications, a temperature drop in the gas flowing
in a pipeline to its dew point,due to the temporary shutdown

of the- pipeline or an increase in the moisture due to failure

of the dehydration, makes the fluid corrosive, leading to

damage of the pipeline.

The effects of other environmental variables such as immersion

solution test temperature and H,S concentrations are detailed

elsewhere(lazz
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It is clear from tﬁis appraisal that hydrogen assisted
cracking is strongly affected by the level, nature and
morphology of non-metallic inclusions, which may justify the
mammoth investments in steel deoxidation, desulphurisation,
dephosphorisation and inclusion shape control. Anomalous
microstructures may be ranked second, even though this latter

effect cannot be completely divorced from the segregation of

impurities such as phosphorus.
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3. EXPERIMENTAL PROCEDURES

3.1 GENERAL MELTING TECHNIQUE

A series of 18 kg pipeline steel scrap melts were made in a

25 kg capacity induction furnace of nominal power 60 KW and

3 kHz under an argon atmosphere to minimise oxidation. The
charge was contained in an alumina rammed-in crucible of
approximate dimensions 31 cm deep, 15cm in diameter and 1 cm
thick. At clear melt out the temperature was measured and at
approximately 1600°C, deoxidation by aluminium was carried
out, followed by alloying additions. These additions were made
by plunging into the steel bath. After all were melted, the

temperature was measured again in readiness for casting at a

temperature of 1600°c %10°c,

A tapered cast iron mould of internal dimension 8amm X 8tmm X
340 mm was used for casting the ingots. The molten steel was
teemed into a previously heated refractory coated mould under
arglon shroud and subsequently covered with a proprietary hot

topping compound. The slag left in the crucible was immediately

decanted and the crucible cleaned out in readiness for

subsequent melts.

The furnace assembly is shown in Figure 22.

3.2 STEEL ANALYSES

In each case, samples were taken from different sections of
the ingot, i.e. top, bottom, middle and analysed for the
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required elements and to ascertain the extent of segregation

of these elements. Subsequently, the analysis was used to

calculate the Carbon Equivalent (CE) and the cold cracking
propensity, Pcm. Further predictions based on structure-
property relationships were also made. A summary of the

analyses is shown in Table 5. Sampling locations are shown in

Figure 23,
3.3 HOMOGENEITY OF INGOTS

Prior to rolling, the homogeneity of the ingots was tested
by the traditional sulphur-print technique to minimise the
effect of sample location on properties such as HIC and the

Charpy energy absorbed during impact testing.

Based on the understanding that segregation is a function of

increasing sulphur and phosphorus levels, the ingot with the

highest levels of these metalloids (S =0.,006%, P=0,015%) was
sectioned longitudinally, ground and finally subjected to

the sulphur-print test. The result is shown in Figure 24 and

indicates the insignificant amount of segregation. In

addition, samples taken from different parts of the ingots

showed consistency of analyses.

3.4 HOT ROLLING

Prior to rolling, each of the seven cast ingots was divided
into four equal parts. These samples of initial thickness
32 ¥ 0.5mm consistent with roll gap constraint, were packed

in a compartmental annealing box and finally heated to the
<00~



required temperature. The furnace atmosphere was controlled
by a gas mixture of 90% N, - 10% H, All the samples were
soaked at 1250 £10° for 75 %5 minutes and isothermally

rolled at 1250 ¥10°%, 1100 £10°%, 1000 *10°% ana 900 ¥100cC.

Temperatures were monitored by means of a thermocouple sited

near the heated specimens. These samples were subsequently

designated A, B, C, and D in descending order of temperatures.

Isothermal rolling was carried out to simulate ‘recrystallis-
ation rolling', an industrially developing technique in which

finish rolling temperature is usually in the range 900°¢c to

Hot rolling was carried on a two-high mill with 508 mm
diameter rolls at a peripheral speed of 1.02ms 1 and inter-
pass heating was employed to minimise stock temperature drop.
A final thickness of 11 £ 0.2 mm was achieved in four passes
giving an overall reduction of 67%. This final reduction was

aimed at because of the constraint or full size Charpy

specimens. A summary of rolling schedules is shown in Table 6.

3.5 SECONDARY HEAT TREATMENT (STRESS RELIEVING)

Heat treatment was carried out to assess its effect on the
properties of the rolled samples. Consequently, each rolled
sample was divided into two equal lengths. For comparison,

one group was left in the as rolled condition while the other

was stress-relieved at 650 £10°C for 60 % 5minutes to

simulate post weld heat treatment mandatory in many instances.
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3.6 MECHANICAL TESTS

Charpy and tensile tests were conducted on samples to assess

the effect of rolling schedules and subsequent heat treatments

on these properties.

3.6,1 CHARPY V-NOTCH TEST

Charpy tests were carried out on full size standard specimens
using an impact machine with a striker energy of 300 joules

and linear striking velocity of 5 m/second.

The tests were conducted on specimens in the two orientations

shown in Table 7 at a temperature of -20%*1°C consistent with

specification(1172 This temperature was achieved by a solution

of solid carbon dioxide in acetone. To compensate for heat
loss to the environment during transfer to the impact machine
specimens were held in the solution at a temperature of the
order of 5°C below the actual test temperature.,. The final

results tabulated are the average of two specimeﬁs.

3.6.2 TENSILE TESTS

These tests were conducted on all the fifty-six specimens

using a 50 Tonne screw driven Instron machine.

Rectangular specimens of gauge length 3.40%£0.05cm and cross-

sectional area 40.32mm2 were used for the tests. The cross-

head speed was fixed at 1 mm/sec,
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The change in width and thickness of the specimens for the
calculations of the fracture strain and percentage reduction

in area was carried out on a shadow graph at X20 for the
average of three measurements.
Calculations made were :-

a) Yield Stress (MPa) = Load at Yield (N) 5
Original Cross Sectional Area(m®)

1-1.0.0(14)

b) Ultimate Tensile Stress (MPa) = Maximum Load (N)
Original Cross Section Area
(m2)
L B T I O (15)
c) Percentage Elongation = Change in Length(nﬂ:x 100 wes+(16)
Original Length (m)
d) Percentage Reduction _ Change in Area(mZ) :
in Area g ; 3 X100
Original Cross Sectional Area(m”)
LI A B ] (17)
e) Fracture Strain = In 2o

Ao ceeeeea(18)
Af

where Ao and Af are the original and final cross sectional

areas, respectively.

The results of mechanical tests reflecting a mean of two

specimens with a maximum scatter in the range (10 - 30) MPa

are shown in Table 7.
i S ) METALLOGRAPHY AND MICROANALYSIS

Metallographic examination involved mostly opticat and
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electron microscopy.

3.7.1 OPTICAL MICROSCOPY

Conventional specimen preparation was achieved using %)un

diamond polishing prior to examination.

3.7.1.1 INCLUSION ASSESSMENT

The appraisal of non-metallic inclusion parameters was done
on AMS SYSTEM III IMAGE ANALYSER at X40 (Courtesy of Professor

Smallman, Met & Mats. Dept., Birmingham University.)

Samples were carefully metallographically prepared making
sure that neither scratches nor etch pits were left on them
after %}nn finish, because the image analyser could not

discriminate between these mechanical defects and non-metallic

inclusions.

Subsequently, a hundred fields of each unetched sample were
assessed from which the mean area fraction, mean length and

the average projected length were obtained through the 1linked
computer printout.

The results are tabulated (see Table 8).
3.7.1.2 FERRITE GRAIN SIZE MEASUREMENT

The assessment of grain size was done on all the samples in

the rolling direction using the traditional mean linear
=0 =



intercept (m.1.i.), sometimes referred to as Heyn intercept.

These samples were polished and etched in 2% nital and a
total of fifty different fields were measured in each case

using a Reichert inverted microscope.

Quantitatively, the mean grain size, d, is given by:

g = L
d = X/N l..l.t.(lg)

where
Length of linear traverse (in this case 10 cm)
X = Magnification of microscope

Number of grains per linear traverse.

The values of m.l.i.(d) were subjected to statistical
analysis as summarised in Table 9, Subsequently, the values

of the mean polygonal ferrite grain size were fed into the

relevant models of structure-property relationships to predict

some of the theoretical properties.

3.7:1:3 OPTICAL MICROGRAPHS

Micrographs were taken in both unetched and etched conditions,
the former to portray inclusion morphology and distribution

and the latter to reveal the structure of the steels. These

micrographs are shown in Figures 25,26,27.

3.7.2 ELECTRON MICROSCOPY

The electron microscopy investigation used Scanning Electron
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Microscope (SEM), Transmission Electron Microscope (TEM) and

Scanning Transmission Electron Microscope (STEM).

3.7¢2.1 SEM INVESTIGATION

The nature of fracture surfaces of some Charpy specimens was
investigated to ascertain the mode of fracture i.e. brittle
or ductile or a mixture of both. SEM model S150 was used. In
addition, the same SEM in conjunction with the Link System
was employed for the analysis of some inclusions including

their concentration profiles. Typical micrographs were taken

as shown in Figures 28 and 23,
Is Lo Bnid STEM AND MICROANALYSIS

Conventional carbon extraction replicas were prepared from
the selected samples identified in Table 10. Etching in 2%
nital prior to carbon coating, scoring and eventual stripping

by 5%nital produced a precipitate distribution suitable for

microanalysis.

Individual precipitates were quantitatively analysed using

STEM / EDAX of Philips Model EM400 (at Birmingham University)

for 200 1ive seconds. The intensities of the elements were
subsequently fed into a computer from which the precipitate
analyses in both Wt% and atom% were produced. The analysis
shown in Table 10 is the mean of three readings. Qualitatively
the precipitates were classed into coarse, intermediate and
fine, as a time saving alternative to quantitative size

range(s) bearing in mind that the objective of the transmiss-
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dion work was to ascertain the precipitate morphology and
chemistry and to relate these two parameters to the steel's
composition.-Subsequently, the analyses were used in modelling
the sequence of precipitation. Eventually, micrographs showing
precipitate morphblogies, diffraction pattern and other

features were taken on a Philips TEM arnd Jeol Model 100 B as shown
in Figure 30.

3.8 EXAMINATION OF HIGH TEMPERATURE PRECIPITATION

This investigation was carried out to elucidate the STEM/EDAX
analyses i.e. an attempt to ascertain the evolution of

precipitate anajlses, size and morphology. It involved hot

rolling and quenching experiments.

3.8.1 HEAT TREATMENT

Two samples each of cast numbers 0,1,4, of Table 5 with
initial thickness of 20%1mm were heated at 1250 £10°C for

48 T 2 minutes. The furnace atmosphere was controlled by a gas

mixture of 90%N'2- IO%HZ. Subsequently, one sample from each

cast was quenched in a tank of water with agitation to dis-
perse the vapour blanket. This quenching was done to differ-

entiate between soluble and insoluble precipitates at
1250 * 10%.

3.8.2 HOT ROLLING

The other three samples were hot rolled in the laboratory
mill. Hot rolling was carried out on a two-high mill with
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204 mm diameter rolls at a peripheral roll speed of 0.42:n§1

for only one pass, achieving the same reduction of about 17 %

as in the previous rolling.

Stock-temperature drop on emerging from the rolls was
monitored by means of a thermocouple inserted into the sample.

The samples were immediately quenched from the rolls.

Specimens were taken for optical and electron microscopy and
the left over reheated under the same conditions, given a

second pass and the reduction this time was 23%. Samples

were equally quenched immediately from the rolls and specimens

for electron microscopy taken. A summary is presented in

Table 12,

Finally, TEM, STEM/EDAX were employed as described previously.

3.9 HYDROGEN INDUCED CRACKING TEST

The test was carried out to ascertain the effects of compos-
ition and thermomechanical processing on the resistance of
these steels to hydrogen assisted cracking, common phenomena
encountered in sour oil and gas wells.

Steel coupons measuring ' 60mm by 20mm by 10mm (all dimensions

to the nearest 0.5mm) were ground and subsequently degreased

in acetone.

A typical NACE solution(131-132'172) consisting of 0.5%

acetic acid and 5% sodium chloride solution was used and the

d.
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The samples were loaded in a perspex box without the coupons
making contact with each other. Subsequently, the NACE
solution was poured gently onto the samples for complete
immersion and the box made as airtight as possible, 10%
sodium hydroxide solution was used as a trap on the exit side

of the hydrogen sulphide flow as shown in Figure 3 1

De-aeration of the solution was commenced immediately with
- nitrogen purging at an optimum pressure 3 psi (20.7MPa) for

at least one hour consistent with Specification(1322

Saturation was achieved by bubbling H,S through the de-aerated

solution at the rate of 45 cc/min/litre for the first hour and

17 cc/min/l1itre for 96 hours.

At the end of 96 hours, the test was stopped and the pH noted.

A summary of experimental conditions are shown in Table 13

Finally coupons were sectioned into three pieces and examined
metallographically.for cracks both in unetched and very
lightly etched conditions. The latter condition hopefully
would reveal any crack covered by polishing debris. Cracks

were examined both in face transverse to the rolling

directions and rolling face.
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4. RESULTS
4.1 COMPOSITION CONTROL

The good composition control achieved in this project is
reflected in the fesults in Table 5. Of interest are the low
values of oxygen, sulphur and phosphorus, the modern trend
in pipeline steel development. The deleterious effects of

these impurities and the basis for their downward trend is

emphasised EISewhere.(48'57’59"64)

It can be seen from the same table that carbon is low and

constant, typical of the Northern Borders pipe network

specification of 0.10% mean carbon content and the North West

Alaskan project of 0.12% maximum carbon content(qz) a

restriction intimately associated with weldability.

The Mn level of 1.31% maximum, Table B, (in the range 1.13 -
1.31%) is much lower than those shown in Table 2, and is a

campramise between its conflicting role in grain refinements by
the depression of the austenite-ferrite transformation

47
tanpera.ture( ) and its HIC inducement via segrega.tion(éa). In

addition, there is a cost benefit in achieving the lower bracket

of the alloying element specification. This aim is portrayed in
both the Mn and Si levels shown in Tahle 5.

4,2 MECHANICAL PROPERTIES

Generally, these are measured by strength values, ductility

and toughness values as summarised in Tables 7, 14-16.
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4.2,1 STRENGTHS

The trend for increasing strength, larger diameter and

heavier wall thickness for pipeline is stimulated by the need

for increased operating pressure(ss’azz Consequently, both

yield and tensile strengths have become a design requirement.
4.2,1.1 YIELD STRESS (YS) OF THE AS ROLLED SAMPLES

The values are shown in the first column of Table 7. The
letters A,B,C,D refer to the rolling temperatures of 1250°C,
1100°C, 1000°C and 900°c respectively, and the subscripts
designate the serial numbers from Table 5. For simplicity and
clarity, the steels are categorised into three, and this

classification will be adopted throughout this and subsequent

sections unless otherwise stated.

a) The base steels (i.e. steels with subscript 0 )

It is evident from Table 7 that as the isothermal rolling
temperature decreases, the yield stress diminishes in the

order 354MPa, 346, (368MPa) and 314MPa ignoring the result for
1000°C rolling.

b) Nb-Ti-Al with varying V content (i.e. steels with

subscripts 1,2,3)
The same pattern of decreasing yield stress with lower
rolling temperature is repeated. In addition, the yield stress
increases as the V content is raised, although there is only
a marginal difference between the 0,030V steel and the base

steel, a difference attributable to the effect of the volume

fraction of the precipitates.
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¢) Nb-V-Al with varying Ti content (i.e. steels with
subscripts 4,5,6)

The rolling temperature - yield stress or composition - yield

stress relationship appears to be erratic but falls within

the range of values of the two previous classes. It can be

said that there is no significant change in yield stress due

to Ti additions at the levels 0.074, 0.037 and 0,027 (Wt %),

thus raising a question mark about their economic and technol-

ogical benefit for the thermomechanical regimes employed in

this work.

4.2.102 U.TlSO OF TI'IE AS-ROLLED SAHPLES

a) The base steels

These values of 480, 474, 466 and 432 MPa in descending order
of the rolling temperature is analogous to those of the

corresponding yield stress.

b) Nb-Ti-Al with varying V content
The U.T.S. values are of the same pattern as their correspon-
ding yield stress values i.e. decreasing U.T.S. with

diminishing rolling-temperature and the sum of the traditional

microalloying contents.

Cc) Nb-V-Al with varying Ti content
Similar variable results to those of the corresponding yield
stress values are shown., In addition, these values are inter-

mediate to those of the base steel and the vanadium variants.
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4,2.1.3 THE YIELD STRESS/ U.T.S. RATIO

These values confirm the yield stress and U.T.S. values. It
should be noted that since all the specimens displayed
discontinuous yielding behaviour typical of ferrite-pearlite

steels, the upper yield value was taken in each case.

All the ratios obtained fall within the range 0.70 to 0,82

in conformity with specification(BZ)

4,2.2 DUCTILITY

Traditionally, this property is measured by the percentage
elongation and percentage reduction in area. Another measure
of ductility is the fracture strain or the total ductility to
fracture. Generally,this is not usually quoted in pipeline

specification but its importance is reflected in the formabil-

ity equations shown later.

4.2.,2,1 PERCENTAGE ELONGATION

a) The base steel
The values, in the range 36 to 30% in descending order of the
rolling temperature, maintain a similar trend as the yield

stress levels. Since the range is approximately 6% it can be
said, therefore, that the percentage elongation has not

changed very much with the rolling temperatures.
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b) Nb-Ti-Al with varying V content
These steels exhibit similar values and patterns to the base
steel. In fact no significant difference can be deduced, but

there is a tendency for relatively higher values at both low

V content and rolling temperature.

¢) The Nb-V=-Al with varying Ti content
The results are similar to those of the vanadium variants but
tend to show slight improvement with decreasing rolling

temperature. The relationship with the Ti level is not linear.

4.2,2.2 PERCENTAGE REDUCTION IN AREA

All the values fall within the range 70-81% indicating that

these steels combine high strength with good ductility.

a) The base steel

The values exhibit no significant difference.

b) Nb-Ti-Al with varying V content
There is a definite improvement as both the V level and
rolling temperature decrease, indicating the beneficial effect

of low volume fraction of strengthening precipitates and

ferrite grain refinement at 1000°¢c and 900°c.

c) Tne Nb-V-Al with varying Ti content

There is a general improvement at temperatures 55110000. The
values are virtually insensitive to the Ti levels employed in
this work probably because the Ti rich precipitates were

insoluble at the soaking temperature of 1250°C.
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4,2.,2.,3 FRACTURE STRAIN

The values fall with the range 1.22 to 1.64.

a) The base steels

The sensitivity of the values to the rolling temperatures is
very low. In addition, no definite pattern emerged within

the constraints imposed by the number of rolling temperatures.

b) The Nb-Ti-Al with varying V content

Overall, the values are shown to improve with both decreasing
V content and rolling temperatures, thus confirming the
results of the percentage reduction in area. In fact, the

best result is achieved at the lowest rolling temperature.

c) The Nb-V-Al with varying Ti content

Again, the results show improvement at temperatures of s;1100°c.
In addition, the values are enhanced in ascending order of Ti
level but show slight deviation at 900°C. Overall, these

values are slightly higher than the corresponding V levels.

4.23 TOUGHNESS

One of the methods of establishiﬁg toughness is the energy
absorbed during the impact testing of Charpy type specimens.
The val ues are usually quoted at —20°C(117) and are shown in
Table 7. These values are so high that most of the specimens
did not break completely, thus acting as ‘hammer~-stoppers"',

hence the 'greater than sign' assigned to them.
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a) The base steels
In the longitudinal orientation, the specimens displayed
extremely high values of 3> 300 Joules. Similar results were

portrayed by the transverse samples with a slight decrease at

the rolling temperature of 1250°¢..

b) The Nb-Ti-Al with varying V content

In the rolling direction, the ﬂighest V steels suffered a
diminution of the order of 20J in the temperature range 1250°¢
to 1000°C which contrasted with that of 900°¢ rolling. The
corresponding transverse specimens showed slightly poorer
values. Also, as the V level decreased, the energy absorbed
improved marginally, reaching a peak at the lowest V content.

This may be attributed to decreasing volume fraction of

precipitates as the V content drops.

c) The Nb-V-Al with varying Ti content

Toughness appears to be insensitive to both rolling temper-
ature and Ti content, ignoring the two low values of 245J and
2743 for samples B4 (longitudinal direction) and B6 (trans-

verse direction) respectively. Overall, these results tend to

confirm the trend shown in both percentage reduction in area

and the fracture strain.

Summarising, it appears‘that the future of recrystallisation
hot rolling (typical of the last two rolling temperatures)

for producing relatively higher strength lies in improving the
contribution of grain size to strength. This can be achieved

(as indicated in Section 2.7.4) by controlled cooling(114’116“118)
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which achieves, inter alia, further ferrite grain refinement
and reduced precipitate size, albeit with some sacrifice of
toughness. The process optimisation involved in the use of

accelerated cooling has already been indicated in Section 2.7.4.
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4,3

LINEAR REGRESSION ANALYSES

Regression analyses are aimed at establishing a linear

relationship between two variables in the form Y=A ¥mx,

using standard notation. The relationships below are valid

for each of the rolling temperatures.

4.3.1 1250°C ROLLING TEMPERATURE

vs (MPa) £ 41.3 = 471.3 - 2.9% EL
UTs(MPa) ¥ 51.2 = 680.8 - 5.7% EL
Ys (MPa) ¥ 41.3 = 1179.3 - 10.8 %RA
UTs(MPa) ¥ 51.2 = 1214.0 - 9.8% RA
Ys (MPa) ¥ 41.3 = 974.0 - 435.2.€
UTS(MPa) % 51.2 = 1228.6 - 540,0 £
UTS(MPa) ¥ 51.2 = 81.6 + 1.1 YS
4.3.2 1100°C ROLLING TEMPERATURE

YS (MPa) ¥ 52,8 = 868.3 - 14.9% EI
UTS(MPa) % 62.6 = 1116.9 - 18.5% EL
YS (MPa) ¥ 52,8 = 898.6 - 7.3% RA .
UTS(MPa) = 62.6 = 1150,4 - 9.1% RA
YS (MPa) £ 52.8 = 601.4 - 180.9 £
UTS(MPa) % 62.6 = 784.1 - 224.2 Ex
UTS(MPa) % 62.6 = 66.4 + 1.2
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4.3.3 IOOOOC ROLLING TEMPERATURE i.e. C~SERIES

vs (MPa) t 23.7

338.7 + O0.7%EL

..
H
il

0.2 caselila)
UTs(MPa) ¥ 6.8

]

452.4 + 0.4%EL r = 0.4 seew (D)

-e

1|

YS (MPa) ¥ 23.7 328.8 + O0.5%RA

s r = 0,1 vens GO
UTS(MPa) ¥ 6.8 = 420.6 + 0.6%RA 3 r = 0.6 ... (d)
¥Ys (MPa) ¥ 23.7 = 345.9 + 12,2 €r 3 r =01 .... (e)
UTS(MPa) ¥ 6.8 = 444.5 + 16.4 €, ;5 r = 0.6 .... (£)
UTS(MPa) £ 6.8 = 417.2 + 0.1 ¥S; r =0.5 .... (9)

4.3.4 900°C ROLLING TEMPERATURE i.e. D-SERIES

1+

vs (Mpa) - 28.0 = 316.2 + O0.4%EL ; r = 0.1 ....22(a)
UTS(MPa) £ 22,1 = 409.7 + 1.1%EL ;3 r = 0.3 .... (D)
vs (MPa) ¥ 28,0 = 253.0 + 1.0%RA ; «r =.0.2 seos 2}
UTsS(MpPa) * 22,1 = 320.3 + 1.7%RA ;3 r = 0.3 .... (4Q)
YS (MPa) * 28.0 = 303.4 +18.5 €, ; r = 0.1 .... (e)
UTS(MPa) * 22,1 = 395.,5 + 36.2 Er 3 r =03 ... (£)
UTS(MPa) * 22,1 = 238.6 + 0.6 YS; r =

0:8 wuue ()

In all casess

YS = vyield stress
UTS

ultimate tensile stress

%EL = percentage elongation

%RA = percentage reduction in area
ET = fracture strain

r =

regression coefficient

It is apparent from equations that rolling at temperatures

)110000 results in the usual increasing strength - decreasing
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ductility relationship. This differs from the results of
rolling at 1000°C and 900°C. This evidence is clearly born
out in the sign of the slopes and regression coefficients. It
can be deduced that the degree of scatter (measured by the
modulus of the regression coefficients) is more for the 1000°C

and 900°C rolled specimens than the A and B - Series.

In all but the C-Series, the UTS - YS relationship appears to
give the best fit. i.e. consistently high values of

regression coefficients almost approaching its maximum value

of unity after 1100°C rolling.
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4.4 EFFECT OF STRESS RELIEVING TREATMENT AT 650°C

These regression analyses have been repeated to establish the
effect or otherwise of such thermal treatment on the relation-

ships discussed previously. The definitions of symbols remain

anchanged

vS (MPa) * 46.5 = 481.3 - 2.9%EL ; r = -0.9 ....23(a)
urs(MPa) ¥ 66,1 = 568.0 - 2.3%EL ; r = -0.2 .... (b)
vs (MPa) ¥ 46.5 = 1664.3 -~ 16.7%RA ; r =-0.8 e L6)
urs(MPa) ¥ 66.1 = 1837.1 -~ 17.6%RA ; r = =0.6 .... (d)
YsS (MPa) ¥ 46.5 = 961.9 - 398.6 Er 3 r =-0.9 .... (e)
UTS(MPa) * 66.1 = 1159.0 - 461.3 €, 3 r = -0.7 .... (f)
UTS(MPa) £ 66,1 = -18.3 + 1.3 YS; r= 0.9 .... (g)
4.4.2 B~ SERIES

YS (MPa) Z 51.1 = 693.8 - 10.4%EL ; r = =0.9 ....24(a)
UTS(MPa) * 48.4 = 777.8 - 9.4%EL ; r = ~0.8 .... (b)
Ys (MPa) £ 51.1 = 1054.0 - 9.3%RA ; r = -0.7 .... (c)
UTS(MPa) 2 48.4 = 983.4 - 6.9%RA; r = -0.5 ..., (d)
YS (MPa) £ 51.1 = - 662.1 - 221.1 €r 3 X ==0.7 (.is (e)
UTS(MPa) ¥ 51.1 = 693.4 - 163.4 €r3 r=-0.5 ..,. (f)
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vs (MPa) £ 45.8 = 122.4 + 6.,8%EL ; r = 0.5 sene2Bta)
urs(MPa) £ 22.0 = 430.8 + O0.7%EL ; r = 0.1 .... (b)
Ys (}ma) 45-8 = 57.3 T 4.1 %RA H r = O|7 TEE (C)

369.1 + 1.1%RA r = 0.4 voew (Q)

e

t
UTS(MPa) £ 22.0
&

n

225-4 + 97.1 ET H r = 0.7 AR (E)
urs(MPa) ¥ 22.0 = 419.0 + 25.0 'E.T s r = 0.4 cees ()
UTs(MPa) £ 22.0 = 429.5+ 0.1 ¥YS; r = 0.8 .... (@)

4,4.4 D - SERIES

vs (MPa) ¥ 34.8 = 320.6 + 0.8%EL ;3 r = -0.1 ....26(a)
UTs(Mpa) ¥ 18.1 = 551.8 + 2.9%EL ;3 r = -0.6 .... (b)
YsS (MPa) £ 34.8 = 422.3 - 1,0%RA ; r = =0.9 .... (c)
urs(MPa) ¥ 18.1 = 381.6 + 0,9%RA ; r = 0.2 .... (4)
Ys (MPa) ¥ 34.8 = 377.4 -19.8 £, ; r =-0.1 .... (e)

uTs(MPa) ¥ 18.1 418.8 + 20.0 &T 3 r= 0.2 ... (F)

UTS(MPa) * 18.1 485.1

0.1 Ys

e
a1
i

«0:2 ssss ()

The heat treatment appears not to alter the as-rolled
regression relationships, except for the cases shown in
equations 26c, 26e and 26g. A_bit worrying is the UTS - YS
relationship shown in equation 26g i.e. increasing UTS -
decreasing YS association, but the magnitudes of the slope
and regression coefficient (range 10 to 20%) reduces the

concern. These regression lines are plotted in Figures 32-39 .
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4.5 FORMABILITY

The theoretical values of the formability parameters
calculated from equation 30-34 (Section 5.3) are summarised

in the last four columns of Tables 16A and 16B.
4.5.1 FLOW STRESS AT FIXED STRAIN

a) Base steels

The flow stress increases slightly as the rolling temperature
decreases, reaching a steady value at the last two rolling

temperatures. The effect of stress relief treatment is

marginal.

b) Nb-Ti-Al with varying V content

It can be deduced that its values increased as the V content
decreased. This behaviour persists at all rolling temperatures.
For a fixed V level, these values increase as the rolling
temperature decreases. There is no significant difference in
flow stress after rolling at 1000°C/ 900°C. oOn the average,

the effect of stress relief is not significant.

c) Nb-V-Al with varying Ti content

For the highest Ti level, the flow stress decreases marginally
as the rolling temperature decreases. Its relationship with
other two Ti contents is variable, reaching a maximum of

1062 MPa for the 0.027%Ti, after 1100°C rolling. The effect

of stress relief is slightly variable but not significantly

different from the as-cast steels.
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4.5.2 WORK HARDENING RATE AT FIXED STRAIN

a) Base steels

Like the flow stress, this increased slightly as the rolling

temperature decreased. Equally, there was a very slight gain

due to stress relief.

b) Nb-Ti-Al with varying V content
On the average, the values increased as the V level dropped.
This is true for all rolling temperatures. Also this parameter

increased as the rolling temperature decreased provided that

the V content was fixed. On the average the effect of stress

relief is not significant.

c) Nb-V-Al with varying Ti content
The highest Ti level displayed the same behaviour as the flow
stress. There is no definite relationship with the other Ti

levels and/or rolling temperatures. The effect of stress

relief is not pronounced.
4.5.3 MAXIMUM UNIFORM STRAIN/ FRACTURE STRAIN

All the values of the maximum uniform strain are in the range
0.07-0.11. The proximity of these values may be due to the

similarities in input variables in equation 33.

A similar explanation can be offered for the range of values
(1.55-1.62) of the fracture strain. In addition, the grain
size coefficient in equation 34 is so low (0,015) that its

|
impact for the &2 values on the total fracture strain shown
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in Tables 9A and 9B would not be much.

For both formability parameters, the effect of stress relief

appears to be negligible, consistent with subsequent minimal

changes in grain sizes and compositions.

4.6 INCLUSION ASSESSMENT

Table 8A shows the variation of non-metallic inclusion
parameters with specimen orientation and rolling temperatures,
for sample A4. Sample A4 has the highest S level (0.003 Wt %)

and its sum of 0,S,P is not significantly different from the
others (see Table 8B). Consequently, its result could be

deemed as representative of the whole series of steels.

It can be deduced from Table 8A that on the whole the inclusion

parameters are low, typical of the values of Spitzig(64)

The isotropy exhibited in Table 8A is confirmed by the

minimal variation of these properties with orientation.

The values of area fraction suggests that the matrix is

greater than 99,9% pure.

It can be said that thermomechanical treatments in the range
900°%¢ to 1250°C appear to have no major effects on these
inclusions. This view is supported by the non-metallic
inclusion distribution shown in Fig.25. The same micrograph

portrays an inclusion morphology which is predominantly
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spherical, thus suggesting that the inclusions were resistant
to deformation at these rolling temperatures. This non-

deformability may be due to a low area fraction(64)

’ small
L] L] . (183 ) L]

sizes of the inclusions, the composite nature of the

‘inclusions{176)

as shown in Figure 29, and the high rolling

temperatures, some of which are typical of recrystallisation

hot rolling5112"114)

Interests in other aspects of non-metallic inclusions, such

as inclusion size distribution, inter inclusion spacing, etc.,

considered elsewhere£64) will not be considered here since

their discussion would not be pertinent to the main thrust of

this work.
4,7 GRAIN SIZE DISTRIBUTION

The polygonal ferrite grain size distribution shown in Tables
9A and 9B has been utilised at several stages in the project,
thus justifying both man-hours invested in deriving it and
equipment utilisation. It is worthy of note that the low
values of standard deviation consistently associated with the
grain size analysis places a high premium on the reproducib-
ility involved. On the whole the grain size falls.within the

range ASTM No.8-10 corresponding with absolute values of 20}un-
10 pm.

4.7.1 THE BASE STEELS

These steels show a significant decrease in grain size as the

rolling temperature decreases from 1250/ 1100°C to 1000/ 900°c.
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The 650°C stress relief results only in a marginal change in

grain size.
4.7.2 Nb-Ti-Al WITH VARYING V CONTENT

On the average, maximum grain refinement occurred after
rolling at 1000 / 900°C. Apparently, better grain refinement
took place in the temperature range 1100 to 900°C, for the

1owest V content which may be attributed to less participation
of V in the high temperature composite precipitation by
virtue of the lower V concentration. The effect of stress

relief is marginally variable.
4,7.3 Nb=-V=Al WITH VARYING Ti CONTENT

For the highest Ti level, best grain refinement occurred at
the high rolling temperatures i.e. 1250/ 1100°C. No such
relationship was observed for other Ti contents. After 1250°¢
rolling, grain refinement was in descending order of Ti levels.

The effect of stress relief was variable but no major changes

were observed,

Ooverall, it can be said that these multiple microalloyed

steels have good grain coarsening resistance after one hour
stress relief at 650°C.
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4.8 MICROSTRUCTURES OF THE AS-ROLLED STEELS

These steels portray a microstructure comprising essentially

of ferrite with small amounts of pearlite, as shown in
micrographs (Figure 27). There is evidence of non-uniform

distribution of pearlite. Obviously, the microstructure is

devoid of pearlite banding.

-

4,8.1 THE BASE STEELS

Sample Ao (Figure 27A) contrasts with Sample Do (Figure 27B)
in terms of pdlygonal ferrite grain size and pearlite distrib-
ution i.e. the 1250°C rolling produced coarse ferrite grain
size, more uniform distribution of the pearlite and bigger

pearlite colonies relative to the 900°C roilling.

4,8.2 Nb-Ti-Al WITH VARYING V CONTENT

The micrographs of the highest V level has been shown as an
example. Like the base steels, there is evidence of slight
ferrite grain coarsening, more uniform distribution and
coarser pearlite colonies after 1250°C rolling compared with

the 900°C rolling (Figure 27C and Figure 27D).

4.8.3 Nb-V=-Al WITH VARYING Ti CONTENT

Compared with the previous two steels, the highest temperature
rolling (A4 Figure 27E) portrays a microstructure consisting

of finer ferrite grain size, finer pearlite colonies and more
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pearlite segregation than the low temperature rolled sample
(D4 Figure 27F). In fact, A, has the finest grain size and

apparently the least amount of pearlite. The latter observation

is supported by the calculation summarised in Table 29,

On the whole, the non-uniform distribution of pearlite
observed in some of the microstructures may be associated
,with the internal stress distribution. This possible internal
stress gradient may act as one of the pearlite nucleation

sites, thus resulting into non-uniformly distributed pearlite.

4.9 ELECTRON DIFFRACTION PATTERN

Figure 30D shows the electron diffraction spots of Sample A,

whose analysis is shown in Table 10.

Figure 30E portrays the solution to the diffraction, usually
obtained by indexing, using angular measurements and vector
addition. It can be deduced that there is a major pattern
(shown by open circles) typical of a f.c.c. structure. In
addition, there is a minor superimposed pattern (shown by the

dark circles) which cannot be easily identified. This latter

pattern might have been caused by lattice rotation, or the

presence of another phase with a different crystal structure.

By applying the zone law (stated subsequently) the direction
‘lpﬁ] parallel to the electron beam was found and eventually

a stereographic projection was drawn, with the zone axis

indicated in Figure 30F. No zone near to the 4.10) could be
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found which gave the minor pattern of diffraction spots.

It can be concluded, therefore, that the composite precipit-
ates resulted into an f.c.c., electron diffraction pattern with
[110] zone axis. Bearing in mind that this is the same

pattern as TiN, TiC, Nbc, VN, vci®®) consequentiy, this
diffraction pattern cannot be used to confirm the stoichiometry

of the precipitate analysis. Such a reservation has been made

elseﬁhere.(172)

4,9.1 APPLICATION OF ZONE LAW

This is basically a law for finding the direction parallel
to the electron beam Emil SlBl)

For any two sets of planes (hlklll) and (hzkzlz) which satisfy
vector addition for the diffraction spots, the mathematical

statement for the zone axis is given by::

U = kllz"'l{zll ll.ll.ll.l27
V = 1lh2-12h1 ....-.....23
W = hlkz-klhz I'll.llttozg.

Upon substitution for indices of the planes

U = 2-1 - 0.1 = 2
Vv = 1.2 - 0.1 = 2
W = 1.0 . 0.1 - 0

ice vl = B2d = g
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4.10 MICRO ALLOY PRECIPITATES

4,10.1 PRECIPITATE MORPHOLOGIES

This analysis was made on the As-Cast and Rolled Samples

in the first part of the project.

a) Base Steel

The precipitate morphology is predominantly spherical as

evident in Tables 10A and 10B.

b) Nb-Ti-Al with varying V content
The morphologies are various as reflected in Table 10

i.e. cuboids, hexagons, spheres and needles.

c) Nb-V-Al with varying Ti content

The morphologies are similar to those of the preceding

group / class (b).
(40-42,112,121)
All these similar morphologies are cited in literature

Some of these shapes/ forms are portrayed in the micrographs

in Figure 30.

4,10.2 PRECIPITATE ANALYSES

It is evident in Table 10 that the precipitates of multiple
microalloyed steels are of mixed cohpositions or composites.

Similar analyses(107'115'172) have been documeated for steels

involving a combination of microalloys.
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4.10.3 SOLUTE DISTRIBUTION

The solute content of the precipitates tends to show size
dependence consistent with documentation elsewhere2107’172)
Apparently, Nb and V show a great affinity for fine, spherical
precipitates which contrasted with the behaviour of Ti and Al.
In Sample A,, it may be argued that Ti is partitioned approx-
imately 50 : 50 in both fine and coarse precipitates, and a
possible explanation is that the Ti/N is hyperstoichiometric
in this case. Consequently, the excess Ti would form TiC

whose solvus is below that of TiN but approximately the same

as that of NbC/ Nb(C,N)

It may be pointed out that in samples A, - A;, the Al level
in the precipitates is apparently insensitive to their sizes.
This size indifference would confirm the calculations in the
appendix i.e. there is either no, or insufficient, N left

after TiN formation for the reaction Al —=- AlN.

The distribution of Nb between fine and coarse precipitates

in sample Al to A3 (Table 10) suggests that the Nb-

containing particles formed during the early stage of
precipitation i.e. the upper half of the Nb(C,N) solvus, have
high probability of nucleating on Tiﬁ particles. Therefore,

such early precipitates are more vulnerable to particle
coarsening. In fact, the presence of Al in such high temperat-
ure precipitates e.g. TiN has been suggested(172) to accelerate
the coarsening rate. The fine particles which are highly denuded
in Al and probably formed at the later stages of precipitation
tend to support this view. This explanation may also be

advanced for the Nb behaviour in samples A - Ag, but in

<
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addition the Nb is apparently distributed equally between the
fine and coarse precipitates. The calculations shown or

summarised in the appendix throw light on this latter

partitioning of Nb.

The affinity of V for small particles can be rationalised by
the fact that the calculations shown in the appendix indicate
the precipitation of VC in the low temperature. The same
calculations show that more of its precipitation took place
in the ferrite. Such late forming precipitates are likely to
be fine because of the probability of the minimal influence
of Ostwald ripening mechanism on them. In addition the

presence of Ti and Nb in these precipitates may retard the VC

growth rate.

Generally, it can be said that the first formed precipitates
and / or those out of solution during soaking have a greater
probability to coarsen, and this tendency to ripening is
accentuated by contamination (e.g. the presence of Al in TiN).
A part of this explanation is supported by the analysis
carried out in the appendix, which indicates that TiN solwvus
in each case is greater than the soaking temperature of 1250°c,

reaching a maximum value in sample A, with a corresponding

maximum of Ti and N solubility product.

4,104 TEM MICROGRAPH FOR SAMPLE Dy

The micrograph (Figurd42 ) shows copious fine precipitates in

the vicinity of the prior austenite grain boundary.
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This structure was probably developed during deformation and
recovery at the low rolling temperature (QOOOC), usually a non-

austenite recrystallisation temperature. Consistent with the

mechanism suggested elsewhere(}23) such structural development

involves the generation of sub-grain boundary network, with
the associated strain gradient. Subsequently, precipitates
form on this network and serve as additional ferrite nucleat-
ion sites, but this does not explain the relatively less fine
ferrite grain size of this steel compared with that rolled

at 1250°C, even though both steels are of the same composition

(see Table 93, A4 compared with D4).
4,11 DEVELOPMENT OF PRECIPITATE ANALYSES AND SIZES

Table 11 shows composite precipitates of samples quenched

from a high temperature (1250°C) as described in Section 3.8.

Sample Ao quenched from 1250°¢C portrays fine, dense, spherical
Ti rich precipitates (== 70AT % Ti and 30AT% Nb). This
analysis contrasts with those of the as-cast or the as-rolled

steels shown in Table 10. Note the Nb and Ti values are

reversed.

After 20% deformation and quenching from the rolls, a new set
of fine spherical and less dense precipitates emerged. These
resulted in a microstructure comprising of a mixture of Ti
rich precipitates and the new ones. These latter were Nb-rich
(a~ 70AT % Nb, 30AT% Ti) and their analvses were closer to

those of A, and the as-cast steel No.0 given in Table 10.
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This stoichiometry could not be confirmed by electron
diffraction analysis because the composites manifested
diffraction patterns similar to those of any pure nitrides/

carbides of the traditional microalloying elements e.g. TiN,

Nbc, VN.

These precipitates are evident in the two micrographs,

Figure 40A (1 and 2). Also present in Figure 40A(2) is the
increased number of precipitates after rolling. It can, there-
fore, be said that rolling increased the population of the

precipitates and a change in composition from the original.

Sample A4 also quenched from 1250°¢c shows Ti rich dominated
precipitates (as 85AT% Ti and 15AT % Nb). This analysis
deviates significantly from those of A4 and as-cast steel

No.4 in Table 10. These precipitates are shown in Figure 40B.

The effect of the second thermo-mechanical quenching cycle on
precipitate size and distribution is shown in Figures 41A and
41B . Figure 41A(1) compared with Figure 40A(1l) suggests that

the intermediate heat treatment nullified the effect of the

previous rolling.

Figure 4V'A(2) compared with Figure 40A(2) indicates that TiN
or (TiNb)N grows slowly, hence there is no major difference
in particle size. In contrast to Figure 40A(2), corresponding
Figure 41A(2) indicates the presence of more dense spherical
precipitates, suggesting that the intermediate heating did

not re-dissolve completely all the prior Nb rich precipitates.
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The same trend is exhibited by Figures 40B and 41 B but with

a noticeable difference in particle sizes in the latter.

In all cases, the precipitate distribution appears to be even
with some of the precipitates pinning the prior austenite

grain boundaries/ lath martensite boundaries.

Some of these micrographs portray some massive particles
which may be interesting from Non Metallic Inclusion (NMI)

view point but not relevant to this analysis.
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5. DISCUSSION

In this work seven line pipe-type steels were produced as
chill cast ingots containing four levels of titanium and
vanadium contents in ofder to study the effect of these micro-
alloying elements («£0.1%) on the mechanical properties after
thermomechanical processing of the ingots and also, a final
stress relieving treatment at 650°C. In the second part of
the project a detailed examination of some of the carbide

and nitride precipitates was made to elucidate the role of

the particles on the final properties achieved. Therefore,
this.discussion will be divided into two sections, concentrat-

ing on the mechanical properties obtained and the composition

and form of the particles found in the alloys.

5.1 MECHANICAL PROPERTIES

Three major properties were determined: strength, ductility
and toughness, in accordance with API recommendations,
together with the resistance of the steels to HIC in a NACE

type test which is obligatory for all modern pipeline steels.

5.1.1 STRENGTH

It has been stated earlier, in equations 6 (Section 2.6.5)
and 10 (Section 2.8) that the strength of plain carbon steels
may be estimated from their chemical compositions (mainly
carbon, silicon and manganese), microstructural features

including grain size and volume percentage of pearlite and
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the presence of free nitrogen present. Therefore, these
equations have been used to calculate the 'theoretical'
strength of these steels in this work and have then been

compared with the experimentally determined values.

5.1.1.1 YIELD STRESS

It was found that the calculated yield stress of the test
steels were all much lower than the actual values. It is
believed that this excess strength in the present alloys was
due to precipitation strengthening by the carbides, nitrides
and carbo-nitrides of the microalloying elements rather than
the dislocation strengthening due to rolling. Since the

rolling was achieved at elevated temperatures its contribution

to dislocation strengthening was probably negligible.

It could be argued that the chemical composition given in

Table 5 could be changed during the thermomechanical treat-
ments applied to the ingots to produce the mechanical test
specimens. However, if the aluminium contents of the latter
(Table 5C) are compared with the ingots (Table 5A) it will be
seen that a loss of 0.002% Al was given, and since this is

the most oxygen avid element in the alloys it can be assumed
that the carbon, silicon and manganese contents of the test
specimens will be very similar to those recorded for the ingots
in Table 5A. The free nitrogen contents of these steels can be

assumed to be zero as shown in the Embury type calculation in
the appendix.
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The difference between the actual/ measured yield stress and
those calculated from equation 10 (Section 2.8) are shown in

Tables14 ‘A and B. A similar approach has been adopted

elsewhere(%77) incorporating incremental yield stress values

in the range (60 - 130MPa), the lower value reflecting a case

of particle coarsening by batch annealing. The same work

confirmed previous findings(178) that the potential for

precipitation hardening is independent of precipitate analysis
i.e. whether VN, VC, V(C,N), NB(C,N) TiN, etc. but only
depends on volume fraction and mean precipitate size as
reflected in equation 6 (Section 2.6.5). This is probably

because these microalloying precipitates are very hard(37)

and therefore non deformable. It is reasonable to assume that

the composite nature of these precipitates should not

invalidate equation 6.

The values of the yield stress mayltherefore be interpreted
as due to the co-operation between.grain refinement and
effective volume fraction of precipitates and their size. It
may also be pointed out that the precipitation-hardening

component has an indirect eff act on grain refinement by

impairing grain growth.

The observed variation of yield stress with rolling temperat-

ure for the bae steels can be attributed to any or all of the
following:

1) Precipitation in the austenite during the hold period in

the temperature range (1100-900°C), The temperature diff-

erence and time to achieve these rolling temperatures are

the main driving force for such precipitation.
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2)

3)

4)

Strain induced precipitation in austenite, especially
during the rolling at 90000, because the austenite is
unlikely to recrystallise at this temperature. Generally,
precipitation in austenite detracts from precipitation-

strengthening in the ferrite£173)

Particle coarsening (especially during the hold period)
which reduces the “effective volume fraction(gq) of the
precipitates and increases their mean particle sizes. The
above support the gradual decrease of the incremental

yield stress from 1250°¢ to 1000°C and reducing consider-

ably at 900°c.

Austenite grain growth inhibition, especially at high
temperatures, by composite fine Ti-rich precipitates and
the transformation of unrecrystallised austenite at the
low rolling temperature. This proposition is in conformity
with the grain size shown in Table 9, with maximum grain

refinement after the 900°C rolling.

The Ti-Nb-Al varying V steels showed non-simple relationships

of both the variation yield stress with rolling temperature

and the increase of yield stress with increasing V level.

The former is analogous to that of the base steel and hence

the preceding explanations could explain this behaviour. The

latter could be expected when the increasing volume fraction

of precipitates is obtained as the V content increased, since

in all cases the VC/V(C,N) is in solution during soaking at

o
1250°C. It may be argued that the presence of V in the
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composite precipitate shown in samples Al to A3 (Table 10A)
can diminish the volume fraction of V(C,N) available for
precipitation strengthening in the ferrite. Such an observat-

(173)

ion has been made accompanied by a decrease in grain

coarsening temperature of Ti steel when combined with V or Nb.
A question of great concern is by how much the participation
of V in this high temperature precipitation reduces the
effective volume fraction of V(C,N) to ke precipitated in the
ferrite? This problem is exacerbated by the maximum deficit
obtained between the actual and theoretical V (see Table 10C)
which suggests that the decrease in volume fraction of V(C,N)
by the participation of V at the high temperature is minimal
and thus precipitating mainly as puré v(C,N),and being
extremely fine (maximum immunity from ripening) could not be

easily detected during the EDAX-STEM analyses.

This increase of yield stress with increasing V content is
clearly born out in Table 14 where the average incremental
yield stress decreases as both the V level and rolling temp-
erature are reduced, becoming constant at 1000°c / 900°C. For

the lowest V content, the values are similar to those of the

base steel.

Ignoring the slight deviation at 0.03V, the same table also
revealed a maximum value in incremental yield stress at the
rolling temperature of 1100°C. This may be attributed to the
contribution of the precipitation of Nb(C,N)/ NbC to the over-

all volume fraction of the precipitate as indicated by the

solvus-generation data shown in Tables (22-24).
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In contrast to the two previous groups, these steels that
contain Nb-V-Al with varying Ti displayed maximum grain
refinement at the higher rolling temperatures i.e. at 1250°%
and 1100°C (for the highest (0.074%) Ti level) as shown in
Table 9 and Figure 27. This may be interpreted as the effect
of the large amount of insoluble precipitates(39’94’123)
(during soakihg) which refined the austenite but coarsened

during the slow cooling to the relatively lower rolling

temperatures of 1000°C and 900°c,

From the present data it would be speculative that the large
amount of excess (free) Al (Table 28) associated with these
steels could interact in a complex manner with these precip-

itates at the lower rolling temperatures with the possibility

of causing accelerated coarsening.

Also, it is possible that the high temperature precipitates
have subsequently grown to the critical sizes of 0.5;m$94)
oﬁ)Qb-me(94) for the enhancement of recrystallisation by
providing easy nucleation sites. This may be attributed to the
strain gradient development around the particle and its own
interfacial energy. Such accelerated recrystallisation might

off-set the 'pancaking' tendency of the austenite during the

low temperature deformation.

Recent investigations(lzs) of the nature of prior austenite

after rolling in association with large volume fraction of
insoluble Nb(C,N) precipitates are in agreement with the

above speculation. It may, therefore, be rewarding to examine
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the nature of the prior austenite grains in these steels by
the usual picral plus a wetting agent technique. This is
supplemented by the fact that steels with relatively lower
Ti contents did not apparently display the grain size -

rolling temperature tendency mentioned previously.

Therefore, the relatively diminished value of the incremental
yield stress displayed by these steels can be attributed to

much of the precipitation taking place in the austenite i.e
by a combination of insoluble precipitates and strain induce-

ment. This has the usual overall effect of reducing the amount

of strengthening precipitates in ferrite.
5.1.1.2 ULTIMATE TENSILE STRENGTH (UTS)

The calculated values can be obtained in terms of the
parameters incorporated in equation 11 (Section 2.8) i.e.
composition, grain size and pearlite content. For composition
and grain size the ideas advanced for yield stress would
apply here irrespective of the differences in regression-

coefficients incorporated in equations 10 and 11.

It is important to emphasise that the use of the theoreticél
values of pearlite content (summarised in Table 28) may
underestimate the actual values. In addition, the non-uniform
distribution of pearlite (Figure 27) may compound the error
introduced in the calculation. Such an error may throw light
on the fluctuations of thé differential UTS values shown in

Tables 14A and 14B. This error may be compromised as an
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alternative to cost and time saving strategy which does not

devalue the principle of this exercise i.e. effect of micro-
alloying on pearlite dilution. Therefore, it is recommended

that quantitative metallography should be employed to test

the calculations.

From the summary of the calculated and actual values shown
in Table 14, it can be deduced that the differential UTS
values are much lower than the corresponding yield stress
values. This tends to give credence to the fact that the
former is less structure sensitive than the latter, as

evidenced by the inferior regression coefficients of the UTS

(equation 11 compared with equation 10).
5.1.1.3 THE RATIO OF YIELD STRESS TO UTS

The specification of yield to tensile strength ratio calls

for a maximum of 0.85 for pipe-line of a grade less than

X-65(450 MPa YS) and 0.90 for higher grades(ez). Therefore,

the range of 0.70 to 0.82 shown in Table 7 is in conformity

with specification.

This upper boundary was imposed by pipe-line companies whech
hydrostatically tested the finished pipe construction to a
very high stress level, often exceeding 100% of the SMYSf in
order to minimise the risk of failure during the commissioning

test. It also has the effect of discouraging the practice of

SMYS = Specified Minimum Yield Stress
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achieving a desired yield strength level by excessive cold

expansion of an undersize pipe, a method unknown in the past.

5.1.2 DUCTILITY

Ductility can be measured by percentage elongation, percentage

reduction in area and fracture strain.

5.1.2.1 PERCENTAGE ELONGATION

The major feature of this property is its dependence on the
specimen geometry, particularly the initial gauge length (lo).
Hence, results are only meaningful when the gauge length used

for the test is quoted, implying that comparison of results

is meaningless for different gauge lengths.

A better assessment of ductility may be obtained by measuring
the uniform elongation, which is independent of gauge length

but strongly composition and structure dependent, as shown by

one of the formability equations in Section 5.3.

5.1.2.2 PERCENTAGE REDUCTION IN AREA

Apparently, there are no regression equations for either
percentage elongation or percentage reduction in area, hence

the results are difficult to interpret quantitatively, but

phenomenological explanations can be advanced in terms of

cleanness, grain size, microalloy precipitates and thermo-

mechanical regimes employed in this project.
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5.1.2.3 FRACTURE STRAIN

The results can be explained in terms of the variables
associated with equation 34 (Section 5.3). From this equation,
the detrimental effect of both phosphorus and sulphur is
explicit, both in terms of sign and regression coefficients.
Less harmful is the pearlite content and hence the benefit

of pearlite dilution by microalloys cannot be over emphasised,
even though this is a secondary objective of microalloying
additions. Mn, Si,grain refinement and surprisingy tin imﬁrove
the fracture strain. It may be worthy of mention that tin

usually occurs as a tramp element in steel. Its concentration

is usually low, typically those shown in Table 5.

Usually the calculated values are slightly higher than the
actual values (Tables 1$A and B) and a major factor which

may cause this can be the non uniform distribution of pearlite.
Segregation of elements is another possibility, but the

sulphur print test indicated that very little segregation was

present.

The correlation betwgen the fracture strain and percentage
reduction in area is apparently evident in Table 7, thus

supporting the phenomenological explanation advanced previously
for the behaviour of the latter. Such a correlation is

evident in a previous investigation(sz)
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5:1+3 TOUGHNESS

The very good energy absorbed values obtained for the samples
tested in this work (Table 7) can be attributed to the very
low volume / area fraction of non metallic inclusion (Table 8),
fine polygonal ferrite grain size and absence of free
nitrogen, Ng, as indicated by excess Al (Table 28). The harm-
ful effect of free nitrogen, Nes is reflected in equation 12
(Section 2.8.3). Less detrimental are silicon and pearlite
due to their low regression coefficients in the same equation.
Other factors for the high toughness of these steels include
precipitate distribution in austenite and ferrite, and the
possible avoidance of low temperature ferrite rolling. The
latter has the implication of separation/ splitting mode of
fracture. The nearly isotropic mechanical properties exhibited
by the specimens is shown by the very low orientation depend-

ence of the inclusion parameters shown in Table 8.

These results are much better than those of Spitzig§62) His
data included steels in both modified and unmodified
conditions as well as high S(0.013 %max) and relatively lower
Mn(0.89 -1.06%)., The equivalent values were for the upper
shelf energy in the longitudinal direction. In addition, these

values are much greater than those quoted for the operation

pipeline network shown in Table 18.

To supplement the energy absorbed values, theoretical

calculations of ITT ‘were made based on a combination of

equation 11 (Section 2.8.3) and Table 4&31) the latter
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reflecting the effect of precipitates on ITT, thus giving the

overall equation for theoretical ITT as:

_ Ays , 4 30

where ITTeff effective ITT (°C)

ITT

. ITT calculated from equation 11 (°C)

AYS incremental yield stress (MPa)

The results are summarised in Table 15 from which it can be
seen that the incremental yield stress due to precipitation
strengthening depresses ITT, producing a relatively high
value of -29°C for sample B; (Table 15B) i.e. the highest
v(0.073%) rolled at 1100°c. Apparently, this is an explicit
deleterious effect of fine precipitate volume fraction on
toughness. Fracture surface of sample B, (Fig.28A) shows a
transcrystalline cleavage mode of fracture irrespective of
124 J energy absorbed at -20°C, an energy value that is much
higher than most of those quoted in Table 18. This mode of

fracture differs markedly with sample ca-ductile fracture

(Fig.28B) having an ITTeff value of -54°cC.

It is clear from Table 15 that the Ti-Nb-Al-V steels possess

inferior ITT ¢ especially at the high rolling temperatures

of 1250°C and 1100°C, this behaviour is contrary to the

Nb-V-Al-Ti variants. This can be deduced from the explanations

advanced in Section 5.1.1.1.

Based on this conflicting evidence, there remains a problem
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over the use of either the Charpy energy values or ITT as a
measure of toughness. This view is supported by the energy

requirements quoted in association of temperatures shown in
Table 18. It'is, therefore, suggested that actual ITT should

be obtained to provide more accurate design data for the pipe

user.

5.2 THE EFFECT OF STRESS RELIEVING

5.2.1 STRENGTH

The effect of this secondary thermal treatment on yield
stress appears to be variable, as shown in Table 7B. This
may be attributed to the small fluctuations in the values of
the polygonal ferrite grain sizes shown in Table 9A and 9B.
Also, the possibility of precipitate coarsening during the
heat treatment cannot be ruled out, but this latter effect
cannot explain the observed increase in yield stress shown
by some of the steels. Both effects are quantified in

equations 10 (Section 2.8) and 6 (Section 2:6.5).

The UTS values portrayed the same pattern of changes for both
the base steels and the V-variants, but the Nb-V-Al-~Ti group
of steels showed a definite pattern of lower tensile strengths.
Since this behaviour cannot be explained absolutely in terms
of grain coarsening, it is possible that pearlite distribution
and growth can offer an explanation. Time did not permit
quantitative metallographical investigation in this direction.

Therefore, further work on the effect of such thermal treat-

ment on the as-rolled microstructure is recommended.
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5.2.2 DUCTILITY

The effect of this secondary heat treatment on the values of

both percentage elongation and percentage reduction in area

is insignificant as shown in Table 7B.

For the base steels, the values of the fracture strain showed a

slight increase in all rolling temperatures except 1000°C.

The highest V containing steels i.e. steels with subscripts 1,
showed a moderate increase in fracture strain for the rolling
temperatures of 1100°c, 1000°¢ & 900°C, while other steels displ ayed
moderate fluctuations. These changes may be explained in

relation to the variation in the parameters incorporated in

equation 34 (Section 5.3).

5.2.3 TOUGHNESS

on the average, most of the samples retained their high

energy absorbed values after stress relieving, but samples
Ay and By exhibited a significant depression in their values
of this property in both orientations (Table 7B). Sample A

2
suffered loss in toughness in the transverse direction.

The significant loss in toughness displayed by sample Al’ B1
and A2 cannot be explained in terms of grain growth, because
there is no evidence of this in Table 9B. Speculativelyya

possible explanation is the inadvertent location of the Charpy

V notch at the segreyated area(s) of the pearlite. Such non-
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uniform distribution of pearlite is shown in Figure 27. In
addition, the growth of FeBC lamellae during stress relief

(66)
welding treatment has been identified with loss in toughness.

5.3 THE FORMABILITY OF FERRITE-PEARLITE STEELS

Flat rolled steels require to be formed into‘pipes, for
example,Aby the U.O.E.* process. Significant properties include
flow stress for a given strain, which governs the forming
loads, work-hardening rate, maximum uniform ductility prior

to plastic instability, and the total ductility at fracture.
Many of these parameters can be derived from the true-stress/
true-strain tensile data(31’57) but could not be accomplished
within the project life span, and consequently interests were

centred on such primary mechanical properties as yield stress,

UTS, ductility and toughness.

Attention has been primarily concentrated on the quantitative
relationships between structure, composition and plastic-
deformation characteristics for ferrite-pearlite structures.
For low carbon, ferrite-pearlite structures which are typical
lof the HSLA steels being investigated, the following

rdationships have been quoted in 1iterature£31’57)
Flow stress at strain,g= o0

EMPY . = 15.4[i5+29(%Mn)+9(%si)+60(%p)+11(%Sn)+244(%Nf)f‘

0.27(% Pearlite) +0.97(d“§i3_‘ AR - 6 |

* This pipe forming process consists basically of three

stages(lao)
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Work-hardening rate at strain, €= 02

& (MRy) © = 15.4 [5+7.2(%51)+30(%P)+9.9 (%Sn ) +89 (%N )+
0.09(% Pearlite)+1.0(d™%) veeee(32)

Maximum uniform strain,

€n ® 0.27-0.016(% Pearlite)=-0.015(%¥Mn)-0.040(%Sn)~-0.040(%S1i)~
1-1(%Nf) 000008(33)

Total ductility at fracture,

€n =1 .3-0,020(% Pearlite)+0.30(%Mn)+0.20(%Si)-3.4(%S)~
4-4(%P)+0-29(%Sn)+0.015(d-}5) veeeea(34)

These equations have been applied to these steels in

conformity with their microstructure and the results shown

in the last four columns of Tables 16A and 16B.

5.:.3.1 FLOW STRESS

a) Base steels

The slight variation of flow stress with rolling temperature
is mainly due to grain size because of the tight composition
control achieved in this project. From the relative magnitudes
of the regression coefficients of d_% and pearlite (equation
31) compared with the absolute values (Tables 9A and 9B, and

29), it can be said that the contribution of pearlite should

be secondary to grain size for these steels.

b) Nb-Ti-Al-V steels
The apparent slight increase in flow stress with decreasing
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V levels may be interpreted as more of a compositional

effect than grain size and pearlite content. This is confirmed
by the slight variation in Mn and Si levels shown in Table 5.
For the flow stress - rolling temperature relationship, the

explanation advanced for the base steels above is applicable.

c) Nb-Al-V-Ti steels

The flow stress - highest Ti level relationships is essentially
a grain size effect (Tables 9A and 9B). Also the fluctuating
relationship between the flow stress and the two Ti contents

is significant in the grain size domain.
S5eded WORK HARDENING RATE

a) Base steel

The slight increase in work hardening rate with decrease in
rolling temperatures may be explained in a similar way to the
flow stress - rolling temperature relationship. In fact, a
critical examination of the two governing equations shows

that the grain size coefficients are almost equal (0.97 for

equation 31 and 1.0 for equation 32).

b) Nb-Ti-Al-V steels

Because of the similarity in behaviour with the flow stress,

the explanations for the flow stress should apply for the

work hardening rate.

c) Nb-V-Al-Ti steels

This family of steels displayed similar behaviour for both
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flow stress and work hardening rate, and therefore, one

explanation should apply for both.

Since most of these formability parameters are calculated, it
may be rewarding to generate the actual values from true

stress - true strain tensile data for comparison.

5.4 MICROALLOY PRECIPITATES

Precipitates of interest are the carbides, nitrides and carbo-

nitrides of the microalloying elements Nb, V, Ti. Also, AlN

is important in this discussion.

These precipitates are usually fine and very hard537]

They
are semi-coherent with the matrix as shown by the orientation
relationship5233’44-46)

Under suitable conditions, they

strengthen steels as shown by the Ashby-Orowan modelggo) Some

of these properties are summarised in Table 1.

5.4.1 MORPHOLOGIES

Most of the morphologies of the precipitate may be explained
in terms of composition of the steels. This is supported by
the fact that the base steel (Ao) with very low Ti a~— 0.007%,
V = 0.009%, total Al = 0.030% and Nb = 0.042% displayed
spherical precipitates devoid virtually of Al. Other shapes
emerged in the structure when Ti and Al levels were relatively
higher (A, -Ag). In this project, thermomechanical treatments

could not throw any further light on this because all the
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steels (Ao"A6) were subjected to the same thermomechanical

treatment.

5.4.2 ANALYSES

The isomorphology between most of the precipitates leads to
intersolubilities (where size factor and electron structure
permit) and may facilitate the formation of carbonitrideé.
Similarities in the atomic sizes of carbon and nitrogen and

in the magnitude of their diffusivities can create a conducive
environment for the ease of carbon-nitrogen exchange within
the non-stoichiometric lattices (except for A1lN) of these
complex precipitates. The existence of non-stoichiometry
creates vacancies with the implication of enhanced diffusion
or pipe diffusion, possibly promoted by the mutual straining

of the precipitate lattices. Such changes in lattice paramet-

ers with precipitate composition have been documentedgsz)

A model based on such mixed composition has been attempted
elsewhere(107) but cannot be adapted to the present project
because of the presence of multiple microalloying elements

involved giving rise to a multitude of phases.

Alternatively, the precipitation-phenomenon is a nucleation
and growth process. It is universally accepted that TiN
usually forms first and it is isomorphous with other nitrides
(except AlN)and carbides, therefore it would seem realistic
to assume that TiN can act as nucleation sites for the

subsequent precipitation of other precipitates. This leads to
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possible epitaxial growth or the so-called precipitate

induced precipitation. In fact, such coring phenomenon has

been cited elsewhereg115’172’l73)the insignificant differ-

ence between the lattice parameters(33’88) of these nitrides/

carbides may enhance this possible coring. This suggestion is
strengthened by the fact that rigorous thermodynamic analyses
based on the sequence of precipitation (see appendix)
indicates clearly overlapping tendencies of the 'C' curves

of some of the nitrides and carbides with the associated

phenomenon of co-precipitation.

It may be argued that following the model of the sequence of

precipitation pioneered by Embury et al(107) and modified in

the appendix, that some pure phases e.g. TiN, Nb(C,N), AlN
may co-exist with the composite precipitates. Such a
reservation has, indeed, been made(172) but the same work
confirmed by chemical analysis that most of the precipitates"
were of composite nature. Subsequent investigation by Embury

et al was in agreement with this latter finding.

5.4.3 PARTICLE SIZE DISTRIBUTION

Qualitatively, there is evidence of various precipitate

sizes in Table 10. The factors affecting precipitate size

cited elsewhere(112’106’172) are processing variables. These

are supported by the discovery that for the same Ti addition,
relatively coarse TiN particles predominate in the structure
in sand cast ingots, compared with smaller precipitates in

continuously cast billets (i.e. 62 nm versus Brmﬂgllz) Also
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the alloy chemistry of the steel, as dictated by solubility

relationships, controls the degree of supersaturation achieved

and thus, the size of precipitates.

Since all the steels in Table 10 were chill cast and given
the same thermomechanical treatment, the diversity of particle
sizes obtained must be steel composition dependent, but it
may,be difficult to interpret in terms of the degree of super-

saturation because of the multiple nature of the phases

present.
5.4.4 THE GENERAL BEHAVIOUR OF ALUMINIUM

A close examination of sample Ao in Table 10 indicates that

within the accuracy of the data, there is virtually no

aluminium in the precipitates. Comparison with the work of

Chen et al(las) involving the same level of total Al is made

more difficult by the fact that they used Al replicas.

Samples A11u;A3 contrast significantly with AO. In fact, the
effective Al in the particles reached a peak value of approx-
imately 54(Wt %) or 80(AT %) in sample Az corresponding to a

low value of excess (free) Al as shown in Table 28.

It may be argued that kinetically, the precipitation of AlN

i ' ‘ (33,41-42)
tends to be sluggish, but improves with plastic deformation.
Therefore, it is probable that the association of non-
stoichiometric carbides/ nitrides with A1N during plastic

deformation may accelerate the precipitation of the (Nb Ti V Al)
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complex. Thus, the high level of Al in precipitates of samples
Ay -2q corresponds fairly well with the availability of N after
TiN - £inish - precipitation as summarised in the Tables (22-24).
This explanation may justify the very low levels of Al in the

precipitates of samples A4 to AB.

Calculations based on solubility relationships shown in the
appendix, indicate three possible start precipitation temper-
atures (1096°cC, 1000°C and 794°C) for AlN. For 974°C it was
assumed that A1N should not form. If it should eventually form
at this relatively lower temperature, then the precipitation

of AIN would be subsequent to those of TiN, Nb(C,N) and NbC

under the same conditions,and two possibilities arise:-

i) such relatively low temperature precipitates may be too

fine to be detected in the midst of other precipitates.

ii) There may be no nitrogen left for the reaction Al —» AIN.

The same explanation can be offered for the other microalloys,
but Tables (22 - 27) confirm that they are not hyperstoichio-

metric with respect to the associated interstitials.

The apparent disagreement between the very low levels of Al
in the precipitates of samples Aq, AS’ AG (see Table 10A) and
the corresponding prediction summarised in Tables (25 - 27)
that there is no excess nitrogen for AlN - formation is note-
worthy. Assuming that this apparent conflict ié not due to
the minimal influence of background sﬁripping<n1the small Al-

peak, in the presence of gigantic Ti and Nb peaks, then it
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is possible that diffusion and other transport processes
could promote the transfer of free Al into the lattice of
the other precipitates. This diffusion could be enhanced by

the non-stoichiometric nature of these other nitrides/ carbides.

Should this explanation be true, then the worry over the
influence of the theoretical excess Al is accommodated.
Otherwise, samples A , A, -Ag, in which most of the precipit-
ates are virtually devoid of Al, gives concern because the
calculated free/uncombined Al should be in the final steel
matrix. It may, therefore, be necessary to carry out a series
of melts that discriminate between A1N and Al, thereby
investigating the role of Al and N in the steel making process.
Until such an investigation is executed and the result estab-
lished, it is advocated that caution is to be exercised in

making Al additions to multiple microalloyed steels.

It is interesting to point out that calculations of the
activity coefficients of Al in this multicomponent system
showed no major change with steel composition for the seven
steels investigated. In fact, all the values of the activity

coefficients are greater than unity but fall within the

range 1.08 to 1.12 (see Table 10A).
5.4.5 THE PRESENCE OF IRON IN SOME PRECIPITATES

A critical examination of Table 10 indicates that some
analyses do not add up to 100%. The deficit is accounted for

by the presence of iron in some of the precipitates. This
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detection of iron in some of them may call into question the
validity of much of the work on solubility studies. The iron

probably results from nearby cementite particles(71) but

conflicts with the findings that the iron content increases

as the particle size decreases!108,109)

(174)

Recent communication suggests that the presence of iron

in the precipitates is inexplicable. In reality, its presence
is due to the contamination of the particles by iron salts
produced during the etching process which adsorb onto the
surface of the small particles. This explanation tends to

strengthen the previous finding that the iron content

increases as the particle size decreases.

It may be necessary, therefore, to identify the precipitates.
of the same specimen by using the two techniques of extraction

replica and thin foil provided the latter is produced by ion

beam technique.
5.4.6 DOMINANT EFFECT OF Nb

The mystery surrounding the dominance of Nb in most of the
precipitates (even in the presence of aﬁproximately twice

the level of Ti or V in these steels) may be resolved in
terms of the high stoichiometric wvalue of ﬁb to C and /or
with the associated excess electron of a Nb atom as displayed

in Table 20. The chemical affinity of Nb to C and N is equally
important.
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5.4.7 ACTUAL AND THEORETICAL ANALYSES

The difference between the actual and theoretical precipitate

analyses shown in Table 10C may be attributed to any or all

the underlisted:-

a) The insensitivity of the theoretical values to the

precipitate size, hence the mean values of the actual

analyses were employed.

b) The theoretical values were based on equilibrium

calculations.

c) Some precipitates may not have been detected.

This may account for the coﬁsistently maximum deficit
exhibited in the vanadium series, the magnitude of the deficit
decreasing in ascending order of the V content of the steels.
This display of maximum discrepancy by V tends to support the
earlier suggestion that the participation of V in high temp-

erature precipitation still leaves excess V for low temperat-

ure precipitation.

5.4.8 EVOLUTION OF PRECIPITATE ANALYSES AND SIZES '

The analysis of the precipitates of sample Ao quenched from
1250°C reflected stoichiometry of Ti0.7 Nb0.3 (NC). These
composite high temperature precipitates are likely to be rich
in nitrogen and low in carbon content, consistent with the
popular view., It should also be noted that the solvus of the
Tig 5 Nby 5 is likely to be greater than 1250°C because these
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precipitates are insoluble at 1250°c,

The precipitates that emerged during rolling or immediately
after rolling but prior to quenching, i.e. those of stoichio-
metry Nb, - Ti0.3 (CN) must have a solvus less than 1250°C.
In fact, a thermocouple measurement indicated an emergent
temperature of 1100 z 5°c, & temperature that lies between
the calculated curves of Nb(C,N) and NbC (see Table 21A). The
possible contamination of the thermocouple by Fe diffusion at
such a high temperature may underestimate the real value, but
the true temperature should be intermediate to the 'C' curves
of Nb(C,N) and NbC. These latter precipitates are likely to
be lean in N but rich in carbon. Only EELS* can confirm this

but such an analysis is beyond the scope of this investigation.

The driving force for these Nb-rich particles is likely to

be temperature gradient as opposed to strain inducement,

because previous work(94’123) indicated that the prior

austenite is usually recrystallised at this.temperature and

microalloying concentration.

A similar trend should be exhibited by sample A,y i.e. the

transition from Ti-rich precipitates to an emergent new set

of precipitates.

In the evolution of the observed spectrum of precipitate

sizes, it could be said that the propensity for precipitate

*
EELS = Electron Energy Loss Spectroscopy
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growth by the well known Ostwald ripening mechanism is in the

descending order:

a) Insoluble precipitates at soaking temperature

b) Preéipitates formed at high temperature e.g. TiN or

(TiNb)NC

c) Low temperature precipitates e.g. VC, VN.

The presence of Nb in Ti rich particles at 1250°C suggests
that a transport phenomenon is involved in the formation of
composite precipitates, thus giving credence to Embury's(107)
model 2. This model is based on the mechanism of mixing, but
becomes highly complicated for multiple microalloyed steels
because of their multicomponent nature. Model 2 will be more
useful from a practical view point but requires the computer
package used by Embury et al. A modification of their package
may be necessary to accommodate the multiple microalloyed

nature of the steels involved in this project.

The existence of insoluble Ti-rich precipitate at 1250°C for
a steel of very low Ti level (0.007%) as shown in micrographs
(Figure 40A) suggests that the least soluble particles (Ti; -

Nﬁo 3) impede boundary motion at the highest temperature.

This is a corollary of Zener's concept£184) The usefulness of

such high temperature austenite grain boundary pinning,

especially during soaking or welding, has given much impetus
to a low Ti addition. Recently, this addition of Ti e.g

: *
(£0.01%) in some OLAC - treated steels containing & 0.003%N

*
OLAC = On Line Accelerated Cooling
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and (>0.05% A1) has been reportedsllz) while the control of

such a low level of this highly reactive metal is difficult,

it is not impossible by the new injection technology technique.

A quantitative approach to particle stability has been
documentedsl72'175) This stability as measured by the
dissolution and coarsening rates at a given temperature is

defined by the well known Lifshitz - Wagner equation stated

below:-

oaou-(35)

= ¢ are mean particle radii at zero time and

time t, respectively

D = coefficient of diffusion of the solute in
the matrix

¥ = interfacial energy of particle matrix/
interface

¥ ™ Molar volume of precipitates

K = Constant

RT have their usual meaning.

It can be seen from this equation that the particle growth
rate would be retarded by a decrease in diffusion rate (or
an increase in its activation energy), a decrease in molar

volume of the precipitates and a reduction in the precipitate/

matrix interfacial energy.

A complication is introduced in these predictions by the fact
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that the observed precipitates are of a composite nature and
in addition, the diffusion of vacancies for these non-
stoichiometric carbides/ nitrides (except A1N) cannot be
ignored. Such complex effects have been observed in Al-V
(94)

steels and are interpreted as due to interactions between

A1N and VN, and due to the supersaturation dependence of the

rate of growth of these precipitates.

Therefore, overall it may be anticipated that even more
complex effects would result from multiple Ti-Nb-Al-V micro-
alloying, particularly in the presence of nitrogen. In
quantitative terms, some of the parameters in the equation
above may be modified to reflect their operative values. Such

an analysis, although very useful, is beyond the scope of

the present discussion
5D RESULT OF HYDROGEN INDUCED CRACKING (HIC) TEST

None of these steels showed any cracks in the NACE test, and

therefore this very good HIC resistance may be attributed to

any or all of the followingi-

a) Homogeneity(48’131"132) of ingots as revealed by

1) Sulphur prints

2) Consistency of analyses from the different sections

of the ingot

b) Smallnessclaz) of the ingots
c)

Very low values of sulphur, oxygen and phosphorus

resulting in correspondingly low volumes of inclusions

typical of past investigations£131-137) The effect of the
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d)

e)

spherical inclusion morphology shown in Figure 25 is

also important.

Fine microalloy carbonitrides, possibly acting as
innocuous trapssl7o) which are claimed to decrease the
diffusion of hydrogen. The same work indicated the
presence of coarse microalloy carbo - nitrides on the
path of HIC, but such an effect is not observed here.

Fine ferrite grain size (maximum ZO,xn) which is less
than the upper boundary of 70 pm established recentlyslso)
In general, a coarse grain (& 70}nn) with its associated
high angle grain boundaries which occlude large amountsof
hydrogen. Such hydrogen concentration may satisfy the
criterion for both the pressure and embrittlement theories

of HIC. In addition, the contribution to HIC resistance

of these steels by microstructure apparently devoid of

pearlite bonding cannot be ignored.

It may be pointed out that the experimental conditions for

the HIC test conformed to specification(laz)

as summarised in

Table 13.

An attempt to elucidate the role of microstructure in HIC

phenomenon (keeping composition constant) was done by

quenching from the rolls of samples A and A,.

A microstructure of lath martensite (C=0.09%) resulted in

each case (Figure 26),for example

After the HIC test, only sample A, showed a single, 8 mm
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stepwise crack running at an angle of 45° to the short trans-
verse and transverse plane (Figure43 ). This crack may be
termed stress induced HIC because the observed crack is
usually much longer than those observed by Keegan*under the
same experimental conditions. In fact, Keegan's steels of the
same impurity level (S=0.003%) in the as-rolled condition did

not crack but others of higher S levels=—%0.019% did.

The diagnosis of the crack indicated both the presence of
coarse carbo-nitrides and non metallic inclusions adjacent

to the single crack, but there was no evidence of the former
on the crack path. It is suggested, therefore, that the
presence of these coarse carbo-nitrides apparently exacerbated
the build-up of thermal stresses and subsequently facilitated
by the ingress of hydrogen. This proposition is supported by
the absence of cracks in sample Ao (devoid of such coarse

carbo-nitrides), which was subjected'to the same test.

It may be concluded from these tests that the level and
morphology of non metallic inclusions have a dominant
influence ofy HIC. Both microstructure and coarse carbo-nitrides

exert minimal influence if the two non metallic inclusion

parameters are favourable i.e. low value of area fraction,

and with a spherical shape.

*
N.Keegan, Private communication, Aston University, 1986
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6. CONCLUSIONS

(A) Multiple microalloying additions resulted in composite
precipitates of various morphologies. Apparently, the only
condition to produce a structure dominated by spherical
precipitaées, within the constraint imposed by the thermo-
mechanical processes emplgyed, is to use very low Ti (& 0.007%),

a low value of total Al (0.030max), Nb 0.042%, N=0.007%
and C = 0.09%.

A(i) In a multiple microalloyed Ti-Nb-Al-V steel, Al has a
significant influence on precipitate chemistry only when the
Ti content of the steel is low (0.007%), thus leaving excess
nitrogen for A1N precipitation. This observation contrasted
sharply with high Ti levels (0.027 - 0.074%) when virtually
all the nitrogen is used up leaving none for A1N formation.
This latter case resulted in much higher theoretical excess
Al in the final steel matrix whose role is unknown.

A(ii) There is a general tendency for solutes (microalloys)

to show preference for their own individual precipitate

sizes. Nb and V tend to show affinity for fine precipitates

vigs-a-vis Al and Ti.

A(iii) Nb tends to dominate the precipitate chemistry even

in instances where its concentration is about half of Ti or

V in the steels.

A(iv) The discrepancies between the actual and theoretical

-158-



values of the precipitate composition can be attributed to
the insensitivity of the latter to precipitate sizes and / or
its dependence on equilibrium conditions.The V - series showed
the maximum deviation, the disparity increased in a pro rata

manner with the V content.

(B) After quenching from 1250°C, a multitude of Ti - rich
precipitates were obtained. This behaviour is an extension of
Zener's model i.e. boundary pinning at high temperature is
conducive for the most stable precipitates. Rolling resulted
in new precipitates (i.e. Nb rich). These must have .formed

by temperature differential due to the contact of the work-
piece with cold rolls as confirmed by thermocouple measure-

ments.

B(i) A series of heating and hot working cycles resulted in
precipitate sizes not easily distinguished from their
immediate predecessors. This suggests that the presence of Nb
in the high temperature Ti-rich precipitates does not lower
the solubility of TiN significantly, or it dées not increase

the TiN coarsening rate appreciably.

B(ii ) Theoretical calculations indicate that the kulk of

carbon in the steels is in the form of cementite (Fe4C).
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Consequently, pearlite dilution by microalloying additions

is not pronounced.

(c) Tough, strong weldable steels have been produced by é
combination of thermomechanical and alloy design. The factors
contributing to the toughness of these steels are cleanness,
fine polygonal ferrite grain size, absence of free nitrogen

(Nf) and non-deformation in ferrite region.

C(i) The strength of these steels can be attributed mainly
to fine polygonal - ferrite grains. Precipitation in both
austenite and ferrite fields is also important.

c(ii) At the same content of Ti and V in the steels, V has
a much greater contribution to incremental yield stress,
especially at its highest content (0.074%). This phenomenon

is due to the precipitation of V(C,N) mainly in the ferrite.

C(iii) Grain refinement with high temperature deformation
is much better for the highest Ti content (0.074%), compared
with the corresponding V level. This is attributed to the

volume fraction of TiN/ (TiNb)N which refined the austenite.
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CcGv) Stress relieving at 650°C for 1 hour did not produce a

definite trend in properties; on average the effect is not

significant.

(D) The nil HIC results both in the as-rolled and stress
relieved conditions can be associated with the cleanness of
these steels, spherical nature of the non metallic inclusions
after rolling, fine polygonal ferrite grains, absence of
pearlite banding, pearlite dilution and presence of fine
microalloying carbides/nitrides/carbo-nitrides. Apparently,

the presence of coarse precipitates did not lower the HIC

resistance of these steels.

D(i) Quenching from a high temperature (>1100°¢c) produced
a single stress induced HIC in the sample with the highest Ti
level (0.074). This sample has correspondingly<high proport-

ion of coarse precipitates, but there was no evidence of

these in the path of HIC.

(E) Both the composition of the steels and thermomechanical
processing resulted in microstructures of essentially

polygonal ferrite with low pearlite volume.
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e RECOMMENDATIONS FOR FURTHER WORK

(1) To examine the prior austenite grains in relation to
the ferrite grain size to determine the extent of recrystall-

isation of the austenite during the thermomechanical treatment

of a series of Nb-V-Al-Ti steels.

In addition, the proportion of precipitates greater than 0.5 um
should be established. Both investigations should elucidate

the ferrite grain size - temperature relationship exhibited by

these steels.

(2) Quantitative metallographic techniques should be employed
to generate the actual values of percentage pearlite. Such
work will throw light on pearlite dilut}on by microalloys.
Also, a possible relationship between actual and theoretical
values can be found. Eventually, the actual values would

serve as inputs into the relevant structure-property and Aor
formability equations. In addition, pearlite distribution

before and after stress relief is worthy of examination.

(3) The need to generate the full Charpy energy-temperature
plots for these steels toi-

a) Establish the Impact Transition Temperature (ITT)

b) Compare these actual values with the theoretical
values.

e)

Seek a relationship (if any) between the actual

and calculated values.
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(4) The curves of true stress - true strain of these steels
should be plotted in order to deduce the relevant formability

parameters which can be compared with the theoretical values.

(5) It is necessary to discriminate between A1N and Al in
these steels. The outcome of such an investigation may serve

as a guide for Al addition to a multiple microalloyed steel.

(6) Comparative study of precipitate analyses by both
carbon extraction replica and thin foil technique using ion

beam method is suggested to elucidate the presence of iron

in the precipitates.

(7) Further work on the model of mixing pioneered by

Embury et al is required due to the composite nature of

these precipitates.
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(52)

Table 1

Properties of Carbides and Nitrides Iinvolved in the present study

Metal carbide Crystal Structure Molecules Denslty o:o_»_:o Polnts Other propertle
Type mvwn_:na per unlit (X-ray) c AT
A cell (approximate)
Group 1V
Ti Tic Cublc,Bt 4.3280 at TIC - 4 4.94 ot TIC - 3140 +1340 E=32.200 &
4.3127 at TIC 0.61 4.57 at TIC ©.61 wnw.mi_ol ( 10-1Q0)
Group V
vy <0\<un+ B1 4.1655 at VC 0.87 -~ 4 5.649 at VC - 2838 +1030 E = 27600
4.1319 at VC 0.73 5.687 at VC ©.78
Nb Zvn\zv+nu B1 4.4707 at NbBC ©0.99 - 4 7.788 at NbC ©.99- 3480 +1030 E=34500, X=0.03
4.4318 at NbC 0.77 7.716 at NbC ©.785 . mumioum?:uoov
Group VIII
-6 .
Fe Fe,C orthorhhomblc a = 5.088 4 7.2 1650 +100 B = 1s10" "(0-500)
(Cementite)
b = 6.744

4]
|
~
[3.]
~
-
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Table 1

(52)

Properties of Carbides and Nitrides Involved In the present study

————— T T — -

(Continued)

Other propertie

Metal carblde Crystal Structure Molecules Density ozo_._su Polints
. Type Spacings per unit (X-roy) c AT
A cell (approximate)
NITRIDE
TI TIN cublc B1 4.221 at TIN ©.45 ~ 4 5.43 2950 E = Beoeo
v VN cuble B1 a = 4,006 at VN 0.72 4 6.1 20580
a= 4,139 at VN 1.00
Nb NbN 9.9 to cuble Bt a = 4,381 -~ 4,392 4 8.31 - 7.3 2400~
NbN 1.0 2059
Croup 111 e
Al AIN hexagonal 2 3.26
(wurtzite)
(Zns)
Legend o
(1) X = thermal conductivity, cal/em C
(2) E = Young's modulus o e
(3) B = Thermal expansion coefficlents, C (llnear, meon for the temperature stated iIn braockets, C)
(4) AT = difference In melting points between the metal and the compound
(5) = = calculated from cell dimensions obtained from Powder flle.
(6) *« = obtalned from Powder flle.
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Table 2 29

Chemical campositions (welight % ) of typical Lineplpe steels and
thelr microstructural constltuents.

Steel C Mn SI Mo
No.

Other Milcrgpstructural
Constl tuents

Ferrite-Pearl|lte Steels
1 0.06 1.69 0.21 =
2 0.05 1.74 0.28 =
3 0.07 1.65 0.23 0.27
4 0.0685 1.48 0.045 -

.026

Baninlte/Aclicular ferrlte Steels

5 0.08 2.18 0.10 0.32 0.02 0.068 - -

6 0.07 1.63 0.04 0.25

| 0.05 2.16 0.38 =~

8 0.02 1.85 0.25 0.31

Multiphase-Steels

9 0.07 1.90 0.24 0.08 0.06 - 0.43

10 0-08 1.60 0025 -

11 0.068 1.51 0.05 =

0004 0-04 Oom - — 002 NI.

0.04 0.03 - - 0.31 NI -
04 0.05 - - - 0.18 Cr -
026 0.031 - - - 0,16 Cr -
0.03 - 0.048 - - -

- - Aclcular
ferrite,
martensite

0.05 = - - 0.02 Cr Aclcular ferrite
0.09 NI Polygonal ferrite
0.21 C
0.05 0.05 - 0.02 0.001 0.12 Nl Low=-carbon
balnlte
0.8
0.04 - 0.02 0.001 0.3

Nl Ultra-low carbor
bainite

0.05 Cu Ferrlte,martensite
bainlite

Ferrite,martensikyg.
0.2 Cu bainite

- Ferrite, upper
balnlte
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Table 3

Data showling the change In yleld stress and Inpact transition temperature
per weight % of the varying alloying elements Is shown below

Change per 1 welght % of alloylng elements

Element Yleldzstress Tensl le Impact Bransltlon

(MN/m™) strenght Temp. C
(MN/m )

C +4600 +6800 =

N +4600 +6800 +700"

P +670 +670 +400

sn +140 - +150

si +85 +85 +44
+39 +9 s

Mn +32 +38 0

Mo +11 +45 -

NI o . +9 - -

cr -30 -28 -

Al 0 0 +75

# = Not llnear
* = Al

In sollid solution only
Negatlve, possibly due to removal of Interstitlal solutes.
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Table 4

(31)

The effects of varing microstructural and canposlitional parameter

on the change In Impact Transitlon Temperature per 15 MN/mE
Increase In yleld stress.

Parameter Change In IQpact Transltion Temperature
per 15 MN/m Increase In yleld stress

Pearllite ) mlcrostructural

Dislocatlions +6

Precipltation +4

Graln reflnement -10

Phosphorus +53

Nitrogen +30

Tin +17

Carbon +10 Campositional

Slllcon +8

Manganese -5 -

Aluminiun -27

Lengend

#« = Does not Increase yleld stress. 20% P

egr llte Increases

Impact Transitlion Temperature by 44 “C

interstitial solid solution.
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Steel Analyses

Table 5A:

SERIALC % SI % Mn% S % Al % No% Ti% V% Ca%

O % N %
m.
0O 0.09 0.24 1.22 0.002 0.03 0.042 0.007 0.009 0.023 0.0051 0.0070
1 0.09 0.20 1.13 0.002 0.042 0.047 0.007 0.073 0.042 0.0040 0.0120
2 0.09 0.21 1.20 0.002 0.034 0.047 0.007 0.043 0.025 0.0040 0.010
3 0.09 0.25 1.21 0.002 0.041 0.043 0.007 0.030 0.017 0.0036 0.012
4 0.09 0.21 1.13 0.003 0.059 0.043 0.074 ND 0.028 0.0043 0.010
5 0.09 0.23 1.23 0.003 0.060 0.048 0.037 -~ 0.017 0.0032 0.011
6 0.09 0.27 1.31 0.002 0.052 0.049 0.027 - 0.024 0.0033 0.012
N.D -~ not determined
Table 5B
Other Elements
SERIALCu % NI % P% Sn% Cr% Mo% B% C.E% Pom%
rbl
0 0.27 0.03 0.014 0.018 0.02 0.01 0.0008 0.33 0.18
1 0.29 0.04 0.013 0.018 0.02 0.01 0.0010 0.31 0.18
2 0.28 0.02 0.015 0.018 0.02 0.01 0.0011 0.32 0.18
3 0.30 0.01 0.013 0.018 0.01 0.01 0.0006 0.33 0.18
4 0.26 0.02 0.011 0.018 0.01 0.01 0©0.0008 0.31 0.17
5 0.26 0.03 0.013 0.018 0.01 0.01 0.0008 0.33 0.18
6 0.29 0.01 0.012 0.018 0.01 0.01 0.0008 0.34 0.18
Table 5C
Aluninium Analysis After Hot Rolling
SERIAL No. Al %
0 0.028
= Mn Sl (NI + Ccu) (Cr + Mo)
C.E % + 5 + 33 S—zp e T
- §_I_ (Mn + Cu + Cr) NI Mo
Pan = %C + 35 30 g6 * 5 + B
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Table 6

Hot rolling plan for 1250°¢, 1100°%¢, 1000°%c, s0a’c

Pass Thickness Change In thickness % Reductlon/ pass
nunber  (nm) (mm)

o] 32.00+0.5 0.00 0.00

1 26.9 5.1 16

2 20.8 6.1 23

3 14.7 6.1 29

4 10.8 3.9 27
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Table 7A

Mechanlical Properties of The As Rolled Steels

STEEL Ys(Wa) UTS(WPa) o Elon % RA (%) Frac.str Spar®¥ to)
+ 2% + 2% + 4% + 4% +0.04%

BASE STEEL

A 354 480 0.74 36 75 1.40 800 282

g° 346 474 0.73 35 73 1.30 300 295

2 368 466 0.79 30 71 1.22 5300 2300

Dg 314 432 0.73 30 74 1.33 2300 300

Nb-T1-Al-V STEELS

A 389 500 0.78 35 74 1.35 268 200
Al 336 420  0.80 39 75 1.42 290  »300
A2 350 4T 0.74 34 76 1.41 2300  ¥300
B° 400 531 0.75 33 73 1.26 260 245
B} 360 483 0.75 36 72 1.27 5300 2300
B2 335 440 0.76 36 72 1.53 3300 %300
c3 356 463 0.77 30 70 1.16 261 255
c! 354 468 0.76 36 78 1.51 300 300
c? 363 464 0.78 38 77 1.47 300 272
D> 355 461 0.77 35 76 1.41 >300 236
n; 338 461 0.73 37 79 1.54 300 2300
D5 333 449 0.74 33 81 1.64 300 300
Nb-V-Al-T1 STEELS

Ay 381 478 0.80 39 76 1.43 »300  »300
Ag 387 498 0.78 30 75 1.39 2300 294
A 390 497 0.78 36 74 1.34 2300  »300
B’i 308 426 0.72 35 79 1.55 245 3300
By 335 458 0.73 35 78 1.51 2300 300
By 337 462 0.71 36 77 1.48 Y300 274
G 389 473 0.82 36 78 1.50 »300 2300
e 358 468 0.76 36 T 1.47 3300  »300
c 352 470 0.75 33 77 1.45 300 295
03 314 449 0.70 37 78 1.4 300 300
D 322 435 0.74 39 78 1.50 300 300
Da 340 458 0.74 35 77 1.48 »300 300
Legends

(1) A,B,B.D refer t8 the rollIng temperature of 125000. 11000C

1000°C, and 900°C respectlively.

(2) Subscipts refer to steel conposition shown In Table 5
(3) RD Is Rolling Direction.

(4) TD Is Transverse Directlion.
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Table 7B

Mechanlcal Propertles of Samples Stress Relleved at 650°C for 1 Hour.

STEEL Ys(Wa) UTS(Wa) (S Elon % RA (%) Frac.str SoarPy ()
+ 2% + 2% + 4% + 4% +0.04%
" 358 464 0.77 37" 78 1.50. 3300 300
g0 333 460 0.72 36 78 1.53 >300 7800 °
2 316 432 0.73 33 70 1.15 300 7300
08 335 462 0.73 33 78 1.52 300 7300
NB-T|-AL-V STEELS
A 423 533 0.79 30 75 1.37 160 148
A; 432 551 0.77 33 76 1.38 7300 130
A 382 507 0.75 30 77 1.49 7300 3300
B° 394 501 0.79 31 73 1.32 198 124
B 351 470 0.75 31 i 1.48 3300  +300
B> 328 441 0.74 35 76 1.43 300 278
c3 367 467  0.80 35 73 1.29 7300 3300
c) 371 458 0.81 38 75 1.40 7300 276
c2 388 452 0.88 39 80 1.61 7300 3300
D> 354 458 0.78 38 77 1.48 5300 294
D, 355 455 0.78 35 79 1.54 300 291
n§ 340 447 0.76 34 73 1.32 Y300 300
NB-AL-T| STEELS
A 370 459 0.81 30 78 1.50 300 300
Ad 382 474 0.81 32 76 1.42 232 300
A 382 481 0.79 30 786 1.42 7300 282
sﬁ 308 421 0.73 37 77 1.49  B0OO0  »300
B, 324 437 0.74 35 76 1.43 300 245
By 332 450 0.74 35 79 1.57 2300 228
€y 387 487 0.82 35 79 1.58 7300  »300
c 349 449 0.78 36 79 1.57 300 ;300
¢ 360 455 0.79 33 72 1.28 1300  ,300
D 386 48  0.88 38 76 1.44 300 300
D, 33 437 0.77 39 79 1.56 7300 300
oy 332 442 0.75 37 77 1.46 3300 300
Legends

YS = yield stress (MPa); UTS = Ultimate Tensl le Strengh. (MPa)
Elon = % Elongation; R A = % Reduction In Area;
Frac.Str = Fracture strain
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Table 8A

Typical non-metallic Inclusion parameters.

Sample Identlity Specimen Mean Area Mean projec'ﬁed*
orlentation Length Fraction length (an ')
(Hm) 7.
A4 RD 2.14 0.0547 3.22
o - 00@43
S = 0.003 TD 2.16 0.0562 3.1
P = 0.011 a
rolled at 1250°C ZD 2.20 0.0660 3.07
54 RD 2.08 0.0578 3.45
same ocn'nosltloa TD 1.94 0.0582 3.55
(rolled at 1100°C) Z D 2.15 0.0621 3.29
c4 RD 2.08 0.0545 2.95
same cmmsltlan TD 2.29 0.0538 3.23
rolled at 1000°C ZD ND ND ND
04 RD 2.00 0.0522 3.01
same cc:mositéon TD 2.29 0.0538 3.23
rolled at 900°C ZD 2.07 0.0848 3.44

Note

(1) The sample ldentlty has the same meaning as defined previously.

(2) RD, TD and z D refer respectively to rolling, transverse and short
transverse directions.

(3) ND, Not determined.

-

* deflned by Baker and Charles(wS) as the product of number of
Inclusions per unit area and mean lenght.
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Table 8B

Assessment of Cleanness of these steels

Sample Serlal No. Sum of O, S, P (Wt. %)

0.021
0.0190
0.0210
0.0186
0.0183
0.0192
0.0173

OMAWN=-0
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Table SA

Graln Size Distribution of the As Rolled steels

1/2 -1/2

STEEL No. of Total No. Mean No. Standard Graln Size (d) d ““(mm)

flelds of of deviation mm pm
exam.(n) grains grains

BASE STEEL

A 50 566 11.32  1.35 0.0177 18 7.52
82 50 528 10.56  1.70 0.0189 18  7.27
P 50 742 14.84  1.73 0.0135 14 8.861
Dg 50 748 14.92  1.82 0.0134 13 8.64

No-T1-Al-V STEELS

600 12.00

A 50 1.33 0.0167 17 7.74
Al 50 558 11.16  1.60 0.0179 18  7.47
Ag 49 600 12.24  2.02 0.0163 16 7.83
B 50 560 11.20  1.49 0.0179 18  7.47
B} 49 608 12.41  1.35 0.0161 16 7.88
B2 50 819 16.38  2.44 0.0122 12 9.05
c® 50 789 15.78  2.97 0.0127 13  8.87
c! 50 806 16.12  2.85 0.0124 12 8.98 '
c2 50 809 16.18  2.13 0.0124 12 8.98
D> 80 760 15.20  2.28 0.0132 13  8.70
o] 50 694 13.88  1.87 0.0144 14 8.33
Dg 49 732 14.94 1.86 0.0134 13 8.84
Nb-V-Al-T| STEELS

A, 50 810 18.20  1.75 0.0123 12 9.02
Ag 50 786 15.72  1.96 0.0127 13  8.87
A 50 729 14.58  1.65 0.0137 14 8.54
B 50 724 14.48  1.91 0.0115 12 9.33
By 50 738 14.76  2.44 0.0136 14 8.57
B, 51 891 17.48  2.80 0.0114 11 9.37
A 50 617 12.34  1.94 0.0162 16 7.85
Cy 50 929 18.58  2.41 0.0108 11 9.62
Cq 50 812 18.24  2.66 0.0123 12 9.02
Dy 49 591 12.06  2.04 0.0166 17 . 7.76
Dg 50 727 14.54  2.03 0.0138 14  8.51
D, 49 601 12.27  1.69 0.0163 16 7.83
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Table SB

Graln Slze DiIstribution of the Stress Relleved Steels

STEEL No. of Total No. Mean No. Standard Graln Slze (d) d—1/2(m)-1/2

flelds of of deviation mm }Jm
exam.(n) grailns grains

BASE STEEL

A 50 578 11.56  1.47 0.0173 17 7.60
g2 50 695 13.90  1.87 0.0148 15 8.22
Pt 50 786 15.72  1.55 0.0127 13 8.87
Dg 50 700 14.00 1.98 0.0143 14 8.36
No-TI1-Al-V Steels

A 50 587 11.74  1.47 0.0170 17  7.67
A; 49 587 11.98  1.48 0.0179 18  7.47

a2 50 633 12.06  1.73 0.0158 16  7.96

B 49 484 9.88 1.51 0.0202 20 7.04

B 50 590 11.80  1.39 0.0170 17 7.67

g2 50 644 12.85  1.51 0.0155 16  8.03

S 50 1021 20.42  1.91 0.0098 10 10.10
cl s0 727 14.54  2.37 0.0138 14 8.53

c? 50 768 15.36  2.14 0.0130 13 8.77

n? 50 850 17.00  1.84 0.0118 12 9.21

D 49 729 14.88  2.36 0.0134 13  8.64

ng 50 832 16.64  2.46 0.0120 12 9.13

No-V-Al-T| Steel

Ay 50 780 15.60 2.03 0.0128 13  8.83

Ag 50 680 13.88  2.06 0.0144 14 8.33

A 50 722 14.44  1.83 0.0139 14 8.48

B 50 583 11.66  1.65 0.0172 17  7.82

g4 50 571 11.42  1.61 0.0175 18  7.56

Bo 60 612 12.24  2.06 0.0163 16 7.83

c; 50 843 16.88  2.65 0.0119 12 9,17

Ce 50 855 17.81  2.09 0.0112 11 9.44

c 50 874 17.48  1.85 0.0114 11 9.37

; 49 830 16.94 = 2.24 0.0118 12 9.21

D ) 652 13.04  1.98 0.0153 15 8.08

Dg 52 658 12.65  1.84 0.0158 16 7.96
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Table 10A

STEM - EDAX Preclipltate Analyses(AS ROLLED)

Sanple

Preciplitate Form

Analyses

Wt %

Atam % Alloyling
Element
Actlivities
A Analyses Fine, spherical Nb 90.8:6.0 80.7+5.3 fTI = 0.90
nC0.007% Tl 6.740.8 11.5¢1.4 ar, = 0.008
0 0.0051% Al 2.530.5 7.731.8 fay = 1.07
Nb 0.042% Less fine Nb 90.6+1.5  82.6%1.4 a,, = 0.032
Al 0.030%  spherical Tl 8.840.2 15.540.4 fy, = 1.1
y 0.009% Al 0.610.1 1.9:0.2 a, = 0.010
T _0.00Th
A. Analyses Flne, spherical Nb 88.74+4.5 74.343.8 f.“ = 0.87
N'0.012% T1 3.840.6  6.310.8 ar, = 0.006
0 0.004% Al 3.3:0.4 9.5x1.5 fap = 1.09
Nb 0.047% V 6.3+0.86 10.0+1.0 an = 0.046
TI 0.007% '
Al 0.042% Nb 47.8+2.5  21.9#1.1
V 0.073% Angular TI 1.530.2 1.41:0.2 fV = 1.09
(hexagonal) Al 46.3£1.3 73.11£2.0 av = 0,079
V 4.3110.4 3.610.3
Plate (Cubold) Nb 53.612.3 26.3+1.1
Tl 1.430.2 1.3:+0.2
Al 41.421.1 55.7+1.4
V 3.710.3 3.2$0.3
A. Analyses Fine, spherical Nb 5§5.84+9.0 47 .246.5 le = 0.88
NZ0.01% TI 7.331.8 10.242.2 ar) = 0.006
0O 0.0040% Al 7.311.4 18.113.4 fAl = 1.09
Nb 0.047% vV 8.5121.7 11.2x2.2 a,; = 0.037
T1 0.007%
Al 0.034% Long Plate No 42.9:1.6 18.210.7
V 0.043%  (Needle) TI 1.720.2 1.4110.1 fy = 1.08
Al 54.330.9 79.511.3 av 0.047
V 1.210.1 0.910.1
Plate (Cuboid) Nb 62.412.8 34.4x1.5
Tl 2.1110.3 2.3+0.3
Al 32.8+1.1 60.7+2.0
vV 2.8:0.3 2.7:0.3
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STEM - EDAX Preclipltate Analyses

Table 10A (CONTINUJUED)

Samplie

Preciplitate Form

Analyses

Wt %

- Atam % Alloying
Element
Actlivities
A_ Analyses Fine, Spherical No 52.8%1.7 v32.4:4.7 fo., = 0.92
bPo.o‘[zox TI 8-10*1 .5 9.7*1.3 aTI = Q0,006
O 0.0036% Al 18.032.2 33.8:4.6
Nb 0.043% V 6.3:1.3 7.01£1.5 fop = 1.10
Coarse, a = 0.045
Spherlcal
.00T% No 58.5+7.3 33.314.11
Al 0.041% Tl 5.4141.11  6.0+1.20
Vv 0.030% AL 25.91:2.5 50.834.9 fy= 1.12
V 3.2110.9 3.510.9 a, = 0.033
Plate (cubolid) Nb 41.7+4.8 21.0+2.4
Tl 4.0+0.7 4.0£1.00
Al 42.4:2.2  64.632.2
VvV 2.5140.6 2.3+0.6
A. Analyses Fine, spherical Nb 56.7+11.0 38.947.5
NY0.01% Tl 39.8t4.5  53.116.0 fr, = 0.88
0 0.0043% Al 3.411.4 7.943.2 ar = 0.066
No 0.043%
TI 0.074% Nb 47.9+3.9 31.847.5 fay = 1.09
Al 0.059% Needle TI 50.832.0 65.3+2.6 a,, = 0.064
Al 1.310.3 2.940.8
Plate(Cubold) Nb 50.44+3.0 34.0+2.0
Tl 48.6:1.5 63.5+1.9
Al 1.110.2 2.5:0.5
A. Analyses Fine, spherical Nb §5.8:6.4 40.1+4.5
N°0.011% TI 29.8142.3 41.4:3.2 fr, = 0.92
0 0.0032% Al 1.110.2 2.5:0.5 ar = 0.034
No 0.048% fag = 1.1
Al 0.0&::8)@ Plate(Cubold) No 54.815.4 39.6+3.8 ay; = 0.067
‘T, 0.0 % . TI 26.21+1.8 36.812.5
Al 0.89:0.4 2.3:0.9
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Table 10A (Contlnued)

STEM - EDAX Precipitate Analyses

Analyses

sample Precipltate Form Wt % Atam % Alloyling
Element
Actlivitiles

A. Analyses Fine, spherical No 65.4344.9  47.9:+3.6

nGo.012% Tl 24.431.5  34.7+2.1 f1, = 0.92

O 0.0033% Al 3.9:0.6 9.8911. ar, = 0.025

No 0.049% No 70.913.3  55.6+2.6

Tl 0.027% Plate (Cubold) Tl 25.5¢1.0  38.9+1.5 fop = 1.12

Al 0.025% Al 0.630.2 1.6:0.4 a,, = 0.058

are val Ida %
e.g f - t%Xe
"Tr: - fr, X wt'% T1
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Table 108

STEM — EDAX Precipltate Analyses( AS CAST)

Analyses

Sample Precipltate Form Wt % Atan %

BASE STEEL (SUBSCRIPT Q)

AS CAST Flne, spherical Nb 84.6+3.8 73.5+3.3

No O Tl 15.0+0.8 25.3+1.3

N 0.007% Al 0.4:0.1 1.210.4

0 0.0051%

Nb 0.042%

TI 0.007% Less fine, No 79.815.8 62.9+4.5

Al 0.030% Spherical Tl 14.821.2 22.7+1.8

VvV 0.009% Al 5.310.8 14.442.1

HIGHEST V CONTAINING STEEL (1)

AS CAST Fine, spherical Nb 84.1:0.7 68.5+8.7

N 0.012% TI 8.7%+1.5 10.612.4

O 0.0040% Al 5.5:1.4 15.443.9

Nb 0.047% V 3.7+1.1 5.5¢1.7

TI 0.007%

Al 0.042% Less flne, Nb 34.816.4 13.8+2.5

vV 0.073% spherical Tl 2.51+0.8 1.910.7
Al 59.634.3 81.945.9
vV 3.2+1.0 2.310.7

HIGHEST T!1 CONTAINING STEEL(4)

AS CAST Fine, spherical Nb 60.7+4.4 43.0+3.2

No 4 Tl 38.241.7 52.91+2.4

N 0.010% Al 1.7:0.4 4.240.9

0 0.0042%

Nb 0.043%

TI 0.074% Less fine, No 58.7¢2.2 41.8:1.6

Al 0.059% spherical Tl 40.310.9 55.7+1.3
Al 1.0710.2 2.5:0.4
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Table 10C

Actual and Theoretical Preciplitate Analyses (wt %).

Sample Actual (mean Theoretical Difference (app.)
value)
A Nb 90.7 86 5
0 TI 7.9 14 -8
Al 1.6 0 1.6
A No 63.4 34 29
L TI 2.2 5 -3
Al 30.3 8 22
\") 4.8 53 -48
A No 53.7 45 9
2 TI 3.7 7 -3
Al 31.4 7 25
A No 51 47.1 4
3 TI 5.8 7.5 -2
Al 28.1 12.8 15
Vv &4 32.6 -29
A4 Nb 52 37 15
T 48.4 63 -17
Al 1.8 0 2
A5 Nb 65.3 56.5 -1
Tl 28 43.5 -16
Al 1 0 o]
As Nb 68 67.7 0
Tl 5 36.3 -11
Al 2.3 (0] 2.3
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Analyses of High Temperature Precipltates

Table 11

A +W/Q Flne, dense  Nb 42.7:3.0  27.732.0
0 spherical TI 56.5:2.0  70.7+2.1
Al 0.740.2 1.6+0.5

A, + 20% Flne, dense, Nb 47.3+3.4 31.5+2.3
rQauction + spherical Tl 51.841.6  67.212.3
w/Q Al 0.610.2 1.4+0.5
Less dense, Nbo 80.7%+3.9 67.7+3.0

fine, spherical Tl 18.5:0.8  30.1:1.5

al 0.710.2 2.340.5

A. +W/Q Plate (cubold) Nb 26.440.8  15.5:0.5
4 TI 73.121.2  83.5:1.4
Al 0.540.1 1.0£0.1

= W/Q |s Water Quenched.
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Table 12

Hot RBIIIHQ Plan for the Examinatlon of High temperature Preclipltation
(1250°C)

Pass No. Thickness (m) Change In Thickness % Reductlon

’ (mm) per pass
0 18 + 0.5 0.0 0.0
1 . 15 o 17
w/Q w/Q w/Q wW/Q
2 15 + 0.5 3.5 23
w/Q wW/Q W/Q w/Q
W/Q = Water quenched.

Table 13

NACE Test Conditions for HIC

Solutlion
H.S concentration (ppm)
HZS flow rate after saturation

5 % Nacl solution
134000

17 c.c/min/llitre
iRltial pH of solution 2.40
Final pH of solution 3.20
pH controll Iing agent 2 CH.COOH (0.5 %)
speciflc volune (CC/am™) T
Loading stres None
Temperature ( C) 16 - 18
Duration (hours) 96
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Table 14A

Actual and Calculated strengths of the As rolled steels

STEEL Actual YS Cal. YS AYS (MPa) Actual UTS Cal. UTS AUTS(MPa)

(MPa) (MPa) (MPa) (MPa)
BASE STEELS
A 354 244 110 480 447 +33
g° 346 240 106 474 445 +29
P 368 263 105 466 455 +11
ng 314 264 50 432 455 -23
No-TI1-Al-V Steels
A 389 242 147 500 434 +66
Al 336 240 96 420 458 -37
Ag 350 250 100 471 446 +25
B 400 237 163 531 432 +99
g) 360 247 113 483 461 +22
B2 335 271 64 440 453 =15
c3 356 262 94 483 443 +20
c) 354 267 87 468 470 -2
c? 363 270 93 464 455 49
D> 355 259 50 461 447 +19
D) 338 262 96 461 468 =7
Dg 333 264 76 4439 452 -3
Nb-Al-V-T| Steels
A, 381 265 116 478 448 +30
Ae 387 267 120 498 455 +43
AS 390 267 123 497 480 +37
B, 308 241 67 426 451 -25
By 335 262 73 458 454 +4
Bg 337 282 54 462 466 +4
A 389 268 121 473 439 +34
Cg 358 218 78 468 462 +6
Ca 352 276 76 470 463 +7
A 314 268 48 448 439 +7
D 322 261 61 435 453 -18
Dy 340 255 85 458 454 +4
Note:

Both Alphabets and Subscripts have the same meaning as those In Table 7A
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Table 148

Actual and Calculated strengths for Samples Stress Relleved at 650°C
For 1 hour

STEEL Actual YS Cal. YS AYS (MPa) Actual UTS Cal. UTS AUTS(MPa)

wa) (W) (vPa) vPa)

BASE STEELS

A 358 246 112 464 A o
g0 333 256 77 460 g !
® 316 268 48 432 457 =
Dy 335 239 96 462 453 9
No-Ti-Al-V Steels

A 423 240 183 533 433 +100
- 252 130 507 s e
B 394 229 165 501 429 +72
B2 328 254 74 44t ¢ aas o
367 283 84 467 452 1k
cl  an 259 12 - 458 468 H
c2  aes 266 122 452 453 -1
o] 355 260 95 455 467 ie
D2 340 272 P 5y 5 5
Nb-Al=V-T| Steels

Ag 382 258 124 474 452 +22
Ay . 382 267 115 481 455 e
By 90 241 67 421 437 ki
By 324 244 80 437 446 P
By 332 254 78 450 iE4 i
C, 387 268 119 467 449 8
C; 349 277 o 4 g T
Gg =20 281 79 455 466 oty
D; 386 268 118 438 P B
D 336 253 83 437 450 3
DB 332 257 75 442 455 _13 -
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Table 15A

The Possible effect of Microalloy Precipitates on Impact Transition
Temperature (ITT) for As Rol led Steels.

0 AYS o) 0

SEEL  Ys wpa) 1T 00 AR%e Co ot (%0
BASE STEEL
Aq 110 =71 29 -42
Bo 106 -68 28 -40
co 105 -84 28 -56
oo 50 -84 13 -71
Nb-T1-Al-V Steels

A, 147 -81 39 —42
Ay 96 -75 26 -49
AS 100 =77 27 =50
B 163 =17 43 -34
B, 113 -80 30 -50
B2 64 -91 17 -74
c3 94 -94 25 -69
c 87 -93 23 -70
cg 93 -90 25 -65
D] 50 -92 26 -66
D, 96 -90 20 -70
03 76 -86 18 -68
No-Al-V=T| Steels

: 2 : ;g -93 31 -62
- -85 32 -53
A 123 -82 33 —49
By 67 -97 18 -79
By 73 -84 20 -84
Bg 54 -92 14 -78
e 121 -78 32 —46
Cy 78 -96 21 -75
CB 76 -88 : 20 -68
A 46 =79 12 -67
Dg 61 -84 16 -68
0, 85 -74 23 -51
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Table 15B

The Possible effect ofoMIcroalloy Precipltates on 1.T.T for Samples

Stress Relleved at 650°C for 1 hour.

STEEL  YS (MPa) '-T-TMI(OC) ﬁ%# ) I.T.Teff(oC)
BASE STEELS

A 112 =72 30 —42
Bo g | =79 21 -58
c° 48 -87 13 74
og 96 -81 26 s
No-Ti-Al=V Steels

A 183 =80 49 =31
Al 178 =79 47 31
A2 130 -78 35 43
B> 165 -73 49 -29
B 107 -78 29 —49
B2 74 -79 20 o
c3 84 -108 22 -86
c) 112 -87 30 57
c2 122 -87 33 -
D3 86 -98 23 75
01 95 -89 25 -64
D2 68 -92 18 e
Nb-Al-V-T| Steels

P 124 -82 33 s
AS 115 82 a1 -
B 4 67 -77 18 -59
B, 80 -73 21 5o
By 78 ~74 21 53
C 4 119 -95 32 -63
05 72 -94 19 -75
C..‘6 79 =92 21 =71
D 4 118 =95 32 -63
Og 83 -72 22 o=
Da 75 =73 20 e
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Thecretical Properties of The As Rolled Steels

Table 16A

STEEL YS(MPa) UTS(MPa)

1.T.T Flow

Work Maximum ET
+2 +5 +3(C) Stress Hard. uniform
- + 186 rate Strain(E )
(MPa)  +0.02
*3
BASE STEELS
A 244 447 =T 994 551 0.07 1.55
g2 240 445 -68 980 548 0.07  1.55
2 263 455 -84 1010 568 0.07  1.57
08 264 455 -84 1011 569 0.07  1.56
No-Ti1-Al=V Steels
A 242 434 -81 945 547 0.11  1.57
Al 240 458  -75 978 546 0.10  1.56
Ag 250 446 =77 994 555 0.08  1.58
B 237 432 77 940 542 0.11  1.56
B) 247 461 -80 984 549 0.10  1.57
B2 271 454 -91 1012 574 0.08  1.60
c3 260 443 +94 961 564 0.11  1.59
c) 354 470  -93 1001 569 0.10  1.58
c 270 455 -90 1111 573 0.08  1.60
D° 259 447 -92 959 562 0.11 1.58
p) 262 468 -90 997 565 0.10  1.58
Dg 264 452 -86 1006 554 0.08  1.59
Nb-Al-V-T| Steels .
A 265 448 -93 967 565 0.08  1.58
ad 267 455 -85 1013 550  0.07  1.57
Ad 267 460 -82 1054 570 0.07  1.80
g° 241 451 -97 972 570 0.08 1.58
g 262 454 -84 1012 548 0.07  1.57
Bg 282 466 -92 1062 582 0.07 1.82
C 268 439 -78 950 548 0.09  1.58
Cs 280 462 -96 1027 565 0.07  1.58
c 278 463 -88 1081 577 0.07 1.82
054 268 439 =79 949 546 0.08  1.56
Dg 261 453 -84 1011 548 0.07 1.57
D, 255 454 -74 1044 559 0.07 1.80
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Table 16B

Theoretlical Propertles of The Stress Rel leved

Steels

STEEL YS(MPa) UTS(MPa)

1.7,

T Flow

work

Max Imum ET
+2 +5 +3(°C) Stress Hard. unlform
- + 16 rate Straln(Eu)
(MPa)  +0.02
+3

BASE STEELS

A 246 447 -72 995 553 0.07 1.55
gC 256 452 -79 1005 562 0.07 1.56
2 268 457 -87 1014 562 0.07  1.57
Dg 239 453  -81 1006 564 0.07  1.56
Nob-T1-Al-V Steels

A 240 433 -80 943 546 0.11  1.57
Al 245 423 78 982 550 0.10  1.57
A2 252 447 =78 996 557  0.08  1.58
B 229 429 ~73 985 536 0.11  1.56
B) 244 458 -78 981 549 0.10  1.56
B2 254 448 -79 997 559 0.08  1.58
cS 284 452 -108 990 583 0.11  1.60
cl 259 466 87 994 562 0.10  1.58
2 266 453 -87 1008 570 0.08  1.59
Do 268 445 -98 985 570 0.11 1.59
o} 260 487 -89 996 564 0.10  1.58
og 272 456 -92 1013 575 0.08  1.62
No-Al-V-T| Steels

A 262 447 -91 965 564 0.09  1.57
A 258 452 -82 1008 545 0.07  1.56
A9 267 460 -82 1054 569 0.07  1.81
gS 241 437 -77 947 544 0.09  1.56
g 244 446 =73 997 533 0.07  1.55
B> 254 454 ~74 1044 559 0.07  1.82
Pyt 268 449 -95 970 568 0.08  1.58
c 277 460  -%4 1025 562 0.07  1.58
c2 281 466  -92 10668 582  0.07  1.62
Dﬁ 268 450 -85 970 568  0.09  1.56
Dg 253 450 =72 1004 541 0.07 1.56
D; 257 455 -73 1045 561 0.07  1.80

E.r = Fracture Srailn
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Table 17A

Actual and Calculated Fracture Straln (Er) for the
As Rol led Steels

Actual ET Calculated E Deviatlon From

T Calculated
BASE STEELS
A 140 1.85 0.15
82 1.30 1.55 0.25
2 1.22 1.57 0.35
Og 1.33 1.56 0.23
Nb-TI-Al-V Steels
A 1.35 1.57 0.22
A 1.41 1.58 0.17
BS 1.26 .1.56 0.30
B 1.27 1.57 0.30
B2 1.83 1.80 0.07
c3 1.18 1.59 0.43
c! 1.51 1.58 o.07
c2 1.47 1.60 0.13
o 1.41 1.58 0.17
01 1.54 1.58 0.04
Dg 1.64 1.59 -0.05
No-Al-V-TI Steels
Ag 1.43 1.58 0.15
Ag 1.39 1.57 0.18
A 1.34 1.60 0.26
By 1.55 1.58 003
35 1.51 1.57 0.06
Bs 1.48 1.62 0.14
Ca 1.50 1.58 0.08
% 1.47 1.58 0.11
Ce 1.45 1.62 0.17
D4 1.49 1.56 0.07
Dg 1.50 1.57 0.07
17)5 1.48 1.680 0.12
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Calculated

Deviation Fram

Table 17B

Actual Fﬂ. Calculated |'-‘_r

Actual and Calculated Fracture Strain (E;) for Stress

Rel leved Samples
BASE STEELS
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Table 18(80)

Examples of Fracture - Toughness Requlrements.

YEAR PIPELINE GRADE ABSORBED ENERGY DWTT SHEAR,
(J)  (ft-1b) AREA %
1967 IRAN, OIL X60  (327), 320/ =10 -
1970  ALASKA, OIL X65  (246), >34/ -10 -
1972 NORTH SEA, OIL X85  (282), »61/ -10 -
1973 NORTH SEA, OIL X865  (»82), 261/ -10 75 at O
1973 AUSTRALIA, GAS  X65  (»82), »61/ O 250 at O
1975 ALASKA, GAS X65  (292), 68/ -24 75 at -24
1977 USSR, GAS X70 (285), 263/ =20 285 at =20
1980 NORTH SEA X65 (2147),2109/-10 365 at -10

* |n degrees Centigrade

Table 19

varlatlion of the Theoretical Austenite To Ferrite
Transformation Temperature wlth conposlition.

Steel No.

Calculated Tansformatlon
Temperature (C)

OMDLWN=0O

717
716
716
717
716
716
¥ 7

. (OC)(SS) = 723 -

10.7 (Mn) - 16.9 (NI) + 29.1 (SI) +

16.9 (Cr) + 290 (As) + 6.38 (W)
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Table N&na@Nv

ELEMENT At.No. Electron Arrangement Atomlc Radil Ionic Radlli a.:.-»w :o@»_:u Point

K L W N (10-12 m) (180-12 m) (g/cm (c)
Orbitals 1s 28 2p 3s 3p 3d 4s 4p 4d 4f pnm pm
c 6 ? 2 2 71/77 16 2.3 >3527
N 7 2 2 3 71 16 1.17 -209.7
0 8 2 2 4 60 132 1.33 -218.3
Al 13 2 2 6 2 1 142 51 2.7 660.3
Ti 22 2 2 6 2 6 2 2 146 68 4.54 1675
v 23 2 2 6 2 6 3 2 131 74 6.1 1887
Fe 26 2 2 6 2 6 6 2 123 74 7.87 1535
Nb 41 2 2 6 2 6 102 6 4 1 143 69 8.57 2468
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Table 21A

sumary of Calculations for AO

Phase T T Quantity % wt. Theoretical wt %
Btart HBISh of Phase Fractlon of metal In
( C) ( C) precipitate
TIN 1352/1578 1217 0.00838 0.7 0.0069TI = 14.1
No(C,N) 1179 999 0.0408 3.1 0.0315Nb = 65.4
85.9
NBC 946 657 0.0113 0.9 0.0100Nb = 20.5
AIN - - - - - .
Fe.C 716 - 1.269 95.4 =
3 1.330 100 0.0488 100
Table 21B

Data for the construction of TIN Solvus

TI (wt %) N (wt %) % wt Temperature (OC) Temperature (Oc)

Fractlon Solld data

Liquid data
0.007 0.007 0.0 15678 1352
0.005 0.0064 0.20 1538 1323
0.003 0.0058 0.41 1483 1283
0.001 0.00517 0.61 1383 1210
0.0005 0.0051 0.66 1328 .
0.0001 0.005 Q.70 1217
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Table 21C

Data for the Construction of Nb(C,N)SOLVUS

No(wt %) N (wt %) C (wt %) % wt fraction

Temperature (OC)

0.042 0.005 0.09 0.00 1179°
0.037 0.0042 0.08%94 0.49 1160
0.032. 0.0035 0.0887 0.97 1140
0.027 0.0027 0.0881 1.46 1117
0.022 0.0020 0.0874 1.94 - 1080
0.017 0.0012 0.0868 2.43 1058
0.012 0.0005 0.0861 2.92 1018
0.010 0.0001 0.0859 3.1 999
Table 21D
pData for the Constructlon of NoC Solvus
No (wt %) C (wt %) % wt Fractlon Ten'psrature
(<)
0.0101 0.0859 0.00 946
0.005 0.0852 0.46 850
0.003 0.0850 0.64 853
0.001 0.0847 0.82 782
0.0005 0.0847 0.86 741
0.0001 0.0846 0.90 857
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Ta_ble 22A

sumary of Results for A1

Phase T T Quantity % wt. Theoretical wt %
5"6"‘ Slnlsh of Phase Fraction of metal In

(C) ( C precipltate
TIN 163371390 1262 0.00891 0.8 0.00690T| = 5%
AIN 1246 750 0.0176 1.50 0.01180Al = 8%
No(C,N) 1200 1078 0.0340 2.90  0.02660Nb = 34%
NOC 1008 657 0.0229 1.90  0.02030\b
ve 791 526 0.0897 7.60 0.07290V = 53%
Fe.C 716 - 1.007 85.33
3 1.1801 100.03 O0.13828
Table 228

Data for the Constructlion of TIN Solvus.

o wt Fraction cumulative Terp.(OC) Tenp.(OC) for

wt. fraction solld data llqulid data
0.00 0.00 1633 1390
0.23 0.23 1584 1362
0.46 0.46 1539 1323
0.70 0.70 1437 1250
0.75 0.75 1380 -
0.80 0.80 1262 e

‘Table 22C

Data for Construction of AIN Solvus,

% wt fraction Cumulative % Temp.(°c)
wt, fraction

0.00 0.80 1246
0.50 1.30 1188
0.85 1.45 1183
1.29 5.14 1106
1.60 9.54 750
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Table 22D

Data for Constructlion of Nb(C,N) Solwvus.

% wt fraction Cumulative % Tetm.(OC)
wt, fraction

0.00 1.30 1188
1.31 2.76 1154
1.86 3.31 1132
2.40 3.85 1108
2.90 8.04 1078
Table 22E

Data for Construction of NbC Solvus.

% wt fractlon Cumulative % Te:rp.(OC)
wt, fraction

0.0 8.51 1008
0.22 8.73 995
0.88 9.39 952
1.44 9.95 830
1.86 10.37 740
1.90 10.41 657
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Table 22F

Data for Construction of VC Solwvus.

% wt fractlon Cumulative % Tam.(OC)
wt, fraction

0.00 10.30 791
1.04 11.34 782
2.09 12.39 771
3.13 13.43 760
4.17 14.47 746
5.21 15.51 727
6.25 16.55 700
7.60 17.90 526
Table 22G

pata for the Co-precipltation curve of AIN and Nb(C,N)

% wt fraction New Phase Temperature (OC)

0.00 AIN 1246
1.30 AIN 1198
1.45 AIN 1183
2.76 No(C,N) 1154
3.31 No(C,N) - 1132
3.85 No(C,N) 1108
5.14 AIN 1108
8.04 No(C,N) 1078
9.54 AIN 750
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summary of Results for Az

Table 23A

T T Quantity % wt. Theoretlical wt %
Phase ssart alnlsh of Phase Fractlon of metal In
( C) ( C) precipltate
TIN 161471377 1247 0.00891 0.70 0.00690T| = 7
No(C,N) 1198 1063 0.0372 3.00 0.0291Nb
AIN 1181 741 0.01063 0.86 0.0070Al = 7
NoC 995 657 0.0202 1.63 0.017SNb,
ve 764 529 0.0528 4.25 0.0429V = 41
Fe.C 718 = 2 S0.0
3 100 100.0
Table 23B

Data for the Construction

of TIN Solvus.

% wt Fraction cumulative

Tem.(OC) Tsm.(OC) for
wt. fraction solid data

Data for Construction of Nb(C,N) Solvus.

llquld‘data
0.0 0.00 1614 1377
0.20 0.20 1675 1348
0.41 0.41 1520 1310
0.61 0.81 1419 1237
0.66 0.68 1363
0.70 0.70 1247
Table 23C

% wt fractlon Cumulative % Temp.(°C)

wt, fraction

0.00 0.70
0.80 1.20
1.24 2.68
1.76 4.92
2.37 7.19
3.00 12.34

1198
1181
1154
1132
1108
1063
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Table 23D

Data for Construction of AIN Solvus.

% wt fraction Cumulative % Temp.(°C)
wt, fraction

0.00 1.30 1181
0.12 1.42 1167
0.50 3.16 1138
0.61 7.80 1106
0.74 8.54 1089
0.80 9.34 1080
0.86 13.20 741
Table 23E

Data for Construction of NoC Solvus.

% wt fraction Cummulative % Temp.(°C)
wt, fraction

0.00 12.70 995
0.46 13.16 967
0.91 13.61 928
1.37 14.07 853
1.54 14.24 781
1.63 14.33 657
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Table 23F

Data for Constructlion of VC Solwus.

% wt fraction Cumulative % Temp.(°C)
wt, fraction

0.00 14.30 764
0.99 15.29 750
1.98 16.28 731
2.97 17.27 704
3.96 18.26 643
4.25 18.55 528
Table 23G

Data for the Co-precliplitation curve of Nb(C,N) and AIN

% wt fraction New Phase Temperature (OC)

0.00 No(C,N) 1198
1.30 No(C,N) 1181
1.42 AlIN 1167
2.68 No(C,N) 1154
3.18 AlIN 1138
4,92 No(C,N) 1132
7.19 Nb(C,N) 1108
7.80 AIN 1106
8.54 AlIN 1089
9.34 AIN 1080
12.34 No(C,N) 1063
13.20 AIN 741
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Table 24A

sumary of Results for As

Phase T T Quantity % wt. Theoretical wt %
6“”" ft'JnISh of Phase Fraction of metal In

(©C) (C) precipltate
TIN 1633/1390 1262 0.00891 0.70 0.00690TI = 7.5
AIN 1244 748 0.0178 1.39 0.01172A1 = 12.8
No(C,N) 1188 1062 0.0317 2.48
0.0431 Nb = 47.1
NBC 997 657 0.0207 1.62
ve 747 530 0.0368 2.88 0.0299 V = 32.6
Fe C 717 - 1.183 90.%94
3 1.279 100.0 100.0
Table 248

Data for the Constructlon of TIN Solvus.

% wt Fraction cumulative Tem-(OC) Tem.(OC) for
wt. fraction sollid data llquid data

0.00 0.00 1633 1390
0.20 0.20 1585 1462
0.41 0.41 1538 1323
0.681 0.61 1437 1250
0.66 0.68 1380
0.70 0.70 1250

Table 24C

Data for Construction of AIN Solvus.

% wt fraction Cummulative % Tenp.(OC)
wt, fraction

0.00 0.70 1244
0.54 1.24 1188
0.89 1.29 1181
1.19 3.88 1104
1.30 7.28 1086
1.39 11.15 748
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Table 24D

Data for Construction of No(C,N) Solvus.

% wt fraction Cumulative % Tenp.(OC)
wt, fraction

0.00 1.24 1188
1.00 2.29 1147
1.50 2.79 1125
2.00 5.98 1099
2.30 9.58 1081
2.48 9.76 1062
Table 24E

Data for Construction of NoC Solwvus.

% wt fractlon Cummulative % Term.(OC)
wt, fractlon

0.00 10.10 897
0.44 10.54 969
0.88 10.98 930
1.50 11.60 860
1.69 11.69 713
1.62 11.72 657
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Table 24F

Data for Constructlion of VC Solvus.

% wt fraction Cumulative % Te:m.(OC)
wt, fractlion

0.00 11.69 747
0.48 12.17 737
0.88 12.65 727
1.44 13.13 712
1.93 13.62 695
2.41 14.10 665
2.88 14.57 530
Table 24G

Data for the Co-preciplitation curve of AIN and Nb(C,N)

% wt fractlon New Phase  Temperature (°C)

0.00 AIN 1244
1.24 AIN 1188
1.29 AIN 1181
2.29 No(C,N) 1147
2.79 No(C,N) 1125
3.98 AIN 1104
5.98 No(C,N) 1099
7.28 AIN 1086
9.58 No(C,N) 1081
9.78 No(C,N) 1062
11.15 AIN 748
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sumary of Results for A,

Table 25A

Phase T T Quantlty % wt. Theoretical wt %
gtart fANIsh e phase Fraction of metal In
( C) ( C) precipltates
TIN 1889/1564 1362 0.0438 3.47 0.0269 Tl = 29
NoC 1082 651 0.0484 3.84 0.0429 Nb = 37
TIC 1075 729 0.0500 3.97 0.0400 Tl = 34
Tl = 63
Fe.C 718 - 1.1169 88.70
3 100.00 100.00
Table 258

pata for the Constructlion of TIN Solvus.

o wt Fractlion

cumulative

Temp. (°C)

Temp. (OC) for

wt. fraction solld data | lquid data
0.00 0.00 1889 1564
0.70 0.70 1846 1536
1.40 1.40 1798 1530
2.11 2:11 1734 1502
2.81 2.81 1643 1460
3.16 3.18 1566 1397
3.18 3.18 1530 1343
3.47 3.47 1362 1195

Table 25C
Data for Construction of NoC solvus
% wt fraction Difference In Cumulative Temp. (%)
% wt fraction % wt fractlion

0.00 0.00 3.47 1082
0.134 0.134 3.604 1075
0.654 0.52 4.6186 1060
1.102 0.448 5.565 1044
1.550 0.448 6.505 1025
1.598 0.448 7 .453 1003
2.445 0.447 8.392 977
2.896 0.451 9.343 943
3.341 0.445 10.281 892
3.840 0.499 11.28 651
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Table 25D

Data for constructlion of TIC solvus

% wt fraction Difference In Difference In Cumulatlve Temp.(OC)
% wt fraction % wt fraction

(TIC) (NoC)
0.00 0.00 0.00 3.604 1075
0.492 0.501 0.52 4.096 1062
0.993 0.492 0.448 5.117 1050
1.485 0.500 0.448 6.057 1035
1.985 0.492 0.448 7.005 1018
2.477 0.500 0.447 7.945 997
2.977 0.493 0.451 8.892 969
3.470 0.500 0.445 9.836 926
3.970 o] 0.4989 10.781 729

Table 25E
Data for the Construction of (NbTI)C solvus
Cumulative % wt fraction Temperature (OC)

3.47 1082

3.60 1075

4.10 1062

4.62 1060

5.12 1050

65.57 1044

6.08 1035

8.51 1025

7.01 1080

7.45 1003

7.95 997

8.39 977

8.89 869

9.34 943

9.84 926

10.28 892

10.78 729

11.28 651
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Table 26A

sumary of Results for A5

Phase T T Quantlity % wt. Theoretical wt %
3““ fé“'s" of Phase Fractlion of metal In

( Q) (C) preclpltates
TIN 1812/1512 1046 0.0477 3.51 0.03693 Tl = 43.5
NOC 1093 657 0.0541 3.98 0.04792 Nb = 56.5
Fe.C 716 - 82.5
3 - 100.00 100.00
Table 26B

Data for the Constructlion of TIN Solvus. .

% wt Fraction cumulative Temp.(%c) Temp.(%c) for
wt. fraction solld data llquld data

0.00 0.00 1812 1512
0.19 0.18 1798 1503
0.87 0.67 1762 1478
1.14 1.14 1720 1450
1.82 1.62 1671 14186
2.08 2.08 1612 1375
2.57 2.57 1536 1321
3.04 3.04 1420 1238
3.98 3.98 1046
Table 26C

pData for Construction of NoC Solwvus.

% wt fraction Cumulative % Taro.(OC)
wt, fraction

0.00 3.580 1083
0.25 3.75 1086
0.66 4.16 1073
1.08 4.58 1059
1.80 5.00 1044
1.91 5.41 1026
2.33 5.83 1005
2.74 6.24 979
3.18 6.68 944
3.57 7.07 890
3.98 7.48 657
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Table 27A

sumary of Results for Ae

Phase T T Quantity % wt. Theoretical wt %
sgart  f4ISN of phase Fraction of metal In

(O (C precipltates
TIN 1784/1493 1205 0.03475 2.58 0.0269 Tl = 36.3
Nb(C,N) 1189 1083 0.0332 2.48 0.0253 Nb
= 67.7
NoC 1011 657 0.0240 1.78 0.0213 Nb
Fesc 716 = 1.257 93.18

Table 27B
Data for the Construction of TIN Solvus.

% wt Fraction cumulative Tero.(OC) Temp.(OC) for

wt. fractlon sollid data llquld data
0.00 0.00 1784 1493
0.19 0.19 1769 1483
0.67 0.67 1727 1455
1.15 1.15 16877 1420
1.63 1.63 1615 1377
2.11 2.11 1525 1314
2.68 2.58 1205
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Table 27C

Data for Constructlion of Nb(C,N) Solvus.

% wt fraction Cumulative % Temp.(oc:)
wt, fractlon

0.00 2.58 1199
0.38 2.96 11886
0.86 3.44 1168
1.34 3.92 1148
1.82 4.40 1127
2.29 4.87 1104
2.48 5.08 1083
Table 27D

Data for Construction of NbC Solvus.

% wt fractlon Cummulatlive % Temp. (°C)
wt, fraction

0.00 5.06 1011
0.12 5.18 1005
0.54 5.60 979
0.85 6.01 944
1.37 6.43 830
1.78 6.84 657
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Table 28

varlation of theoretlcal excess Al with sample.

sample Avallable Al (wt %) Excess (free) Al (wt %)
A 0.024 0.024
P\ 0.038 0.018
Al 0.030 0.023
Ag 0.037 0.025
A 0.054 0.054
A4 0.056 0.056
Ag 0.048 0.048

= = Total amount of Al avallable for AIN precipltatlion.

Table 23

varlation of theoretical % Pearllite with sample.

Sample % Pearllte Pearliite Dllutlon
A 10.6 0.70
AS 8.4 2.9
‘“2 9.3 2.0
Aa 9.7 1.6
A4 9.3 2.0
A 10.5 0.8
Ag 10.5 0.8
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FIGURE-1. The Potential of Certain Metals to Form Oxides,

sulphides, Carbides, and Nitrides and their Precipitation
strengthening Potential (Arranged Similar to the Periodic
Table) (37).
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FIGURE-3. Pipeline Trends and Required Line Pipe(171).
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FIGURE-S The Effects of Aluminium and Nitrogen on The

Impact Transition Temperature of Low Alloy High Strength
steels Comprising Ferrite-Pearlite Structures(31)
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FIGURE-6. The Dependence of Precipitation Strengthening on
Precipitate Size (X) and Volume Fraction According to The

Ashby-Orowan Model, Compared with Experimental Observation
for Given Microalloying Addition (90).
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FIGURE-7. Effect of Initial Austenite Grain Size,Rolling
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Austenite Grain Size in Nb Treated HSLA Steel (28).
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FIGURE-8. Solubility Relationships For microalloy Carbides
And Nitrides (66).- '
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FIGURE-9. Retardation of Austenite Recrystallisation by
strain Induced NBC Precipitation During hot Rolling (28).
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FIGURE-10. Effect of Volume Fraction and Size of Particles

on Austenite Grain Size Using The Gladman Model for Grain
Boundary Pinning (66).
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FIGURE-11. Dependence of Austenite Grain Boundary Surface
Area Per Unit Volume (Sv) on The Initial Austenite Grain Size
and The Strain Below The Recrystallisation Temperature(66).
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FIGURE-12. Effect of State of Austenite Recrystllisation on

The Relationship Between The Austenite Grain Size and The
Transformed ferrite Grain Size(28).
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FIGURE-13. Dependence of Transformed Ferrite Grain Size on
The Initial Austenite Grain Size and The Rolling Strain Below
The Recrystallisation Temperature(66).
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FIGURE-17.. Schematic representation of H.1.C(168).

FIGURE-18. Schematic representation Or SSCC(168).
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FIGURE-19. Synthesis of Current HE Theories(137).

-221-




The fallowing parameters are used lo measure HIC by the
metallographic method

\ Ia
Crock Length Ratio  (CLRI = T 100
Crack Thickness Ratio (CTR) = ..NLD_T « 100

' . Las<b
Crock Sensitvity Ratio (CSR) = e 100
¥ = number of sections

W
]

1 .

i

“‘z-;if__:___% |
P K3

A crack 1s considered fo be a single crack if segments are
separated by no more than 0.5mm

FIGURE-20. Measurement of HIC(48).
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FIGURE-21.

Schematic Representation for Effect of Ca:S
Ratio on HIC Resistance (161).

FIGURE-22. The Furnace Assembly.
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FIGURE-23 Sampling Locations for Chemical Analyses
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FIGURE-24. Sulphur Prints Showing Minimum Segregation
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FIGURE-25. Unetched Microstructure Showing Non Metallic
Inclusion Morphology and Distribution in Sample A4.(X420)

FIGURE-26. Lath Martensite Structure of Sample A4 Quenched
from The Rolls Showing some (TiNb)NC Cuboids. (X420).
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FIGURE-27A. Microstructure of The Base Steel Rolled at
1250°C Showing Ferrite and Pearlite.(X420).

FIGURE-27B. Microstructure of The Base Steel Rolled at
900°C Showing Relatively Finer Ferrite Grains.(X420).
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FIGURE-27C. Microstructure of Steell Rolled at 1250°C
Showing Ferrite and Pearlite.(X420).

FIGURE-27D.  Microstructure of Steell Rolled at 900°C
Showing Ferrite and Pearlite.(X420).
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FIGURE-27E. Microstructure of Steeld4 Rolled at 1250°C

Showing Ferrite and Pearlite,But Finest Ferrite Grains Relative
to Others.(X420).

FIGURE-27F.  Microstructure of Steeld4 Rolled at 900°C
Showing The Same Ferrite and Pearlite.(X420).
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FIGURE-28BA. Fracture Surface of Sample Bl(stress Relieved)
Showing Transcrystalline Brittle Fracture

FIGURE-28B. Fracture Surface of Sample C3 (As Rolled)
Showing Ductile Fracture.
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FIGURE-29. SEM Concentration Profile of Al Content in a Non
Metallic Inclusion.

FIGURE-30A. Precipitate Morphology and Distribution in
Sample Ao (Carbon Extraction Replica) X25K.
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d 25135

FIGURE-30B. Precipitate Morphologies and Distribution in
Sample Al(Carbon extraction Replica) X25K.

FIGURE-30C. Precipitate Morphologies and Distribution in
Sample A4 (Carbon Extraction Replica) X25K
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FIGURE-30D. Electron Diffraction Spots of Sample A4(XS0K)
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FIGURE-30E. Solution to Electron Diffraction Pattern of
Sample A4.
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FIGURE-30F. Stereographic Projection Showing the Zone AXis.

FIGURE-31. The Diagram of HIC Experiment.
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Fig.32(a).Variation of Y.S with 2 elongation , rolled at 1250°C.
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Fig.32(b).Variation of UTS with & Elongation , rolled at 1250°C.
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Fig.32(c).Yarfation of .S with ZRA , rolled at 1250°C.
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Fig.32(d).Yerfation of UTS with ZRA, rolled at 1250°C.
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Fig.32(f).Yariation of UTS with Fracture Strain, rolled at 1250°C.
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Fig.33(c).Yariation of Y.S with RA(Z),rolled at 1100°C
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Fig.33(e).Yariation of Y.S with Fracture Strain,rolled at 1100°c
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Fig.33(f).Yariation of UTS with Fracture Strain,relled at 1100°c

300 320 340 360 380 400 | 420
Y.S(MPa)
Fig.33(g).Yarlation of UTS with Y.S,rolled at 1100°C
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Fig.34(g).Yariation of UTS with Y.S, rolled at1000°C
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Fig.35(d).Yariation of UTS with BRA , rolled at 900°C.
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Fig.35(e).Yariation of Y.S with fracture strain,rolled at 900°C.
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Fig.35(1).Yariation of UTS with fracture strain,rolled at 900°C.
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Fig.36(c).Yarfation of YS with ZRA, A-Series, stress relieved
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Fig.36(e).Yariation of YS with Fracture strain, A-Series, stress relieve:
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Fig.37(d).Variation of UTS BRA, B-Series, stress relisved
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Fig.37(e).Yariation of YS with Fracture strain, B-Series, stress relleved
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FIGURE-40A(1). Base Steel Soaked at 1250°C and Water
Quenched Showing Insoluble Dense Ti Rich Precipitates and
Less Dense Soluble Precipitates. X10K

FIGURE-40A(2). Base Steel Soaked at 12S0°C , Rolled
(20%,1Pass) and Water Quenched Indicating an Increase in
Number of Dense Precipitates. X10K
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FIGURE-40B(1). Steel 4 Soaked at 1250°C and wWater Quenched
Showing Denser Insoluble Precipitates Compared with The Base
Steel. X10K.

FIGURE-40B(2). Steel 4 Soaked at 1250°C,Rolled (20%, 1Pass)
and Water Quenched Indicating Apparently No Significant
Difference to The Above. X10K.
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FIGURE-41A(1). Base Steel Soaked at 1250°C, Rolled
(20%,1Pass) and Water Quenched , Reheated at 1250°C and
Water Quenched. X10K.

FIGURE-41A(2). Base Steel Soaked at 1250°C, Rolled
(20%,1Pass) and Water Quenched, Reheated at 1250°C, Rolled

(23%,Pass No.2) and Wate::2 505uenched. X10K.




FIGURE-41B(1). Steel 4 Soaked at 1250°C, Rolled (20%,1Pass)
and Water Quenched, Reheated at 1250°C and Water Quenched.
X10K. :

FIGURE-41B(2) Stee! 4 Soaked at 1250°C ,Rolled (20%, 1Pass)
and water Quenched ,Reheated at 1250°C,Rolled (23%,Pass No.2)
and Water Quenched. X10K.
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FIGURE-42. Steel 4 Soaked at 1250°C and Rolled at S00°C
Showing Copious Precipitates in The Vicinity of Prior
Austenite Grain Boundary. X25SK.

FIGURE-43. A Section of Single HIC in Steel 4,Soaked at

250°C ,Roileda (20%, | Pass) and water Quencnheq. R27/.
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APPENDIX

THE CALCULATION OF EMBURY TYPE DIAGRAM FOR ALLOY A_ USING
moper, 1 (107)

Chemical analysis of steel (wt%)

c 0.09, Nb 0.042, Ti 0.007, V 0,009, A1 0.030, O 0.0051,
N =0,0070

For this alloy, it is assumed that the. precipitation sequence

iB TiN’ Tic’ AlN] Nb(C,N), NbC, VN' VC’ FEBC

Precipitation temperatures for these compounds are established

from their solubility product data over a wide temperature

range.

TiN

For TiN, using Narita's derived solid datatea) giving

log(we %¥Ti x we%N) = -22290 4 3.9; T is in &

i,e. 1log 0,007 X 0,007 = - 15%99 + 3.9

Start precipitation temperature, T

1586°¢C

However, using his practical equilibrium liquid data

log 0.007 X 0.007 = - 18386 . 5 4

T = 1352°

It can be seen that the solid data gives a temperature in

the liquid state, whereas the liquid data gives a temperature
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for solid precipitation. This cannot be resolved and therefore,

the solvus for TiN is plotted on each diagram for both sets

of data.

The intermediate temperatures for TiN are given in Table 21B

e.g. for 0.005%Ti and 0.0064 %N, the temperature is given by:

log 0.005 X 0.0064 = - 13200, 3.9, o = 1538°%
or, using the liquid data:

log 0.005 X 0.0064 = - 18386 , 5,49,

1323°%

The ratio of titanium to nitrogen in this alloy (1.0) is less
than the Stoichiometric Ratio (SR=3.43) and therefore, all
the titanium is used up to produce titanium nitride.

Let it be assumed that the final titanium content left after

TiN is finished precipitating is 0.0001%

N left at Ti = 0.0001% is given by

0.0069 . 14 -
N 0,007 - =722= X = 0.0050 %

Then TiN finish temperature is given by:

log 0.0001 X 0.0050 = - 15%00 +3.,9; T = 1217°
The quantity of TiN formed = O‘OOSEX62 = 0.00891 %
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AlN

Before this calculation can be done it is necessary to
correct the aluminium for the alumina likely to be present,
taking oxygen content as a measure of this alumina present,

then the aluminium left for nitride formation is given by:

%Al - %g-%o viz (0.03 - 0.0051 X 2—3)% = 0.02426 %

. 6770 . (87)
The solubility product of AIN is log(%Al X¥%N) = - = # 1.03

The start precipitation is given by:

log 0.02426 X 0.0050 = - 9%29 + 1.03

- o 5 .
T = 1096°C ,assuming N_, .., is 0.0050%

Nb(C,N)

A similar calculation for the precipitation of Nb(C,N) can be

made assuming N_, ... = 0.0050 and the solubility data is

given by

12 - _6770
1og [(%Nb) (%C+ -1-‘-}%1\1;_\ T+ 2.26 (87)

i.e log [(0.042) (0.09 + 0,0050 x 12) = - 8770, 5 5

T = 1179

Because the start precipitation temperature of Nb(C,N) is
1179°C and that for AIN is 1096°C it would seem that there

is a probability of co-precipitation of these two phases
below 1096°C.

To determine the N remaining at 1096°C after Nb has precipit-
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ated Nb(C,N) it is assumed that the nitrogen removed is n%

leaving (0.005 - n)% for co-precipitation.
93n 12n _ 12 - _ 8770
Then 1log BNb.- -1—4) (C ~ 32 * 14 (N-nﬂ = 1369 * 2.26

Taking antilog

0.00206

If Nb = 0.042, C = 0.09 and N = 0.005,

Then (0.042 - 6.643n) (0.09 -~ 0.857n + 0.00428 - 0.857n) =

0.00206
(0.042 - 6.643n) (0.09428 - 1.714n) =  0.00206
11.386n2 - 0.69829n + 0.00396 = 0.00206

i.e  11.386n2 - 0.69829n + 0.0019 = 0

. = 0.69828 * (0.48761 - 0.08653¢

23,772

0.69829 * 0.63331 _ 0.06498
23,772 T 23,7172

n = 0.0029% ,since the other root does not satisfy the

original equation.

Thus, the Nb left at 1096°C

(0.042-6.643%X0,0029) = 0.0227%
N 1left at 1096

0.005 - 0.0029 = 0.0021%

0.09 - 12 5 0.0029

C 1left at 1096 1 e I 0.0875%

The start temperature for AlN precipitation is given by

log 0.0243 X 0.0021 = = 5%59 +1.03

T = 999°%C (= 1000°C)
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If it is assumed that T =1000°C (1273K) then the Nb(C,N)

precipitation calculation becomes:

log (0.042-6.643n,)(C-0.857n,+0.857N-0.857n,) = - 8770 + 2.26

At T= 1273K(1000°C), N=0.005, Nb=0.042, C=0.09

log (0.042-6.643n,)(0.0942-1.714n;) = - 6770 , 3,26

Taking antilog and simplifying

11.3asnf - 0.69829n, + 0.00396 = 0.000875

i.e. 11.3aanf - 0.69829n, + 0,003085 = O
nf - 0.06133n, + 0.00027 = O
_ . 0.06133 * (3.761 x 1073 - 1.08 % 1073

1 2
0.06133 ¥ 0.05178
2
real value of n1 = 0.0048

Thus, the Nb left at 1000°C (0.042-6.643X0.0048) = 0.0101 %

the N 1left at 1000°C

0.005 - 0.0048 = 0.0002%

the C 1left at 1000°C = 0.09-—%%}{942839 = 0.0859 %

The quantity of Nb(C,N) formed = g;g%égzllg = 0.0408 %

Since the nitrogen left for AlIN formation is 0.0002%, the

AlN precipitation temperature is given by:

log 0.0002 X 0.0243 = - 9%}9 +1.03

T = 794%
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Thus, it would seem that A1N would not form. To check, it is

assumed that N 0.0001 %

Therefore, Nb(C,N) finish precipitation temperature is

given by
log (0.0101)(0.0859 + 0.0001 X -}%) = -89 4 2.2
T = 999°C

Therefore, NO A1N IS FORMED because the nitrogen has all been

used up.

NbC

The solubility relationship is given by:

log (%Nb.%C) = - ZE’%’.Q + 3.42 (88)

Upon substitution of Nb=0.0101 and C=0.0859%, the start

precipitation temperature is:

log 0.0101 X 0,0859 = - Z%§9 + 3.42
T = 946°C
0.0101 _ .
Since Nb/C 00858 - 0.12 is the S.R. (7.75

all the Nb is consumed. (Finish Nb is 0.0001 %)
The amount of NbC formed = 2:9100 ¥ 165 =

Excess C = 0.0859 - 04%1 e 11—2 = 0.0846 %

NbC finishing temperature is given by:

log 0.0001 X 0.0846 = - 2922 4 3 47

T = 657°C
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ve

The solubility relationship is given by:

1°g (%Vc %C) = - .95%']. BN 6.72 (88)

The start precipitation temperature is given by:

log 0.009 X 0.0846 = - 9%90 + 6,72

T = 693°

Since this temperature is lower than the calculated austenite
to ferrite transformation of 717°C (Table 18), it is unlikely
that any VC was formed and this was confirmed by the STEM -
EDAX analysis where no V was detected. This behaviour of V

at such a low (trace) level contrasts sharply with comparable
Ti levels.

Since the finish precipitation temperature of NbC is less
than the calculated austenite to ferrite transformation

temperature of 717°c, therefore the percentage of carbon used

up between 946°C and 717°C is given by:

93c _ _ 7900

ife (0.0101 - 7.75C) (0.0859 - C) 2.7555 X 10~>

7.75¢% - 0.6758C + 8.6759 X 10”3 2.7555% 10”2

7.75¢% - 0.6758C + 8.4003 X 10~4 0

2

c® - 0.0872C + 1.0839%x10™%

I
o
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= _as
c = 0.0872 ¢t (7.6038 x 1073 - 4.3356 x 1079
2
_ 0.0872 t 0.0847
2

real value of ¢ = 0.0013%

C remaining at 717°c = 0.0859 - 0.0013 = 0.0846 %
Nb used up = 0—"1’—219-:{93 = 0.0100%

the whole of Nb is used up before the start of austenite

to ferrite transformation.

Cementite (Fe,C) formed = 0'01846 X 11820 = 1.269%

For a hypo eutectoid steel, % pearlite = 0'008846}{1?0 = 10.6%

Pearlite without microalloys = 00.089 X 1(;0 = 11.3%

Deficit due to microalloys = 11.3 - 10.6 = 0.7

% dilution of pearlite = 101'——13 x_l_c1>_q = 6.20

This last calculation shows that the bulk of the carbon

exists as cementite (Feac).

The generation of the data for the construction of the differ-
ent 'C' curves involved the calculation of the intermediate
temperatures and percentage weight fraction of precipitates,
and the results summarised in Tables 21A - 21D and Embury

type diagram is shown in Figure44 . This style was adopted

for steels Al to Ag and the solvus type diagrams are shown

in Figuresas - 50Q.
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